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The 1959 Institute of Metals Division Lecture 


The Effects of Irradiation upon Metals 


The information concerning the generation and the properties 
of the point imperfections (vacant lattice sites and imperfections) 
in the noble metals, particularly copper, which is gained from the 


studies of the effects produced by bombardment is surveyed. It 
is pointed out that the studies have now reached a stage at which 
it can be stated with considerable assurance that interstitial 
atoms migrate at temperatures well below that of liquid nitrogen 
with activation energies near 0.1 ev. Lattice vacancies can be 
generated with less energy under equilibrium conditions; how- 
ever, their activation energy for motion is nearer 0.75 ev. The 
major part of the effects observed to date in pure monatomic 


metals at present appears to be ascribable to interstitials and 


vacancies. 


Metats are noted for a number of essentially 
unique properties among which the most outstand- 
ing are mechanical toughness and high thermal and 
electrical conductivity. These properties, taken in 
conjunction with the fact that the vast majority of 
pure elements are metallic in solid or liquid form, 
guaranteed from the start that the metallurgist 
would play a central role in the design of nuclear 
reactors. In fact, the first reactors which were 
built for useful purposes contained metallic con- 
stituents as an integral part. Thus, the great re- 
actors constructed at Hanford during the war to 
provide plutonium contained fuel elements of pure 
metallic uranium which were encased in aluminum 
jackets and were situated in water-bearing tubes of 
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cooling tubes in a typical reactor undergo prac- 
tically no changes even when maintained near room 
temperatures, whereas graphite undergoes exten- 
sive changes even when maintained at several 
hundred degrees above room temperature. Gen- 
erally speaking, the changes in properties produced 
by irradiation seem to be less harmful or to re- 
verse more rapidly at a given temperature in metals 
than in nonmetals. 

It should not be inferred from the example of 
aluminum quoted above that all metals are almost 
unaffected under all circumstances. Indeed, the 
situation for aluminum is somewhat of an excep- 
tion. Most metals undergo observable changes if 
used under conditions in which their excellent me- 


aluminum. It is true that the moderator, used to chanical properties are near optimum in the early 
slow down the neutrons, was made of graphite which stages of operation. For example, the transition 
is a semimetal; however, it is safe to conclude that temperature in typical steels, determined by im- 
if any metallic element possessing sufficiently light pact on a notched specimen, may be increased ap- 
atoms had been available in appropriate quantity and preciably® as a result of irradiations near room 
quality it would have been used in place of graphite. temperature. In most cases the effects of irradia- 

The extensive experience on reactor operation tion reverse as rapidly as they are induced only 
which has been gained over the past fifteen years when the materials are held well above room tem- 
has shown, indeed, that metals will remain an in- perature during irradiation. In some cases, such 
herent part of reactor systems. In the main,’ they as that of tungsten, the reversal appears to be . 
retain their properties more nearly unchanged than negligibly slow near room temperature. This fact k 
other materials when subject to the various radia- has been used to advantage in a series of funda- . 
tions which occur in reactors. It is true that a mental studies by Smoluchowski’* and his colleagues. ’ 
metallic element which is the seat of fission may 
undergo extensive changes in dimensions and me- THE BASIC PRINCIPLES OF IRRADIATION E 
chanical properties; however, no other type of Although much important practical information 
material appears to be able to withstand this wi regarding the behavior of materials under irradi- ir 
traordinary type of inter nal tr ansfor mation with ation can be obtained only by exposing technically is 
comparable ability under similar circumstances. interesting specimens to typical environmental ee 
Thus, on the most favorable side, the aluminum conditions within reactors, there is a limit to the yi 

FREDERICK SEITZ, Member AIME, is Head, Department of Physics, | amount of basic information which can be obtained m 
University of Illinois, Urbana, Illinois. IMD in this way. Soon after the war the study of the in- w 
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fluence of radiation upon materials divided along 
two broad lines—those tests which simulate actual 
operating conditions as closely as possible and 
those which are designed to reveal as much as 
possible about the underlying mechanisms. The 
present paper deals almost exclusively with the 
second type of study, following in fact a path which 
has been chosen by a relatively small group of 
chemists, metallurgists, and physicists working 

in academic, national, and industrial laboratories 
in the various nations which have significant groups 
concerned with the field of solid-state science. 
Working both in unison and in friendly competition, 
the investigators have emerged with a partial pic- 
ture of the course of events surrounding irradiation 
of the relatively pure noble metals which merits 
presentation at this time even though many critical 
issues are not resolved and remain to be investi- 
gated. The writer and his colleagues at the Uni- 
versity of Illinois had the privilege of participating 
in this work essentially from the beginning and in 
formulating some of the principles which seem to 
be interwoven irreversibly into the growing body of 
knowledge. 

An indispensible component of the typical irradi- 
ation system is an incident stream of radiation. 
Most of the early work was concerned with neutron 
irradiation and, in fact, some of the best fundamen- 
tal research in the field, such as that under way at 
Oak Ridge, Argonne, and Brookhaven National Lab- 
oratories still employs the fast fission neutrons 
obtained near a fuel element. It was pointed out by 
Yockey and Parkinson’ soon after the war that it 
should be possible to approximate the effects of 
relatively long neutron irradiation in available 
reactors by bombarding materials with the particle 
radiations from accelerators for periods of the 
order of a day. The circumstances surrounding 
the irradiation are somewhat different in the two 
cases, but it should be possible to isolate related 
effects. Recognition of the broad usefulness of 
accelerators in irradiation studies brought with it 
a wide extension of the program of study. By 1950 
parallel work was underway in a number of lab- 
oratories using neutrons, protons, deuterons, 

a particles, and electrons. The ranges of penetra- 
tion are such that it was convenient to use particle 
energies in the neighborhood of 10 million electron 
volts which are of the type produced by the accel- 
erators developed prior to 1945. 

The neutrons, being uncharged, interact primarily 
with’ the nuclei of the solid and transfer energy by 
knocking atoms out of position in the lattice. The 
average energy E, received by a knocked-on atom 
is related to that of the neutron E by the equation® 


2AE, 
(1) 


in which A is the atomic weight of the nucleus which 
is struck. Thus E, is approximately 0.031£, in the 
case of copper. If E, is near 1 million electron 
volts, a typical value for a fission neutron, this is 
much larger than the energy of a few electron volts 
with which the atom is bound in its position in the 
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lattice. Thus, the primary displaced atom with 
which the neutron collides has sufficient energy to 
knock many others out of place in such a case. 

A charged incident particle such as a proton, 
deuteron, a particle, or electron interacts strongly 
with the electrons moving about the nuclei of the 
material and transfers most of the energy it gives 
to the solid in transit to these electrons (about 
99.9 pet). The excited electrons produced in this 
way are not sufficiently energetic to knock atoms 
out of place by direct impact, having energies of the 
order of 10 electron volts. They may produce sec- 
ondary changes in insulating crystals similar to 
those produced by irradiation with ultraviolet light. 
They seem, however, to have no effect whatever in 
typical metals. At least there is no direct evidence 
to date to support the view that they influence the 
metals more than mild local heating would do. 

Occasionally one of the charged incident particles 
may come sufficiently close to a nucleus to transfer 
an appreciable amount of energy as a result of the 
coulombic interaction. The distribution of the col- 
lisions, which can be calculated with considerable 
accuracy, is such that the probability that the nu- 
cleus will obtain an energy E varies as 1/E°. 

Thus, there are many more collisions in which the 
nucleus receives a small amount of energy than a 
large value. The average energy transferred is of 
the order of 0.1 ev for a wide range of materials. 

A small fraction of the nuclei struck in this way will 
gain sufficient energy to leave their normal posi- 
tions in the lattice permanently. The mean energy 
gained by this special class of struck atom is given 
by the expression® 


E, = Ey log [2] 


Here £, is the energy which the nucleus must re- 
ceive if the atom is to be knocked out of position, 
and E,, is the maximum energy the incident particle 


could transmit in a head-on collision with the nu- 
cleus, namely 


4M,M,E 


in which Ep is the energy of the incident particle, 
M, is its mass, and M, is the mass of the nucleus. 
The logarithmic coefficient in [2] is between ten and 
fifteen in typical cases in which the incident particle 
is a proton, deuteron, or a particle, so that the pri- 
mary displaced atom would have sufficient energy 
to knock out between ten and fifteen other atoms in 
the optimum case. A careful analysis using a sim- 
plified model shows that it actually knocks about 
five additional atoms out of position on the average. 
These are designated secondary displaced atoms. 
The minimum value of the energy Ey, needed to 
displace an atom from its normal position perma- 
nently undoubtedly depends upon the direction in 
which it moves as a result of the collision, pre- 
sumably being lower when it can move between a 
group of neighboring atoms rather than directly 
toward one. In fact, one may expect Ey, to vary over 
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Fig. 1—Schematic representation of the probability that an 
atom is ejected permanently from its normal site as a 
function of the energy it receives. There is a threshold 
energy £, below which the atom will not be ejected. The 
probability rises toward the value unity at sufficiently high 
energies. The energy £, corresponds to the point of maxi- 
mum slope, £, to the energy at which probability is sen- 
sibly 1. £(1/2) is the energy at which F£ equals one-half. 
E(1/2) and E, are equal if the curve is antisymmetrical 
about the point £(1/2). 


a range of values. Hence, if a typical atom receives 
an energy E in an arbitrary direction, the probabil- 
ity that it will be knocked out of place permanently 
should vary as a function of E more or less in the 
manner shown in Fig. 1. The probability is zero 
for low values of energy. In this range the atom 
merely oscillates about its equilibrium position. 
The probability rises with a slope that starts at the 
value zero and then bends over to the maximum 
value of unity at energies sufficiently high that any 
atom which is struck is essentially certain to be 
knocked out of position. The shape given is quali- 
tative and has not been determined quantitatively in 
any case. It is convenient, although probably much 
too simple, to replace the curve of Fig. 1 with that 
of Fig. 2 which corresponds to a sharp transition at 
the energy Ez in many calculations. This is the 
curve which we would expect if the energy required 
to knock an atom free were independent of direction 
and if the probability of ejection jumped from zero 
to unity for a sharply defined energy E,;. This ap- 
proximation may be fairly accurate in the case of 
the close-packed metals and less so in the more 
open lattices such as those of diamond (or silicon 
and germanium) and graphite. The best values of 
E, to use when the energy of the primary atom is 
large compared to E, appear to be in the vicinity 
of 25 ev. 

The electron, having a mass equal to 1/1836 times 
that of the proton, is much lighter than any of the 
other particles used for bombardment. Thus, the 
ratio E,,/E, given by Eq. [3], that is, the ratio of 
the maximum energy the struck nucleus may re- 
ceive and the energy of the incident electron, is 
relatively small, being several thousand times 
smaller than the values for heavier particles with 
the same value of Ep. In a typical solid such as 
copper, the value of the incident energy of an elec- 
tron for which E,, is near Ey, that is, near 25 ev, 


356—VOLUME 215, JUNE 1959 


is of the order of 0.5 million ev. It follows that it 
is possible to choose an electron beam with an 
incident energy which is in a convenient range to 
achieve and which has the characteristic that the 
primary displaced atoms have just sufficient energy 
to produce a secondary under the most optimistic 
conditions. This was pointed out first by M. Mills.” 
The principle has been employed to determine the 
threshold energies needed for producing primary 
displaced atoms. 

In a typical and ideal threshold measurement, a 
specimen is irradiated with a beam whose energy 
can be varied. The changes in physical properties 
such as the electrical resistivity are observed. 
Normally the resistivity of a pure metal is in- 
creased as a result of bombardment, the increase 
providing a measure of the change in the lattice. 
The variation of resistivity per unit number of 
bombarding particles is observed at a sequence of 
energies, and the result is plotted as a function of 
energy. The resulting curve may be expected to 
vary in the manner shown in Fig. 3 for various 
practical reasons. It starts from zero at low en- 
ergies along a curve with a ‘‘foot.’’ Evidently the 
energy for which the slope begins to deviate from 
zero is the true threshold for the process in the 
specimen. The accuracy with which it can be de- 
termined depends upon the sensitivity of the meas- 
urement and measuring system. One factor 
contributing to the presence of the foot is the 
circumstance that the incident beam is scattered 
and retarded in the target. Hence, atoms are dis- 
placed permanently from position only in a thin 
surface layer of the specimen on the side of the 
entering beam at the actual threshold energy. 
Several additional factors usually enhance the 
effect. 

The threshold energy would be FE, if the curve 
governing the probability of displacement had the 
step-like form shown in Fig. 2. Since the curve 
actually has the form shown in Fig. 1, it is clear 
that a highly refined measurement of the threshold 
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Fig. 2—An approximate form of the curve of Fig. 1 com- 
monly used for discussion and for semiquantitative pur- 
poses. In this case P jumps from zero to unity at the en- 
ergy E,. This curve would be rigorously valid if the atom 
were held in a single potential trough which had the same 
height in all directions. 
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energy actually would determine an energy near the 
point E, in the figure, whereas a less sensitive 
measurement would provide a value nearer the 
point E, at which the function has its maximum 
slope. The point E, is closer to the practical value 
which should be used for E, if the struck atoms re- 
ceive a wide range of energies than is the true 
threshold point E,. Hence, the curve of Fig. 2 is 

a good approximation. 

Corbett, Denney, Fiske, and Walker® have made 
the most detailed analysis, based on experiment 
and theory, to determine the threshold energy in 
any metal. Their experiments involved copper 
foils cooled to liquid-helium temperature and em- 
ployed electrons lying in the range from 0.7 to 
1.4 Mev. The lower limit actually lies well above 
the foot of the true threshold energy (point EF, in 
Fig. 1) so that their analysis has an indirect char- 
acter. They assumed that the curve of Fig. 1 de- 
scribing the probability of ejection is ‘‘antisym- 
metric’’ about the point where it reaches the value 
’/, and assumed various forms of this antisymmetric 
curve ranging from the step-like function of Fig. 2 
to functions with a more varied slope. The latter 
cases included curves in which the ratio of the 
energies E, and E£, in Fig. 1 is in the neighborhood 
of 2.5. They found, for the range of energy of in- 
terest in their work, that the most important energy 
is that associated with the point at which the proba- 
bility is 0.5. The experiments could not distinguish 
between the various curves with the same value of 
this energy, which we shall designate E(’/2). The 
best value of this quantity was found to lie in the 


range 
E("/2) = 22 +3 ev [4] 


The electron which transmits 22 ev to a copper atom 
in the most favorable collision has an energy of 
0.45 Mev. One of the greatest weaknesses of this 
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Fig. 3—Schematic form of the variation of the increment 
of electrical resistivity as a function of the energy of the 
bombarding electrons for a fixed number of bombarding 
particles. The curve approaches the axis tangentially, 
having a “foot.” The true threshold is indicated by the 
arrow. The accuracy with which it can be measured de- 
pends upon the inherent sensitivity of the measurement of 
the change of resistivity. 
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analysis is the assumption that the curve is anti- 
symmetrical about the point E (/.). It is conceivable, 
for example, that it approaches the limiting value of 
one much more slowly at high energies than it at- 
tains the value zero at low. 

Evidently more information concerning the shape 
of the ejection curve at low energies could be ob- 
tained by working near the foot, that is with electron 
energies below 0.5 Mev. 

We may note in passing that the most thorough 
investigations of the threshold E, made for any ma- 
terials are those of Loferski and Rappaport for 
silicon and germanium (Physical Review, 1958, 
vol. 111, p. 432). They have found that the values 
are about 14.5 and 12.9 ev, respectively. These are 
about half of the best measured values of E ('/2). 

If we assume that each atom which is knocked out 
of its site in accordance with the appropriate ejec- 
tion probability remains out and contributes to the 
measured change in resistivity, the resistivity as- 
sociated with 1 pct of displaced atoms is found to be 


Ap = 1.45 + 0.5 x 107° ohm [5] 


in accordance with the range [4]. We shall discuss 
the theory of this resistivity change in more detail 
below. 

It may be mentioned at this point that the values 
of the changes in electrical resistivity observed 
when heavier particles such as neutrons, protons, 
and deuterons are used to produce the damage are 
smaller than those calculated from the theory based 
on the use of a simple ejection curve of the type 
shown in Fig. 2 by a factor near 2.7, if one assumes 
that the change in resistivity for 1 pct of displaced 
atoms is given by [5]. In fact, the relative values 
calculated for the heavier particles are lower than 
those for electrons by the same ratio, namely about 
2.7, regardless of the value used for the change in 
resistivity associated with a given number of dis- 
placed atoms. In brief, it appears as if some of the 
secondary displaced atoms produced by the primary 
displaced atoms in the case of bombardment with 
heavier incident particles were able to return to 
vacant sites before the local agitation accompanying 
their displacement has died down. 


NATURE OF THE CHANGES PRODUCED BY 
BOM BARDMENT 


The nature of the changes produced in the lattice 
as a result of bombardment has been the subject of 
a large amount of speculation since the topic first 
became of interest during the war. Inasmuch as 
atoms are displaced from position, it is evident that 
one of the products of bombardment must be vacant 
lattice sites and interstitial atoms. The theory of 
the effects shows that these should be the principal 
immediate products when materials are bombarded 
with electrons close to the threshold value. In such 
cases the incident particles barely have sufficient 
energy to knock single atoms out of place. There 
will be a residual amount of energy in the collision 
which may produce local heating (point thermal 
spike); however, this effect should not produce per- 
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manent local changes when the energy of the elec- 
trons is near threshold. 

The greater fraction of the changes in the lattice 
also are associated with vacancies and interstitial 
atoms when solids composed of very light atoms 
(atomic masses below 16) are bombarded with fast 
neutrons. In such cases, the typical primary dis- 
placed atom and many of the secondaries produce 
relatively separated displaced atoms so that the 
individual displaced atoms are not close. The situ- 
ation is somewhat similar when charged nucleons 
are incident upon a solid composed of light atoms. 
The typical primary has a lower energy than in the 
case of bombardment with fast neutrons, but still 
produces secondaries which are separated. 

A different situation occurs when the typical 
primary atom displaced by a charge nucleon moves 
through a lattice of atoms having intermediate or 
heavy masses, for example copper or uranium. 
Under these circumstances a number of nearly 
neighboring atoms are displaced simultaneously by 
the primary atom and its secondaries, so that a 
highly disorganized spheroidal region is produced. 
Brinkman’ first called attention to this effect under 
the conditions described here and predicted that, 
under appropriate circumstances, the disarrange- 
ment of the lattice produced in such regions, aside 
from vacant sites and interstitial atoms, could be 
more important than the vacant sites and intersti- 
tial atoms it contains. He designated the disturb- 
ance produced by the primary atom a displacement 
spike. Heat flows out from the displacement spike 
in a more or less spherical manner. The sphe- 
roidal region raised to the melting temperature 
encompasses about 1000 atoms in a typical case 
and cools in about 107" sec. 

Brinkman’s hypothesis deserves very important 
attention and must be kept in mind in all discussions 
of radiation effects in solids. Unfortunately, it does 
not lie within the accuracy of present-day treatment 
of the theory of events® in the displacement spike to 
affirm or deny the presence of after-effects other 
than vacancies and interstitial atoms. Actually, no 
significant, direct experimental evidence for im- 
perfections other than vacancies and interstitials 
and their combination products has been observed 
in the pure monatomic metals. All of the effects 
which have been observed to date can be explained, 
at least qualitatively, in terms of these pairs. 

Since the typical primary produced by an ener- 
getic heavy particle has more energy than one pro- 
duced by an electron near the threshold, it follows 
that the thermal energy associated with the dis- 


turbed region generated by the heavy atom is higher. 


The fact that the number of displacements observed 
after bombardment with the heavier particles is 
about 2.7 times smaller than the value found with 
electrons, if we use the simple theory described in 
the last section to correlate the two, suggests, in 
turn, that the larger thermal spikes permit some 
of the damage to the lattice produced by the pri- 
mary as it is brought to rest to anneal out during 
the cooling phase which, as commented above, 
lasts about 10™™ sec. 

In this connection it is interesting to note that 
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Gonser and Okkerse® have found evidence that the 
portion of the lattice of gallium antimonide in dis- 
placement spikes undergoes a transformation of 
phase which is preserved if the solids are at liquid 
nitrogen temperature during the bombardment. This 
substance is a semiconductor, or metalloid, with a 
relatively open lattice structure resembling those 
of zinc sulphide and diamond. The new phase is not 
stable normally and has a lower specific volume 
than the stable one. It presumably represents a 
metastable structure which is produced by the com- 
bination of temperature and pressure in the dis- 
placement spikes and is preserved by the rapid 
cooling which occurs as the heat dissipates. A 
similar effect has not been observed in monatomic 
solids (metals or semiconductors), although Fujita 
and Gonser’® have found evidence for disturbed re- 
gions in irradiated germanium which appear to be 
less altered than those in GaIn. Small-angle X-ray 
methods were used. The stability of the metastable 
phase in the binary compound may be related to a 
partial separation of the two constituents. 

There also is evidence’ that ordered alloys dis- 
order under bombardment with nucleons very much 
more extensively than one would expect from the 
generation of primary and secondary displaced 
atoms alone. This effect, while unmistakable, is 
not completely understood at present. It is possible 
that the extra disorder is the result of the high tem- 
peratures reached in the displacement spike. How- 
ever, it is also possible that it is the result of a 
far more coordinated motion of atoms relative to 
one another, such as is achieved by the passage of 
dislocations or the displacement of rows of atoms. 


THE PROPERTIES OF VACANT LATTICE SITES 
AND INTERSTITIALS 


A) Theoretical Analyses—The properties of va- 
cancies and interstitial atoms in metals have been 
the object of extensive speculation and experimental 
investigation for twenty-five years. The key guid- 
ance to a quantitative discussion of their properties 
was furnished initially by theoretical calculations 
which have been made most extensively for copper, 
although there is work for other metals. The cal- 
culations are relatively crude in a sense, but have 
been sufficiently accurate to provide a semiquanti- 
tative feeling for affairs in an important family of 
metals. The principal results of the calculations 
for copper are as follows: 

1) The energy required to create a vacant lattice 
site by transferring an atom to the surface is less 
than that required to transfer an atom from the sur- 
face to an interstitial position in the interior. These 
energies are termed the formation energies for a 
vacancy and an interstitial, respectively, and will be 
designated by V) and E; (1). It follows that vacan- 
cies should be generated more easily than intersti- 
tials as a result of thermal fluctuations. Thus, the 
former should be the dominant type of point imper- 
fection achieved by thermal equilibrium at elevated 
temperatures. The first calculations, made by 
Huntington and the author,*’ indicate that the energy 


of formation of the two defects is near 1.5 ev for 
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vacancies and near 5 ev for interstitial atoms. 
More detailed calculations’? have been carried out 
since, particularly by Tewordt, and lead to some- 
what lower values. His value of the formation en- 
ergy of an interstitial is about 2.6 ev for a ‘‘sym- 
metrical’’ interstitial atom in which the extra atom 
occupies a body-centered position in the lattice and 
is about 3.2 ev for a ‘‘crowdion’’ configuration in 
which the extra atom lies in a close-packed (110) 
row of atoms and the distortion is spread along the 
row. The second configuration has been of specu- 
lative interest, but will not concern us here. It 
should be emphasized that all calculations of this 
type are highly approximate. 

2) Tewordt’* has also estimated the change in 
volume of the lattice anticipated when an atom is 
withdrawn to form a vacancy and when one is added 
from the outside and placed in an interstitial posi- 
tion. As might be expected, the lattice contracts 
when a vacancy is formed by the removal of an atom 
and expands when one is placed in an interstitial po- 
sition. The estimated value of the contraction as- 
sociated with the first process lies between 0.45 and 
0.53 V,, in which V, is the atomic volume. The cor- 
responding value of the expansion in the second 
process is in the range from 1.67 to 2.01 V, when 
the extra atom originates outside the specimen. 
Thus, there should be an overall expansion of the 
lattice in the range from about 1.0 to 1.5 V, when 
an interstitial and a vacancy are formed simulta- 
neously, according to these results. 

3) The activation energies for the motion of the 
vacancy and the interstitial, that is, the heights of 
the potential barriers which prevent motion from 
one equilibrium position to the next, are also of 
great interest; however, they are even more diffi- 
cult to calculate. The quantities will be designated 
by the symbols E,,(V) and E,, (J). The best calcu- 
lated values of the first are in the vicinity of 1.0 ev, 
whereas those of the second are of the order of 
0.1 ev, both being derived by Huntington.** The con- 
clusion that interstitial atoms might move more 
easily than vacancies was drawn first by Huntington 
entirely on the bases of calculations of the type dis- 
cussed here. As we shall see below, this result 
seems to be confirmed very strikingly by studies 
of the annealing of irradiated metals. It should be 
emphasized that the process of migration of an 
interstitial atom does not require that the inter- 
stitial jump from one interstitial site to the next. 
Instead, the interstitial atom pushes a neighbor at 
a normal site into an interstitial one and takes its 
place. Thus, the migration actually involves the 
motion of the pattern of imperfection, just as when 
a vacancy jumps because a neighboring atom moves 
into it. 

4) There have been numerous calculations’® of 
the additional electrical resistivity associated with 
the presence of vacancies and interstitial atoms in 
the noble monovalent metals. Such calculations are 
inherently less reliable than those of the formation 
energies and the changes in volume associated with 
the defects, for the results depend upon the details 
assumed regarding the properties of the electron 
gas responsible for the electrical current as well as 
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upon the distortion calculated for the lattice. There 
is moderate agreement among the various theoret- 
ical investigators in the case of vacancies. This 
presumably reflects agreement concerning the re- 
sult to be expected from a reasonable model which 
is calculable. A good median value of the results 
for copper is 


Ap(V) = 1.5 x 107° ohm-cm [6] ae 


for 1 pct of vacancies. As we shall see below 
(Part B), the experimental evidence indicates that 
this is correct to within a factor of about two. There 
is somewhat less agreement among the theoretical 
investigators in the case of interstitial atoms. Val- 
ues ranging from less than 1 x 107® ohm-cm to 

10.5 x 10°° ohm-cm have been obtained on the basis 
of different assumptions. There is agreement at 
the present time that these extremes are excessive 
for the models employed universally and that a me- 
dian value 


Ap = 3 x 10° ohm-cm [7] 


is more appropriate, although this could be in error 
by a factor of at least two. 

We saw in an earlier section (Eq. [5]) that the 
measurements of Corbett, Denney, Fiske, and 
Walker® using electron bombardment lead to an 
upper value of the combined resistivity of inter- 
stitials and vacancies of about 2 x 10°° ohm-cm if 
one assumes that the upper value of an antisym- 
metric ejection probability curve of the type shown 
in Fig. 2 is unity. Actually it is quite possible that 
the curve is not antisymmetrical and that the upper 
value of unity is attained much more gradually. In 
this case the range given in Eq. [5] is a lower one. 

B) Experimental Studies—The theoretical studies 
of vacant lattice sites are complemented by several 
experiments which are highly informative. Ac- 
cording to the theory of lattice imperfections gen- 
erated by thermal fluctuations, the density n(V) of 
vacant lattice sites at temperature T is given by 
the relation 


n(V) = C exp =a) [8] 


in which T is the absolute temperature, Fk is Boltz- 
mann’s constant, E,(V), as previously, is the energy 
of formation of vacancies, and C is a constant which 
should be in the vicinity of 10. There have been 
numerous relatively successful attempts” to 
quench-in the vacancies which are at equilibrium 

at a high temperature by cooling a suitable speci- 
men rapidly. The first experiments of this type 
which were genuinely successful in a quantitative 
way were those of Bauerle, Kauffman, and Koehler,*’ 
which involved the quenching of hot wires of gold in 
water. The change in electrical resistivity which 
was induced as a result of quenching was used as 
the relative measure of the vacancies quenched-in. 
The results conformed closely to the relation [8] 
over about three decades of n(V), T being the tem- 
perature from which the quench occurred. The 
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value of E;(V) obtained for gold was 
E;(V) = 0.98 + 0.03 ev [9] 


Presumably the value for copper lies in the same 
vicinity. The extra component of resistivity an- 
neals out in the vicinity of room temperature. At 
the same time the wires contract as the extra 
porosity associated with the vacancies vanishes. 
From combined studies of the two effects, Bauerle 
and Koehler conclude that the energy of migration 
of the vacancies in gold is 


E,,(V) = 0.82 + 0.05 ev [10] 


and that the ratio of the change in resistivity to the 
change in volume associated with a vacancy is 


AP _ 3.0 x 107* ohm-cm [11] 
V 

According to the results of Tewordt’? cited above, 
the lattice of copper would expand by about 0.5 V, 
when an atom is taken from a normal site and added 
to the surface so as to form a vacancy without 
changing the total number of atoms. If we assume 
the same is true for the homologous metal gold, we 
conclude from [11] that the change in resistivity as- 
sociated with 1 pct of vacant lattice sites in gold is 
approximately 


Ap = 1.5 x 10°°ohm-cm [12] 


The corresponding value of the constant C in Eq.[8] 
is found to be 3.1. Until the quenching experiments 
have been extended to copper, the result [12] is as 
reliable a semiempirical value as we have of Ap for 
that metal, reasoning on the basis of the similarity 
of copper and gold. It may be noted that this is 
close to the value [6] obtained by theoretical calcu- 
lation. The agreement cannot be regarded to be 
highly significant at the present time since neither 
result can be trusted to a factor better than two. 
The sum of E;(V) and E,,(V), namely 1.80 + 0.05ev 
is closely equal to the best available values of the 
activation energy for diffusion’® of radioactive gold 
in gold, namely 1.71 ev and 1.80 ev. The agreement 
leaves little doubt that the thermally induced de- 
fects are the source of self-diffusion within the 
noble metals, and presumably many related metals. 
One of the issues which has been of interest cen- 
ters about the energies of binding and migration of 
a pair of vacant lattice sites which have become 
bound together. It is generally assumed that the 
activation energy for the migration of a pair is 
somewhat lower than that for a single vacancy be- 
cause there is less restraint upon the motion of a 
neighboring atom into one of the vacancies ina 
pair than for a single vacancy. A detailed study’® 
of the experiments relating to the quenched speci- 
mens of gold, when taken in conjunction with the 
measurements of self-diffusion in gold at tem- 
peratures near 950°C, permits one to draw tenta- 
tive conclusions. First, knowledge of the param- 
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eters appearing in Eq. [8] permits one to estimate 
the fraction of vacancy pairs which are present in 
equilibrium at high temperatures for various 

values of the binding energy B of such pairs. The 
density is sufficiently high for values of B larger 
than 0.3 ev that one would expect the pairs to af- 
fect the observed self-diffusion in a detectable way 
if their energy of migration were only 0.2ev smaller 
than that for single vacancies (i.e., 0.6 ev instead of 
about 0.8 ev). Since no such influence is observed, 
it is concluded either that pairs diffuse almost 
exactly like singles, which is unlikely, or that B 

is not larger than 0.3 ev. 

An extension of this type of argument to an anal- 
ysis of the products of quenching from various tem- 
peratures shows that B probably is not appreciably 
larger than 0.1 ev. Otherwise, the products of 
quenching obtained at the quenching rates used when 
the initial temperatures are above 900°C would be 
predominantly pairs or higher clusters, whereas 
they appear to be single vacancies, as during 
quenches from lower temperatures. 

A further extension of the analysis shows that 
if B is near 0.1 ev, and not appreciably smaller, 
it is unlikely that the activation energy for the mi- 
gration of a pair is as small as 0.3 ev, for in this 
case they would diffuse so rapidly during the quench- 
ing process that they would have an appreciable in- 
fluence, of a type not observed, in the specimens 
quenched from high temperatures. 

There have been several experimentally based 
analyses of the properties of vacant lattice sites 
which rest upon attempts to separate the extra com- 
ponent of resistivity or expansion at elevated tem- 
peratures arising from the defects from the values 
of the properties measured at those temperatures. 
Such analyses are subject to substantial uncertainty 
since they involve an extrapolation of the observed 
quantities from low temperature to high. The author 
views the results obtained in this way to be less re- 
liable than those obtained from quenching experi- 
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Fig. 4—The resistivity as a function of deuteron flux for 
copper bombarded near liquid-nitrogen temperatures. Ex- 
perimental curves for two runs, IJ and II, are shown. The 
temperature was somewhat higher in run II. The dotted 
curve is calculated from I and II by correcting for the an- 
nealing effect of temperature. The straight line shows the 
initial slope. 
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ments, at least at the present time. Jongenberger™ 
has given one of the comprehensive analyses of this 
type recently.* 


*Note added in proof—R. W. Balluffi and R. O. Simmons of the Uni- 
versity of Illinois have just completed a study of the linear expansion 
coefficient and the increase in lattice parameter of aluminum in the 
range of temperature between 200°C and the melting point which per- 
mits a clear separation of the effect of thermally induced vacancies. 


IRRADIATIONS AT LIQUID NITROGEN TEMPER- 
ATURES 


The first™ extensive irradiations of the monova- 
lent noble metals, focussed on copper, were carried 
out at liquid-nitrogen temperatures since it seemed 
plausible prior to Huntington’s calculations of E,, (J) 
to suppose that the atomic migration stimulated by 
heat would be negligible at that temperature. The 
experiments soon demonstrated, however, that the 
ambient temperature was sufficient to produce an- 
nealing even near 90°K. The experiments were 
made by Marx, Cooper, and Henderson.” Fig. 4 
shows the change in electrical resistivity as a 
function of the total number of bombarding particles 
(integrated flux of deuterons) for two different runs 
near liquid-nitrogen temperatures. Corrections had 
to be made in order to compensate for the thermal 
recovery. The particles employed were deuterons 
with an energy near 12 Mev. It may be observed 
that the corrected as well as the uncorrected 
curves bend over with increasing flux. As we shall 
see in the next section, this effect, designated 
radiation-induced annealing, may be found even at 
liquid-helium temperatures and implies that the ra- 
diation is capable of reversing some of the changes 
produced during irradiation. 

An extensive series of experiments were carried 
out on the annealing of specimens of copper bom- 
barded near liquid-nitrogen temperature by Over- 
hauser.” The most significant of these were con- 
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Fig. 5—A typical sequence of annealing curves for a single 
specimen of copper irradiated near liquid-nitrogen tem- 
peratures. The sequence of temperatures range from 
about —123°C to room temperature. 
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Fig. 6—The principal activation energies effective in the 
annealing of copper which has been bombarded at liquid- 
nitrogen temperatures, given as a function of the anneal- 
ing temperature. The value near 0.7 ev appears prom- 
inently about —60°C. 


cerned with the determination of the activation 
energies effective in annealing, the dependence of 
annealing upon time during an isothermal sequence, 
and the energy released during annealing. Annealing 
does not go to completion at a measurable rate at 
any given temperature. Instead, one must heat to 
successively higher temperatures in order to re- 
move additional changes. Fig. 5 shows a typical 
sequence of annealing curves in a case in which the 
specimen was heated to successively higher tem- 
peratures and held at each temperature for a period 
of time. It may be seen that an important fraction 
of the change does not anneal until well above room 
temperature. This fraction is about 25 pct for the 
materials employed. Fig. 6 shows the activation 
energy for annealing which is effective at each tem- 
perature during the warming sequence. It will be 
observed that the values are proportional to the ab- 
solute temperature below about —40°C and that a 
value near 0.7 ev appears prominently at the higher 
temperatures. About 25 pct of the change anneals 
with this activation energy. The associated process 
is close to being bimolecular. 

The broad spectrum of activation energies ob- 
served makes it clear that the products of irradia- 
tion at liquid nitrogen temperature are complex. 
The factors which contribute to this complexity 
will become clearer when we discuss irradiations 
at liquid-helium temperatures. The appearance of 
the activation energy near 0.7 ev, which is close to 
that expected for lattice vacancies, according to the 
discussion of the last section, implies that the mi- 
gration of vacancies enters in an important way in 
the annealing process once the temperature becomes 
sufficiently high to permit them to migrate. 

Overhauser™ has measured the energy AU re- 
leased when irradiated copper is annealed and has 
determined the ratio of AU to Ap, the decrease in 
resistivity. Fig. 7 shows the curves for the release 
of stored energy in two cases. The ratio of the 
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Fig. 7—The stored energy released during the annealing 
of two specimens of copper irradiated near liquid-nitrogen 


temperatures. 


change in energy and resistivity was found to have 
the value 


__ 1.7 (cal/gm) 
‘Ap  (microohm-cm) [13] 


with an uncertainty of a factor of perhaps 30 pct. 
The peaks of the two curves shown in Fig. 7 occur 
in the range of temperature in which the primary 
annealing presumably is associated with the mi- 
gration of vacancies. If we assume, for purposes 
of discussion, that the release of energy is associ- 
ated with the recombination of vacancies and in- 
terstitials and that 4 ev is produced for each such 
process, the resistivity associated with 1 pct of 
vacancy-interstitial pairs would be about 9 x 107° 
ohm-cm instead of the much smaller values sug- 
gested by the experiments based upon electron 
bombardment. We shall return to a discussion of 
this topic in the next section. 

It has been observed that the volume of copper 
expands during irradiations at liquid-nitrogen tem- 
perature; however, more accurate and significant 
experiments have been carried out at liquid-helium 
temperatures. 


IRRADIATION AT LIQUID-HELIUM TEMPERA- 
TURES 


A) Changes in Electrical Resistivity—The obser- 
vation of ambient annealing of the changes resulting 
from bombardment at temperatures near that of 
liquid nitrogen made it evident that one could expect 
the ultimate preservation of defects in a frozen state 
only by going to much lower temperatures. It ap- 
pears now that annealing in irradiated copper starts 
at 17°K. Most of the work has been carried out at 
liquid-helium temperatures. 

The first studies of the change of resistivity and 
the annealing were made by Cooper, Koehler, and 
Marx” with deuterons, the bombardments being 
carried out near 11°K, The changes in resistivity 
with total bombarding flux is shown in Fig. 8 for 
copper, silver, and gold. Ambient annealing is not 
observed in this range of temperature so that the 
observed change in resistivity is stable. As com- 
mented above, annealing is detected first at about 
17°K. It will be observed that the curves are linear 
near the origin but bend over toward the axis. They 
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can be fitted to a simple equation of the form 
Ap = A[1 — exp (-aF)] [14] 


in which A and a are constants and F is the inte- 
grated flux. The deviation from a straight line im- 
plies that the radiation anneals some of the change 
in resistivity as in the case of the observations at 
nitrogen temperature. Presumably the bombard- 
ment at a given stage of the irradiation anneals 
some of the change induced earlier. The fraction 
of atoms displaced as primaries during the entire 
bombardment is about 107° for the cases shown. 
This number is such that the spheroidal regions 
which are raised to the melting temperature as 
the result of the energy transferred to the pri- 
mary atoms during the irradiation, and which are 
distributed randomly through the metal, just about 
overlap on the average. Thus, each region is 
raised to the melting point approximately twice 
during the irradiations. It is not known whether 
this thermal effect is the source of radiation an- 
nealing or whether it depends upon more subtle 
factors. For example, it is possible that an atom 
ejected from a site falls into a vacancy created at 
an earlier stage in the bombardment. This would 
be possible only if the average interstitial atom 
could move about 100 atomic distances before 
coming to rest—a distance which seems long, al- 
though it need not be in a straight line. In this 
connection, Silsbee™* has pointed out that an ener- 
getic atom which makes an appropriate impact 
with an atom in a closely packed row of atoms in 
a lattice may send a focussed wave of displacement 
down the row for a long distance. It is conceivable 
that the interstitial pattern is propagated long dis- 
tances in a manner such as this. The entire prob- 
lem merits much more study. 

The initial slope of the curves of Fig. 8 can be 
related to the number of secondary atoms dis- 
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Fig. 8—The changes Ap of electrical resistivity of copper, 


silver, and gold as functions of the bombarding flux. The 
curves may be fitted quite accurately with functions of the 
form [14]. 
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placed per primary and the resistivity per vacancy- 
interstitial pair. As we have remarked in the fore- 
going, this slope is about 2.7 times smaller than 
we would expect from the information provided by 
observations based on electron bombardment if one 
assumes that the probability an atom is ejected de- 
pends upon energy in the manner of the curve of 
Fig. 2. The discrepancy implies that some of the 
atoms which are ejected in the displacement spike 
are able to return to vacancies before the dis- 
arrangement is frozen-in. 

It is not possible to make an exact comparison of 
the relative initial slopes of the three curves shown 
in Fig. 8 at present, since relative values of the 
electrical resistivities of vacancy-interstitial pairs 
and of the displacement thresholds are not known 
for the three metals. It appears, however, that the 
differences can be explained principally in terms of 
the ratios of the nuclear charges, which in turn de- 
termine the relative probability that the incident 
particle will produce a primary displaced atom. It 
is not necessary to assume that the threshold en- 
ergies E, or the resistivities differ substantially 
for the three metals. 

The precision measurements’ of the changes in 
resistivity of copper when bombarded with neutrons 
and electrons at liquid helium temperatures avail- 
able at the present time have been carried out at 
a level such that the fraction of atoms displaced as 
primaries is 10-° or less, which corresponds to the 
region near the origin in Fig. 8. As might be ex- 
pected, the change in resistivity is linear with in- 
tegrated flux in the two cases. Quantitative aspects 
of the effectiveness of electrons in producing dis- 
placed atoms were discussed in Sect. 2 in connection 
with the determination of the threshold energy and 
need not be repeated here. 

The measurements made by Klabunde, Redman, 
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Fig. 9—The annealing of the increment of resistivity in- 
duced by bombardment of copper, silver, and gold at li- 
quid-helium temperatures as the specimens are warmed 
slowly from the bombardment temperature. The decrease 
is irreversible. Sharp drops are found im silver and cop- 
per just about 20°K. The changes are shown in more de- 
tail for other specimens in Fig. 10. Gold does not appear 
to show a similar abrupt drop for reasons not clearly 
understood. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


@) 
fe) 20 30 40 
TK) 


Fig. 10—The annealing of the increment of resistance of 
copper and silver foils. The curves show more structure 
than those of Fig. 9. 


50 


Noggle, Coltman, and Blewitt” with the cryogenic 
facility in the Oak Ridge reactor using fast fission 
neutrons can be correlated in part with those made 
with deuteron bombardment, although there are 
differences which merit more study. Here again, 
the change in resistivity seems to be a factor of 
about three times smaller than one would expect 
from the changes observed with electron bombard- 
ment if one uses an ejection curve of the form of 
Fig. 2 to correlate the two. The analyses are com- 
plicated by the fact that it is necessary to know both 
the neutron energy spectrum and the cross section 
to attain accuracy. It appears that the production of 
secondary displaced atoms is relatively inefficient 
in the displacement spikes produced by the primary 
atoms generated by neutron bombardment and by 
about the same factor as in the spikes produced by 
the primary atoms resulting from deuteron bom- 
bardment. The typical primary displaced atom 
produced by the neutron bombardment employed has 
an energy near 10,000 ev, that is, about thirty times 
larger than the value [2] of the average primary 
produced by bombardment with charged nucleons. 

It follows that the energy expended in the typical 
displacement spike is correspondingly larger in the 
first case. 

The annealing of the radiation-induced resistivity 
produced by deuteron bombardment which occurs 
when the temperature of the specimens is raised 
incrementally is shown” in Fig. 9 for the cases of 
copper, silver, and gold. It will be seen that all 
three curves drop rapidly in the region above 20°K. 
More recent measurements for copper and silver 
are shown” in Fig. 10. A portion of the decrease 
is very rapid in copper and silver in the region be- 
tween 20° and 40°K, indicative of a rapid annealing 
stage. It may be seen that about half the initial 
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Fig. 11—An annealing curve similar to those of Figs. 9 
and 10 obtained for a specimen of copper irradiated with 
neutrons at 17°K in the graphite reactor at Oak Ridge 
National Laboratory. 


radiation-induced resistivity remains at 90°K in the 
case of copper, although a larger fraction.remains 
in the other cases. 

Fig. 11 shows a similar annealing curve for 
neutron irradiated copper, obtained by the group” 
at Oak Ridge National Laboratory. This group has 
studied the change in resistivity and the annealing 
behavior in this range of a large number of metals 
and alloys. This stimulating work, which opens up 
an enormous area of research, will not be described 
in detail here other than to say that the relatively 
abrupt decreases in resistivity during annealing 
seem to be characteristic of pure metals rather 
than alloys. Interestingly enough, the investigators 
have not found an abrupt drop in gold, similar to 
those found in copper and silver, even though speci- 
mens were irradiated at 4°K (private communication), 

Fig. 12 shows the corresponding annealing curve 
for a specimen of copper bombarded with electrons, 
as measured by Corbett, Denney, Fiske, and Walker.® 
It is interesting to note that a much larger fraction 
of the radiation-induced resistivity anneals by 80°K 
in this case. In fact about 88 pct has annealed by 
65°K. In constrast, 40 pct remains at 80°K in the 
case of the deuteron-irradiated specimens and about 
60 pct in the case of neutron irradiation. The dif- 
ferences in the three cases probably cannot be 
ascribed to effects of impurities even though the 
specimens employed by the three groups of inves- 
tigators were somewhat different, for the work at 
Oak Ridge has shown that the annealing is not sen- 
sitive to the impurities normally found in copper. 

There have been several detailed measurements 
of the annealing stages observed between 17°K and 
liquid-nitrogen temperature. All show that a spec- 
trum of activation energies is involved. Interestingly 
enough, the group at Oak Ridge has found that the ~ 
annealing process is monomolecular in the vicinity 
of 46°K, that is, the relative form of the curve giv- 
ing the annealing as a function of time at fixed 
temperature is independent of the total irradiation. 
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This result suggests that the damage in the indi- 
vidual displacement spikes produced by neutron 
bombardment anneal as individual isolated regions 
for the level of bombardment employed. 

Fig. 13 shows the spectrum of activation energies 
observed by Magnuson, Palmer, and Koehler” in 
copper and silver bombarded with deuterons. The 
fraction of atoms displaced as primaries was in the 
neighborhood of 107* in the experiments. It will be 
seen that there are four discernible peaks in copper 
and three in silver. The energy associated with the 
large peak in copper was released in the neighbor- 
hood of 37°K, whereas the corresponding release 
occurs near 27°K in silver. There is evidence for 
structure at the upper end of the spectra, near 
0.15 ev in copper and 0.11 ev in silver. The fre- 
quency coefficient v, in the expression 


1 


[15] 


E, 

0 exp RT 
has values in the range between 7 x 10°° and 
4x10" sec™*. Here 7 is the relaxation time for 
the component of annealing at a given absolute 
temperature 7, k is Boltzmann’s constant, and 
E, is the associated activation energy for annealing 
at the given temperature. These large values of 
v, imply that the atomic motions required during 
the annealing extend over only a small number of 
atomic distances, not larger than 100. 

The investigators have proposed that the peaks 
at lower energy found in their experiments are to 
be associated with the activation energies for the 
recombination of vacancy-interstitial pairs which 
are separated by varying distances, but of the order 
of atomic dimensions. The peak associated with the 
lowest energy corresponds to the closest metastable 
pair; the others, in turn, with more widely sepa- 
rated pairs. In accordance with Huntington’s cal- 
culations, described in the foregoing, it seems 
reasonable to assume that the interstitial member 
of the pair is much more mobile than the vacancy 
at the annealing temperatures. The investigators 
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Fig. 12—Curve analogous to those of Figs. 9, 10, and 11. 
For a specimen of copper bombarded with electrons near 
liquid-helium temperatures it may be observed that a 
larger fraction of the extra resistivity has annealed by 
65°K in this case than in the cases in which the bombard- 
ment was carried out with deuterons or neutrons. 
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also suggest that the largest peak is associated with 
the migration of isolated interstitial atoms, some oi 
which wander sufficiently to recombine with vacan- 
cies which lie nearby. They postulate that some of 
the interstitial atoms combine with one another dur- 
ing this wandering to form clusters which are im- 
mobile at the temperatures of observation and 
thereby account for at least a part of the resistance 
which has not annealed by liquid-nitrogen tempera- 
tures. Eshelby” first pointed out that the elastic 
forces between vacancies would lead to attraction 
for appropriately oriented interstitial atoms in 
anisotropic crystals such as copper and silver. 
This attraction presumably is reinforced by another 
arising from chemical forces. 

The experiments concerning annealing in deu- 
teron-irradiated specimens of copper are beauti- 
fully complemented by analogous experiments in- 
volving bombardment with electrons having energies 
near the threshold, carried out by Corbett and 
Walker.” As is customary, the fraction of primary 
displaced atoms in their more lightly irradiated 
specimens is about 100 times smaller than the value 
for the deuteron-irradiated specimens. They found 
annealing peaks which could be identified unambigu- 
ously with those found by Magnuson, Palmer, and 
Koehler. However, they also found a well-defined 
annealing peak which is observed near 55°K and 
which presumably is associated with the migration 
of isolated interstitial atoms over the relatively 
long distances of migration required of those inter- 
stitials which do not happen to recombine with the 
single vacancy generated at the same time as the 
interstitial and which presumably is nearby before 
the annealing starts. The annealing is bimolecular 
in the peak near 55°K and has the same activation 
energy as the neighboring peak at lower tempera- 
tures, which presumably is associated with close- 
neighbor recombination. The peak corresponding 
to the 55°K peak presumably occurs at much lower 
temperatures in the deuteron-irradiated specimens 
for two reasons. First, the overall density of 
vacancies. (and interstitials) is higher by a factor 
near 100 so that it is not necessary for the inter- 
stitial to wander so far. Second, there is more 
than a single vacancy or interstitial near the 
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Fig. 13—The spectra of activation energies for copper 
and silver obtained by analyzing the curves of Fig. 10. 
Four distinct peaks have been resolved in the case of 
copper. There is an indication of additional structure at 
the high-energy end beyond 0.13 ev in the case of copper. 
Similar structure is indicated in the case of silver. 
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original site of the interstitial, since several of 
these defects are produced in the larger displace- 
ment spikes, whereas only one pair is produced in 
a given region by bombardment with electrons near 
threshold. It is very probable that the peak ob- 
served at 55°K by Corbett and Walker adds to the 
structure of the peak found near 37°K in the deu- 
teron-irradiated specimens. This is supported by 
measurements made by Corbett, Smith, and Walker 
on specimens of copper bombarded with differing ee 
integrated fluxes of electrons. The peak found near eee 
55°K for lightly irradiated specimens shifts to Ge 
lower temperatures as the total flux increases. 

The other peaks are not sensitive to the amount of 
irradiation in the range they can attain. 

In addition the group at the General Electric Lab- 
oratory has studied the effects of sequential irradi- 
ation at 80° and 20°K. They found that the recovery 
of the defects introduced at 20°K is altered as a 
result of prior bombardment at 80°K even though 
the increment of resistivity per incident particle is 
not altered by previous irradiation. The magnitude 
and the rate of recovery are increased in the se- 
quential experiment relative to the values in a spec- 
imen irradiated at 20°K without the previous irradi- 
ation at 80°K. Only the recovery which occurs in 
the vicinity of the peak near 55°K is sensitive to 
prior irradiation. These observations compel one 
to conclude that the migrational process associated 
with the peak near 55°K involves the diffusion of an 
entity, presumably an interstitial atom, over a dis- 
tance of the order of the a/f, where a is the atomic 
separation and f is the fraction of the atoms dis- 
placed in the bombardment at 80°K. 

To summarize, the study of the annealing of 
specimens bombarded at liquid helium tempera- 
tures makes it abundantly clear that either the 
interstitial atom or the vacancy can migrate with 
an activation energy of the order of 0.1 ev. It 
seems most reasonable at present to assume the 
diffusing unit is the interstitial atom. 

Presumably the specimens which are irradiated 
near liquid nitrogen temperatures do not contain 
isolated interstitial atoms, although they contain 
isolated vacancies. Presumably the interstitials 
migrate as soon as they are formed and either an- 
nihilate vacancies, combine with one another, or 
become trapped at suitable imperfections such as 
substitutional foreign atoms which are more stable 
in interstitial positions. Once the vacant lattice 
sites are able to migrate, just below 0°C, they 
contribute another stage to the annealing process. 
Some form vacancy clusters which can be dissolved 
only at elevated temperatures. 

B) Release of Stored Energy—There have been 
two measurements of the release of stored energy 
during the annealing of copper which has been bom- 
barded at liquid helium temperatures. The most 
definitive of these has been carried out on neutron- 
irradiated specimens at Oak Ridge.*® The inves- 
tigators examined the release of energy and the 
decrease of resistivity in the range of temperature 
between 20° and 50°K. About 40 pct of the change 
in resistivity annealed in this range. The ratio of 
the energy to the resistivity is 
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with an estimated uncertainty of the order of 25 pct. 
This is to be compared with Overhauser’s result 
[13]. The two values do not lie outside the relative 
uncertainties of the experiments. 

We saw in the previous section that Overhauser’s 
value of the ratio AU/Ap leads to a value of the re- 
sistivity for 1 pct of vacancy-interstitial pairs that 
is near 9 x 10° ohm-cm if we assume the energy of 
annihilation is 4 ev. The Oak Ridge value [16] leads 
to a similar high value of Ap if it is assumed that 
the energy of annihilation is the same. It would 
seem difficult to accept a value of the annihilation 
energy less than 2.5 ev since the energy of forma- 
tion of a vacancy is 1.0 ev and the energy of forma- 
tion of an interstitial should be at least 1.5 ev. 
Thus, the measurements of stored energy suggest 
that the resistivity associated with 1 pct of vacancy- 
interstitial pairs is not less than 3 x 10™° ohm-cm 
and may be somewhat larger. 

Meechan and Sosin®™ have initiated a series of 
measurements of the energy released in electron- 
irradiated specimens when they are annealed be- 
tween 20° and 60°K. They have made two runs to 
date, only one of which is considered significant. 
Moreover, the results obtained from this run must 
be subject to substantial corrections which are the 
result of a major heat leak in the specimen. Their 
best estimate of AU/Ap is 


0.8 (cal/gm) 

5.4 + (microohm-cm) [17] 
This value is more than three times as large as 
[13] and leads to correspondingly lower values of 
Ap for 1 pct of pairs for corresponding assumptions 
of the energy of annihilation of the pair. 

The questions associated with the stored energy 
will remain until the differences in the values [13], 
[16], and [17] are understood more fully. 

C) Change of Lattice Parameter and Linear 
Dimensions—A highly informative sequence of 
measurements of the changes in lattice constant 
and linear dimensions of irradiated foils of copper 
have been made by Simmons and Balluffi*’ and by 
Vook and Wert,*’ respectively. The maximum 
bombardment employed in the two cases led to 
fractional changes in linear dimensions (expan- 
sions) of about 2.5 x 107*, corresponding to volume 
changes of 7.5 x 107* in the lattice cell and speci- 
mens. The experimental uncertainties were such 
that it was not possible to detect any deviation 
from a linear relation between dimensional change 
and total irradiation flux that might have been as- 
sociated with radiation annealing. 

The two sets of investigators found that the two 
types of expansion were the same to within the pre- 
cision of measurement, namely about 11 pct, for the 
same bombardments. This result has the conse- 
quence that the densities of vacancies and intersti- 
tials are the same to within the experimental ac- 
curacy if the expansions can be ascribed to them. 

Fig. 14 shows the contractions as a function of 
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Fig. 14—Comparison on the same relative scale of the 
decrease in residual resistivity, lattice parameter, and 
additional length as a function of temperature. The 
measurements were carried out on somewhat different 
specimens of copper so that the differences shown are 
not regarded as highly significant. 


temperature during the annealing of the irradiated 
specimens. Relative values are shown. The rela- 
tive decrease of the extra resistivity arising from 
irradiation during annealing, Fig. 9, is also shown. 
It may be seen that the two types of dimensional 
change are superimposable in the annealing range 
extending to 100°K. This result implies th&t the 
vacancies and interstitial atoms anneal out at the 
same rate if we accept the view that the annealing 
is the result of disappearance of these defects. 
Hence, the results support the view that they dis- 
appear by mutual annihilation. In the absence of 
this result, it would be conceivable that one type 
of imperfection, for example the interstitial atom, 
could anneal more rapidly than the other. In this 
case the two types of contraction would not occur 
at the same rate. For example, the lattice param- 
eter would shrink more rapidly than the dimensions 
of the specimen if interstitial atoms annealed 
faster than vacancies. 

The measurements also make it possible to ob- 
tain an estimate of the resistivity per vacancy- 
interstitial pair if we are willing to make an as- 
sumption regarding the volume increase associated 
with a pair. If, for example, we assume the volume 
expansion is 1.35V_, the mean of Tewordt’s calcu- 
lated values, the resistivity associated with 1 pct of 
pairs is 


Ap = 3.0 x 107° ohm-cm [18] 
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The Nonmetallic Constituents of Steel a 


An effort has been made to give both a comprehensive and 
simplified picture of the origin, modes of formation, and char- 
acteristics of nonmetallic inclusions in steel. Exogenous inclu- 
sions, those formed by mechanical entrainment or heterogeneous 
reaction, have their principal source in ladle refractories. 
Mechanical emulsion is not considered a likely mechanism. 
Endogenous inclusions, resulting from homogeneous reactions, 
are formed mainly during cooling and freezing. They are prin- 
cipally oxides and sulfides but include some nitrides and car- 
bides. Deoxidation affects both the quantity and character of 
such oxide inclusions and significantly affects the size and shape 
of sulfides. The importance of inclusions is largely in their ef- 


fect on mechanical properties. Clarence E. Sims 


Ir is fitting and proper that we should honor the while Iam humble before the responsibilities of 


memory of those technical giants who have left 
such a rich heritage to our profession. Today, 
according to annual custom, we pay tribute to such 
aman. To have been chosen to play a part in this 
observance prompts in me an inordinate pride 
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my task. 

The ranks are growing thin of those who had the ae 
good fortune to come under the personal influence keen 
of Professor Howe, but the number who continue to 
benefit from his legacy of technical wisdom con- 
stantly increases. I am among the latter. One has 
only to read his works to appreciate his unusual 
ability to take data and observations from many 
sources and give them a clear and comprehensive 
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Fig. 1(a)—Cell-structure distribution of pearlite in the 
primary grain boundaries of a 0.21 pct C, 3 pct Ni, 0.8 pct 
Cr cast steel. Furnace cooling from 870°C (1600°F) 
allowed the carbon to diffuse to the high alloy areas, which 
transformed at a lower temperature. X100. (4) Commer- 
cial heat of 4330 steel containing 0.008 pct S and deoxidized 
with aluminum. One refractory oxide and one plastic sul- 
fide shown. Usually not more than one sulfide will appear 
on a field this size. X500. Reduced approximately 15 pct 
for reproduction. 


unity and meaning. As Albert Sauveur said of him, 
‘‘Where most of us can see only chaos and obscurity, 
he is able to bring order, and to discover the light 
that, under his skillful manipulation, soon illumi- 
nates the darkest corners.’’ What greater eulogy 
could be given a scientist and teacher ? 

It has been said of Professor Howe that, while he 
strove tirelessly for the truth, he did not fear to 
announce theories sometimes a little hazardous. In 
this spirit the present subject is approached, lean- 
ing sometimes toward personal opinion to correlate 
and explain observed phenomena. The effort will be 
toward both a comprehensive and simplified picture. 

Steel is widely recognized as being an extremely 
versatile material which can vary in strength by a 
factor of ten and from a very tough and ductile form 
to one almost glass brittle. These, and a number of 
other properties, are largely under the control of 
the steelmaker through intentional variations in the 
composition and heat treatment. On the other hand, 
a given piece of steel is often tacitly considered to 
be a uniform and homogeneous material because 
its mechanical properties are fairly consistent and 
reproducible. On a microscopic scale, however, 
steel is known to be heterogeneous, both as to 
structure and uniformity of composition. Fig. 1(a) 
shows how the dendritic segregation of alloys in- 
fluences the distribution of carbon and pearlite 
areas in a slow-cooled alloy steel. Pearlite, of 
course, is a complex of cementite and ferrite, but 
even a single-phase steel, such as a wholly austen- 
itic steel, can vary greatly in composition from 
spot to spot as a result of dendritic segregation. 

Such dendritic segregation, which is a process of 
concentrating dissolved constituents in the last liq- 
uid to solidify, is a phenomenon characteristic of the 
freezing of practically all impure liquids. The 
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process is only partially reversed by solid-state 
diffusion and, in steel, the resulting heterogeneity 
accounts for some of the properties exhibited. When 
the segregating element has high solid solubility, it 
ends up in enriched areas along grain boundaries 
and in interdendritic fillings. This is usually the 
case for the common alloying agents such as silicon, 
manganese, nickel, chromium, and molybdenum, as 
also for phosphorus. Carbon segregates heavily 
during freezing, but it has such a high rate of dif- 
fusion just below the freezing temperature that it 
disperses again to destroy the evidence. 

If the solid solubility of an element is very low, 
it will precipitate as a separate constituent during 
the freezing. Such is the case with oxygen and sul- 
fur which precipitate almost completely as. oxides 
or sulfides. The amount of these precipitates 
present is dependent on the quantity that was in 
solution in the liquid metal. Some nitrides and 
carbides will precipitate similarly during freezing. 
It so happens that oxides and sulfides are distinctly 
nonmetallic in physical properties, while carbides 
are apt to have at least a metallic luster. As a re- 
sult, the former are customarily referred to as 
nonmetallic inclusions, while the latter are usually 
considered a part of the metallic structure. 

Webster defines an inclusion as ‘‘a foreign body, 
gaseous, liquid, or solid, enclosed in the mass of a 
mineral.’’ From a standpoint of semantics, there- 
fore, these oxides and sulfides are not inclusions 
but rather nonmetallic phases of steel. Making a 
concession to precedent, however, they will be re- 
ferred to here as nonmetallic inclusions of endog- 
enous origin. 

There are, of course, numerous true inclusions 
which plague steel. Throughout the processes of 
melting, refining, tapping, and teeming, molten steel 
is almost continuously in contact with refractories, 
slags, or contaminating atmospheres such as air. 
Detached particles of refractory slag may be picked 
up and entrained by flowing steel or the surface can 
react with air to form an oxide skin, and these may 
be carried into the mold and incorporated into the 
ingot or casting. It is likely that any such particle 
will be altered in composition by reaction with the 
liquid steel but, whether the formation is merely 
mechanical or by heterogeneous reaction, such 
inclusions are considered to be of exogenous origin. 
This distinction gives two general classes of non- 
metallic inclusions on the basis of origin. It will 
be shown that it is usually not difficult to identify 
them as to class. 

Nonmetallic inclusions in steel have long been a 
matter of serious concern to metallurgists, and 
much effort has been expended in attempts to elim- 
inate or control them and thus to enhance the quality 
of the steel. The many diverse opinions and con- 
clusions plus the continuing work, however, indicate 
that the habits and behavior of nonmetallic inclu- 
sions are not sufficiently well understood. An effort 
will now be made to correlate many observations 
into a general pattern of behavior. 


ORIGIN OF EXOGENOUS INCLUSIONS 
There is an old and persistent belief that the non- 
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metallic inclusions one finds in solidified steel are 
more or less the algebraic sum of all those it has 
acquired and lost in the whole steelmaking process, 
from melting to pouring, and that some of the earli- 
est acquired may still remain. Available evidence 
shows almost certainly that this is not the case and 
that the final inclusions were acquired or formed 
very late in the liquid life of the steel. 

During the carbon boil of a steel heat, the slag 
and metal come into very intimate contact and with 
considerable mixing, but there is no reason to be- 
lieve that detached particles of slag become sus- 
pended more than momentarily in the liquid metal. 
For example, they cannot be detected in spoon 
samples taken at this time. 

When an open-hearth heat is losing carbon at the 
rate of 0.5 pct per hr, it is considered to have a 
rather vigorous boil. In converter heats, however, 
it is not uncommon to have carbon oxidize at a rate 
in excess of 0.5 pct per min. Such a rate of carbon 
drop creates a truly violent boil with extremely 
intimate mixing of slag and metal, and this is true 
in either bottom- or top-blown converters. If ever 
there is a condition favoring emulsification of slag 
in metal, this should be it, and yet it has been shown 
that converter steel is normally ‘‘clean’’ and equiv- 
alent in inclusion content to similar compositions of 
open-hearth or electric-furnace steel.” 

When steel is tapped from a furnace it may fall 
freely a distance of from 5 to 20 ft, varying with the 
size of the furnace, into the receiving ladle. The 
falling stream generates considerable turbulence in 
the metal already in the ladle. Advantage is taken 
of this turbulence to dissolve and disseminate alloy 
and deoxidizer additions. Because of this turbu- 
lence, however, a tapping practice, which has grown 
to become almost universal, demands that the metal 
be tapped first and the slag held back as long as 
possible. While there are good reasons for such a 
practice, such as avoiding loss of ladle additions of 
deoxidizers, a prime motive was the belief that 
turbulent mixing of slag and metal would ‘‘emulsify’’ 
some of the slag and thus contaminate the steel. 

There has been no good evidence obtained to indi- 
cate that slag can be thus broken up fine enough to 
remain in suspension. There is contrary evidence. 
For example, no small inclusions of furnace slag 
composition are found. An example from a differ- 
ent practice should best prove the point. During 
World War EH, there arose a demand for a deep- 
hardening alloy steel with exceptionally low sulfur 
content, a maximum of 0.012 pct. A very success- 
ful practice for making such steels was developed 
which was briefly as follows: The steel was made 
in basic electric furnaces using the two-slag 
process. As much sulfur as possible was removed 
by the first or oxidizing slag by keeping the basicity 
high. 

The second slag was a high lime, carbidic type 
well known for its excellent desulfurizing powers. 
Such a slag, of course, is highly reducing, and, 
under these conditions, the bath becomes almost 
stagnant. 

A little movement was produced by the motor 
action of the electric current, but the power input 
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at this time was low; just enough to compensate for 
radiation losses of heat from the furnace. Under 
these conditions, the kinetics of desulfurization 
were very poor, equilibrium was reached only at 
the slag-metal interface, and the desulfurizing po- 
tential of the slag was never reached. It was pos- 
sible, nevertheless, to work the sulfur content down 
slowly until preliminary tests showed it to be close 
to 0.012 pct. At this point, the heat was tapped. 

Instead of tapping in a conventional manner, the 
furnace was tilted slowly to run all the slag into the 
ladle first and then the steel was poured through the 
slag. The intimate mixing of slag and metal pro- 
duced a Perrin type of reaction with rapid and ef- 
ficient desulfurization. It was common to obtain 
ladle analyses of 0.004 pct S by this method and 
routine to produce steels to a maximum of 
0.007 pct S. The item of particular interest in 
the present discussion, however, is the observation 
that the steels so made were of ‘‘aircraft quality’’ 
on inclusion rating and gave no evidence of un- 
usual slag contamination. Such a steel is shown in 
Fig. 1(b). 

It appears that the energy provided by a stream 
of steel falling into a ladle is not great enough to 
break slag up into particles small enough to re- 
main in suspension in liquid steel for periods of 
several minutes or longer. Stokes’ law states that 
the rate of rise of a suspended particle in a liquid 
is: 


(di dz) 


V= 


where V = rising velocity in cm per sec 

g = acceleration due to gravity (cm per 
sq sec) 

y = radius of particle in cm 

d, = density g/cm’ of liquid 

d, = density g/cm* of suspended particle 

n = viscosity of liquid dynes per sec per 
sq cm or poises. 


In the case of liquid steel, this can be reduced to: 
V = 8.38 x 107° (6.94 - d)r” 


as shown in Fig. 2. It is readily apparent that, in 
the case of nonmetallic particles in liquid steel, the 
only important variable is 7, che radius of the par- 
ticle. The rate of rise increases as the square of 
the radius when other factors remain constant. 
Fig. 2 shows the relation between the size of an 
inclusion and its rate of rise in a steel bath for in- 
clusions varying in density from 2 to 5. 

Calculations made in some recent Russian work’ 
on the basis of experimental data indicate that only 
those nonmetallic inclusions with a diameter less 
than 30u can remain in liquid steel after it is held 
in a ladle for a 30-min period. Fig. 2 shows that 
an inclusion 30y in diameter will rise at a rate of 
0.08 cm per sec or 144 cm in 30 min. This is ap- 
proximately 5ft. By contrast, an inclusion 300u 
in diameter will rise 5 ft in about 21 sec. A 1-mm 
particle will rise at a rate of 2 ft per sec. 
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Fig. 2—Rates of ascent of inclusion in liquid steel. (Accord- 
ing to G. Ranque.!*) 


Is there enough energy generated by slag falling 
into a ladle to emulsify it in the steel? In an at- 
tempt to answer this, the approximate energy re- 
quired to commimute slag into particles 30y in 
diam was calculated. Assuming a slag density of 
2.5 per cc, 1 lb of slag would have a volume of 


454 _ 
35 180 cc 


One 30 sphere has a volume of 


7x [3x = 14x 107% cc 


In 1 lb of slag there are 


= x 10-® = 13 x 10° spheres of 30u 


Surface area of one sphere 
nd” = x 107]? = 28 x 107° cm? 


Total surface 


13 x 10° x 28 x 107® = 36 x 10* cm’ 


Using Antonow’s rule that the interfacial tension of 
two mutually saturated liquids is the difference be- 
tween the surface tensions of the separate liquids, 
the interfacial tension is 
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Surface Tension 


Steel 1500 ergs per sq cm 
Slag 300 ergs per sq cm 


1200 ergs per sq cm 


The total interfacial energy is 

1200 x 36 x 10* = 4.3 x 10° ergs 
1 erg = 7 x 107° ft-lb 

so 

4.3 x 10°x 7 x 107° = 30.2 ft-lb 


Theoretically then, slag falling in the order of 
30 ft would generate enough kinetic energy to break 
it up into spheres of 30yu size. Slag seldom falls 
for more than half of that distance and, falling on a 
yielding, liquid surface, the efficiency of the energy 
in producing new surface would be very small. 
Kazantsev’ et al., calculated that there was not 
enough energy in the combined streams of metal 
and slag falling into the ladle to break the slag into 
particles of less than 30u. 

Rupe’® experimented with droplets of water falling 
into a bath of kerosene and found that there was a 
minimum critical velocity that would cause them to 
break up into smaller droplets. The critical veloc- 
ity increased as the size of the droplets decreased. 
The minimum critical velocity for a water droplet 
100u in size was found to be about 17 m per sec, 
which would require a free fall of 15 m or 50 ft. 
For a droplet 50u in size, the critical velocity 
would be 40 m per sec and would require a free 
fall of 82 m or 275 ft to break it into smaller drop- 
lets. While the analogy may not be close, it gives 
some measure of the magnitude of energy involved 
in breaking a liquid into very small droplets. 

The conditions for a stable emulsion are: 1) low 
interfacial tension, 2) charged surface, and 3) a 
stabilizing film at the interface. In a steel-slag 
system, the interfacial tension is high, a charged 
surface cannot be maintained in a highly conduct- 
ing medium like liquid steel, and there is no 
stabilizing film of a third material. It seems, 
therefore, that the forces of coalescence are at 
least as strong and probably stronger than the 
forces of comminution, which is in agreement 
with empirical results. Particles of slag formed 
during tapping are completely eliminated in the 
interval between tapping and teeming and, therefore, 
do not form exogenous inclusions. 

Where then, should one look for the origin of ex- 
ogenous inclusions? One clue is the fact that many 
exogenous inclusions are of macroscopic size; that 
is to say, they are of a size that would float out of 
quiet, liquid steel in a matter of seconds. Their 
residence time in liquid steel, therefore, must be 
very brief. This means that one need look back no 
further than the operation of pouring the steel into 
the mold. There is substantial evidence to support 
this viewpoint. 
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MECHANICAL EROSION 


Some exogenous inclusions are merely particles 
of refractory material that have been engulfed in 
the flowing steel and were unable to escape before 
it froze. In ingot practice these may have been loose 
dirt in the mold or material spalled from the hot-top 
refractory. In steel castings they are likely to be 
molding sand or mold wash which may have been 
loose to begin with, was mechanically eroded, or 
was spalled off by thermal shock. They often are 
virtually unaltered by their brief contact with the 
molten steel and are readily recognized for what 
they are. 


CHEMICAL EROSION OF REFRACTORIES 


The most prolific source of exogenous inclusions 
is in the chemical erosion or fluxing of ladle re- 
fractories. With a few exceptions, ladles are lined 
with acid refractories, silica brick bonded with fire 
clay in the larger ladles, while the smaller ladles 
usually have rammed linings of such material as 
clay-bonded gannister. Nozzles are usually of clay 
and stopper heads of clay-graphite. These materials 
suffer considerable loss from fluxing and erosion in 
the course of pouring a heat. Ladle linings may last 
through five to 100 heats (average about twenty for 
large ladles) before being replaced, while nozzles 
are replaced after one heat. Carney and Rudolphy’ 
estimated that as much as 15 cubic in. of refractory 
is eroded from a nozzle in pouring a heat. 

There seems to be two principal sources of 
chemical attack to flux ladle refractories. One of 
these is the furnace slag which is tapped into the 
ladle with the steel. If it is an acid slag, it is likely 
already to be saturated with silica, and the attack 
on the acid refractories will be slight. Basic slags, 
on the other hand, readily attack and flux the acid 
ladle refractories to produce compounds that are 
fluid at steel-melting temperatures. 

Slag is purposely tapped into a ladle on top of the 
steel to act as an insulator and prevent undue cool- 
ing of the steel from surface radiation. As the steel 
is withdrawn from the ladle, the slag layer settles 
down washing the walls and meantime fluxing and 
glazing them or depositing a layer of frozen slag. 
When the ladle is empty, slag still molten is poured 
out but the glazed layer remains. 

When another heat of steel is tapped into the 
ladle, this layer again becomes fluid and slowly 
drips off. Fortunately, most of it floats to the sur- 
face and is taken into the slag covering already 
there, but some particles will be caught in the 
flowing stream of steel and carried out of the nozzle 
and into the mold. 

The other principal manner of attack is in direct 
reaction between the acid refractory and the molten 
steel, but more particularly the manganese content 
of the steel. This reaction between the manganese 
in molten steel and the silica of acid refractories 
has long been known and has been discussed by nu- 
merous investigators. It is well known, for instance, 
that steels containing over 1 pct Mn attack a clay 
nozzle much more severely than those with the 
more normal 2 pet. Austenitic manganese steel 
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containing 12 to 14 pct Mn attacks acid refractories 
so severely that it must be handled in basic-lined 
ladles and poured through magnesia nozzles. 

A. McCance** and J. R. Rait® have discussed this 
reaction at length. Apparently it is a simple re- 
action in which the manganese of the steel reduces 
silica of the refractory until an equilibrium concen- 
tration of manganese and silicon in the steel is 
reached: 


2 Mn + SiO, = 2 MnO + Si 


If it is considered that most acid refractories con- 
tain more than 50 pct SiO, and that much of this is 
free silica, the SiO, of the equation can be consid- 
ered a constant and the equilibrium expressed as 


K _ {| Mn 1 
MnSi MnO [Si] 


F. Korber® gives the value 


or 

, -4 
K wig; (1600 C) = 8.6 x 10 


Because of this equilibrium limitation, E. Maurer’ 
suggested that initial adjustment of the Mn/Si ratio 
in the steel would reduce the attack. Post and 
Luerssen® made a very comprehensive study of this 
factor and reported that Mn/Si ratio in the steel 
correlated closely with the cleanliness rating of 
step-down bars subjected to magnaflux testing. 
Furthermore, the Mn/Si ratio had a marked influ- 
ence on the silica content of the slag buttons re- 
moved from the surface of ingots. They concluded 
that a Mn/Si ratio near unity would be advantageous 
for cleanliness. 

McCance’* claimed that a residual aluminum con- 
tent in the steel would minimize the reaction of Mn 
with SiO,, but other observations do not seem to 
substantiate this claim. Snow and Shea”® did show 
that aluminum dissolved in liquid steel will react 
with refractories in a similar manner according to 
the reaction 4 Al + 3 SiO, = 2 Al,O, + 3Si. There 
is general agreement in many observations that 
high alumina-content clays are attacked less than 
those with low alumina content. Some think that 
free silica is necessary for the reaction, and 
Carney and Rudolphy reported that a mullite nozzle 
showed no perceptible attack under conditions 
where a clay nozzle was severely eroded. 

An important finding of the work of Post and 
Luerssen® was that the glass buttons taken from the 
surface of ingots were fluxed fire clay with some of 
the silica replaced with MnO and to a lesser extent 
with FeO and Cr,0,. The MnO content ranged from 
20 to 40 pet. 

In an interesting correlation, M. P. Fedock® found 
a striking similarity between exogenous inclusions 
found in steel ingots and the scum that floats to the 
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surface during the pouring of an ingot. Whena 
secondary ladle or tundish was used, a scum was 
found floating on the surface of the steel in the ladle. 
The composition of this scum was very similar to 
the ingot scum except that the latter usually con- 
tained higher MnO and lower SiO, contents. The 
secondary ladle scum in turn was quite like the 
glazed surface of secondary ladle refractory lining, 
both as to composition and melting point. The 

latter averaged about 2275°F. 

Like those reported by Post and Luerssen, these 
scums were obviously fluxed and modified fire clay, 
but unlike the former, they contained not only MnO, 
FeO, and Cr,O, but also substantial quantities of 
CaO and MgO, indicating that the furnace slag played 
a part in fluxing the ladle refractories. Using co- 
balt as a tracer material, it was determined that 
the critical ladle areas were the nozzle and the 
ladle well for a distance of 22 in. from the nozzle. 

Carney and Rudolphy’ showed the great similarity 
in microstructure between most of the exogenous 
inclusions in an ingot and the fluxed layer on the 
bore of a clay nozzle. The nozzle drip had the same 
composition as the coating on the nozzle bore. They 
concluded on the basis of chemical composition and 
petrographic examination that the large inclusions 
found by etch tests are not what would be expected 
to form from deoxidation products but are altered 
refractory materials. By using the natural TiO, 
content of the refractories as a tracer material, it 
was estimated that 50 to 75 pct of the material in 
the inclusions originated in the ladle refractories. 

They found that a mullite nozzle did not erode but 
did build up a slag coating in the bore and did have 
nozzle drip, indicating that nonmetallic material 
was being washed through the nozzle. In unpublished 
work done at Battelle Institute, similar results were 
obtained with a ladle nozzle lined with zircon. There 
was no erosion but a layer of nonmetallic material 
accumulated in the bore of the nozzle. A represen- 
tative analysis of this material is: 


CaO 
14 pet 


FeO 
5 pet 


MgO 
5 pet 


MnO 
30 pet 


Al,O, 
24 pet 


SiO, 
21 pet 


The analysis indicates that it is composed of ladle 
refractory fluxed with furnace slag and by reaction 
with the manganese and aluminum contents of the 
steel. 

In teapot ladles and hand shanks, such as are 
commonly used in steel foundries, similar erosion 
takes place, and close observation will often detect 
liquid beads of fluxed refractory flowing over the 
lip with the steel. 


AIR OXIDATION 


Molten steel, particularly deoxidized steel, reacts 
rapidly with air when exposed. When steel is poured 
from a ladle to a mold, the freshly exposed surface 
reacts to form first a film of FeO. This FeO cannot 
dissolve in the steel, which is already saturated with 
oxygen but does continue to react with the deoxidiz- 
ers in the steel. On a silicon-killed steel, it will 
react with manganese and silicon to form a fusible 
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iron-manganese silicate. On a steel heavily killed 
with aluminum, it reacts to form iron aluminate or 
alumina, both of which are solids. These products 
of oxidation are engulfed in the stream of flowing 
steel and carried into the mold. 


CHARACTERISTICS OF EXOGENOUS INCLUSIONS 


The source of material for exogenous inclusions 
thus seems to be well established. When this mate- 
rial is entrained in steel and carried into a mold, it 
tends to float rapidly to the surface. In an ingot 
mold most of it does reach the surface and forms 
an ingot scum. In top-poured ingots, the falling 
stream of steel churns much of it deep below the 
surface again but eventually about 95 pct of it 
reaches the top of the ingot. Some of it, however, 
gets trapped near the surface in steel chilled by the 
mold wall or by growing dendrites. Thus, most of 
these inclusions are found near the top of the ingot 
or in the surface layer, although sometimes they 
are found near the center. It is suggested that 
many of the latter are introduced by churning in 
surface scum during back-filling of a partially 
solidified ingot. Others may occur in uncropped 
pipe. 

In bottom-poured ingots where the last steel must 
flow through a ring of solidified steel, the pattern of 
location is different. In these, the surface is usually 
quite clean but there is apt to be a concentric zone 
of contamination about one-quarter of the distance 
from the surface to the center and towards the bot- 
tom of the ingot. 

When steel is poured into sand molds for cast- 
ings, the nonmetallic material in rising may float 
into a riser where it does no harm. Some will be 
caught between the cope surface and the sand. If it 
is hot and fluid enough, it will wet the sand and pen- 


Fig. 3(2)—Exogenous inclusion centrally located in the 6- 
in.-sq top billet from the first ingot of heat. This contains 
considerable calcium silicate and probably has its origin 
in the furnace slag from the previous heat which fluxed 
the lining in the sump of the ladle and was washed out with 
the flowing steel into the first ingot. X500. (4) Subsurface 
inclusion found in 6-in. round billet. It has composition as 
shown in specimen 1, Table I. High content of CaO and 
MgO indicates that furnace slag left in the ladle was prin- 
cipal component. X100. Reduced approximately 44 pct for 
reproduction. 
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Table |. Spectrographic Analyses (Accuracy + 30 Pct) of Subsurface Inclusions Taken from Billets, 
a Specimen of Ladle Slag, and Silicate Found in Gas Holes of a Stainless Steel Casting 


Composition, Pct 


Specimen No. Description CaO MgO FeO Alz03 = SiOz MnO CrO 
1 Subsurface inclusion found in 6-in. round billet 35 16 21 10 10 2 
2 Ladle slag chipped from ladle brick from same 30 10 20 10 14 10 
shop as above 
3 Glass buttons found in gas holes of stainless 7 3 0.6 6 49 35 13 
steel casting 
2 Subsurface inclusions found in billets of 4 2 20 50 14 20 


aluminum-killed steel 


often, however, it will remain as a bead to produce 
a depression in the casting surface. Some will be 
trapped inside a frozen skin or under a core. Those 
that do not reach a surface are likely to act as 
nuclei for gas evolution and cause porosity. 

Exogenous inclusions occur in great variety but, 
for the most part, are readily distinguished from 
the endogenous inclusions. Characteristic features 
include a generally larger size, sporadic occur- 
rence, preferred location in ingot or casting, ir- 
regular shapes, and complex structure. 

Examples of stoney types are shown in Fig. 3. 
That in Fig. 3(a) was analyzed petrographically and 
found to contain a large portion of calcium silicate. 
The one in Fig. 3(b) was analyzed spectrographically 
as shown in Table I, Specimen 1, and found to be 
high in CaO, MgO, and FeO, and low in Al,O,, SiO,, 
and MnO. Both of these inclusions undoubtedly had 
their origin in basic furnace slag left on the surface 
of ladle brick. Analysis of material chipped from 
the glazed surface of ladle brick in the same shop 
where Specimen 1 was made showed a significant 
similarity in composition. Table I, Specimen 2. 

Some glassy types are shown in Fig. 4. The one 
in Fig. 4(a) was analyzed petrographically and 
found to be composed largely of Al,O, and a glass 
judged to be manganese silicate. It apparently was 
a product of an eroded clay nozzle. The glass 
buttons of Fig. 4(b) were found in gas pockets under 
a core of a heavy stainless steel casting. Their 
analysis is as shown in Table I, Specimen 3, and 
shows them to be largely manganese-chromium 
silicate produced by reaction of the steel with ladle 
refractory. The low content of CaO and MgO indi- 
cate that furnace slag played a very minor role. 
Fig. 4(c) shows a glassy type found in a rolled bar 
of resulfurized steel. It is obviously composed of 
fluxed refractory even though some sulfide has be- 
come precipitated on it. Fig. 4(d) shows a glassy 
inclusion found in a chill-cast Taylor sample of a 
0.30 pct C, 0.70 pct Mn, 0.30 pct Si steel. Although 
only 55u in diam, its size and constitution indicate 
it is of exogenous origin. Normal endogenous inclu- 
sions of this steel are shown in Fig. 18(a) (X1000). 

Fig. 5(a) shows a subsurface type of inclusion 
found in billets of an aluminum-deoxidized steel. 
The composition (see Table I, Specimen 5) shows 
it to be primarily a product of reaction of the steel 
with ladle refractories, but the high Al,O, and FeO 
contents indicate a considerable contribution from 
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air oxidation during pouring. 

Fig. 5(b) shows inclusions that are mainly small 
particles of Al,O, strung out in the direction of 
rolling. It is believed that these had their genesis 
in air oxidation of the pouring stream. This pro- 
duced a film of alumina which was then engulfed and 
trapped in the steel. They are too widely separated 
and too uniform as to size to be fragments of a 
large inclusion that was shattered during rolling. 
Being formed as a cluster of very small inclusions 
they would not float out rapidly. 

Fluxed refractories are likely not to be in equi- 
librium with the liquid steel that entrains them and 
they continue to react. If these materials have 


Fig. 4(a2)—Exogenous inclusion centrally located in a 4.5- 
in. sq billet near the bottom of the last ingot poured. It 
contains a large amount of alumina (dark, irregular crys- 
tals) and apparently has its origin in eroded refractory 
from the nozzle. X500. (5) Buttons of glassy slag found in 
bottoms of gas holes in stainless steel casting. Composi- 
tion as shown in Table I, specimen 3 indicates the origin 
to be in eroded ladle lining or nozzle clay. X10. (c) Glassy 
silicate inclusion found in rolled bar of resulfurized steel. 
(¢4) Glassy exogenous inclusion found in 0.30 pet C, 0.70 
pet Mn, 0.30 pet Si steel. Normal endogenous inclusion of 
this heat is shown in Fig. 18(a). X1000. Reduced approx- 
imately 44 pct for reproduction. 
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Fig. 5(2)—Subsurface inclusion containing 50 pct Al, O, 
believed to be produced by reoxidation of aluminum-killed 
steel during teeming. X10. (+) Inclusion made up largely 
of particles of Al,O; found in steel fully deoxidized with 
aluminum. Believed to be trappea surface film produced 
by oxidation of the stream during pouring. X250. Reduced 
approximately 39 pct for reproduction. 


available oxygen, it will enter the steel and react 
with the deoxidizers present. 

Hultgren” has shown that many small satellite 
oxides close to large exogenous inclusions are 
produced by such reaction. Small silicates pro- 
duced in this manner are shown in Fig. 6(a). 

The bulk of the evidence thus indicates that most 
if not all exogenous inclusions found in solidified 
steel were acquired in the last moments of the 
liquid life, that is to say, during the pouring opera- 
tion. Pouring with the steel at a higher tempera- 
ture causes more rapid fluxing of the refractories 
but also gives more time for entrained material to 
float out before freezing traps it. Higher pouring 
temperature tends to give cleaner ingots. 

The use of refractories that have a higher melt- 
ing point or are less reactive chemically are a 
definite help in producing cleaner steel but bring 
on other problems. It was shown, for example, that 
a mullite or a zircon nozzle is quite resistant to 
erosion but acquires a crust in the bore which in- 
terferes with steel flow. When an ordinary clay 
nozzle is used, the erosion and enlargement of the 
bore compensates for the loss of ferrostatic head 
in the ladle and keeps the steel flowing at a more 
uniform rate. If this erosion does not occur, some 
other arrangement, such as two nozzle assemblies 
in the ladle, might be needed. A double-bore nozzle 
with the lower (smaller) half removable at mid-pour 
has been used. 

The built-up crust in the bore of a noneroding 
nozzle can be minimized by using better refracto- 
ries for the ladle lining. Basic refractories have 
a decided advantage from the standpoint of chemical 
erosion but are thermally more conductive and 
cause rapid temperature drop in the ladle. They 
are also more subject to damage from thermal 
shock. 

Protection of the pouring stream from air oxida- 
tion would be of tremendous help. One of the great 
bonus advantages of the vacuum degassing process 
for removing hydrogen from molten steel is the 
improvement in cleanliness obtained by pouring 
under nonoxidizing conditions. It is suspected that 
much of the claimed benefit from vacuum melting 
comes from vacuum pouring. 
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ENDOGENOUS INCLUSIONS 


Endogenous inclusions are those that form by 
precipitation, as a result of homogeneous reactions 
in the steel. They are composed principally of 
oxides and sulfides and the reactions that form 
them may be induced either by additions to the steel 
or simply by changes in the solubility during the 
cooling and freezing of the steel. 

The principal source of endogenous oxides is 
thought to be in the deoxidizing addition made at 
the end of a heat. When the deoxidizer is added it 
promptly dissolves in the steel bath and rapidly re- 
acts with any dissolved oxygen to the extent of 
equilibrium for such reactions as: 


O+ Mn ~ MnO 

20 + Si ~ SiO, 

30 + 2Al — Al,O,. 

The MnO, SiO,, and Al,O, are precipitated and fur- 


nish the substance of nonmetallic inclusions. Given 
sufficient time, some, of course, will float out and 


escape. 


Fig. 6(2)—Small satellite silicates adjacent to a large ex- 
ogenous silicate. They are produced by reaction of oxygen 
in the large silicate with silicon in the steel. (According 
to Hultgren.!!) x1500. Reduced approximately 25 pct for 
reproduction. 
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Fig. 6(6)—Silicate inclusion high in silica content. Be- 
cause of high viscosity, rate of coalescence was slow and 
was not completed before the steel froze. (According to 
Fischer and Wahlster.'*) X1500. Reduced approximately 
31 pet for reproduction. 
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While the mechanism just described is true in 
most respects, it is believed to be greatly over- 
simplified. 

The process of steelmaking is almost a continuous 
oxidizing operation. During the ‘‘oxidizing’’ period 
such elements as carbon, manganese, silicon, chro- 
mium, and aluminum, if present, are largely elimi- 
nated by oxidation. Under a basic slag, phosphorus 
is also removed by oxidation. An open-hearth heat, 
using 50 pct or more of hot metal in the charge, will 
thus lose upwards of 1 pct Mn, 0.6 pct Si, and 0.1 
pct P, which will produce a total of nearly 3 pct of 
oxide. It is readily apparent that most of this leaves 
the metal and enters the slag, and, in fact, over half 
of it leaves the furnace with the flush slag. In all- 
scrap heats, lesser, but still substantial, amounts 
of oxides are produced. 

The deoxidation of the steel requires oxidation of 
the deoxidizers; the difference being that in this 
operation an excess of deoxidizers over the avail- 
able oxygen is provided. This excess is necessary, 
not only to provide adequate oxygen removal by 
mass action but to allow for losses which are 
greater than can be accounted for by the oxygen 
content of the steel. In a typical example, a basic- 
open-hearth heat was oxidized to 0.32 pct C. It 
would then contain about 0.02 pct O. The deoxidiz- 
ing addition to this heat was 0.4 pct Si and 0.57 pct 
Mn. The recoveries were 66 and 82 pct, respec- 
tively. Thus, 0.14 pct Si and 0.1 pct Mn were lost 
by oxidation, enough to combine with eight times the 
oxygen content of the steel and enough to form 0.43 
pet of SiO, + MnO. 

Brower, Bain, and Larsen’? found that Mn, Si, C, 
and Al are oxidized by exposure of the tapping 
stream to air. Oxygen picked up thus may be from 
1 to 4 lb per ton of steel, forming 3 to 9 lb per ton 
of oxides equal to 0.4 to 1.0 pct by volume, de- 
pending on the type of steel and degree of deoxida- 
tion. In spite of this, the quantity of inclusions 
found in a solidified ingot are remarkably constant 
for a given type of steel. Rait,° Dickenson,’* and 
numerous other investigators” have shown that the 
manganese silicate content of a silicon-deoxidized 
steel will be in the range of 0.015 to 0.030 pct, or 
not more than 10 pct of that formed during tapping 
and ladle filling. When aluminum is used as a de- 
oxidizer, the recovery is usually less than 50 pct, 
but the oxide content of a fully deoxidized steel is 
in the neighborhood of 0.010 to 0.015 pct. Brower, 
Bain, and Larsen’? found no good correlation be- 
tween the oxidation of the pouring stream and the 
amount of inclusions in the finished steel. 

Such figures show clearly that the great majority 
of oxides formed during steelmaking escape to the 
slag. While this may be expected of those formed 
early in the heat, it seems that at least 95 pct of 
those formed during deoxidation in the ladle escape 
before the steel is poured.” A great amount of ef- 
fort has been spent in attempts to determine the 
rate of separation of precipitated oxides from 
molten steel. In most of this work, there has been 
a tacit assumption that the oxides are precipitated 
as fine particles which then grow to larger size by 
the process of coalescence. It is further postulated 
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that the ability to coalesce is a function of the fusi- 
bility or fluidity of the precipitated oxides, and that 
the rate of separation is governed by the speed with 
which they grow. Herty and Fitterer’® first ex- 
pounded this principle in 1931 and it has had a great 
influence on the thinking and experimental work ever 
since. 

There is little doubt that oxides precipitated as 
liquids do sometimes coalesce and thus grow to 
larger size. Fig. 6(b) shows silicate inclusions 
high in silica content which, according to Fischer 
and Wahlster,*® were slow in coalescing because of 
high viscosity and thus were caught in the act. There 
appears to be room for considerable doubt, however, 
that coalescence is an important or even a usual 
means of growth. For example, there is no obvious 
mechanism that would bring separated inclusions 
together in liquid steel other than chance collision. 
Growth of larger inclusions by cannibalism of 
smaller ones is more likely a process of re-solution 
and precipitation on the larger ones. 

Fischer and Wahlster*’ conducted a comprehen- 
sive and well-planned investigation to determine 
experimentally the rate at which primary deoxida- 
tion products are eliminated from a steel bath by 
the process of levitation. They used a middle- 
frequency induction furnace and crucibles of various 
sizes and materials, acid, neutral, and basic. Low- 
metalloid Swedish ingot iron was used as a base 
material. The procedure was to melt a charge of 
iron, bring it to the desired temperature, and allow 
it to come to equilibrium with the slag. At this 
time, the oxygen content would be in the range 
0.08 to 0.10 pct. A weighed quantity of a deoxidizer, 
such as silicon, was then added to the melt, and 
periodic samples were taken by drawing up a small 
amount into a fused silica tube. The samples were 
analyzed for total oxygen and silicon contents. 

It was assumed that homogeneous equilibrium 
was quickly reached and that silicon and oxygen 
actually in solution would be in equilibrium at all 
times according to the equation: 


K,, = [% Si] x [% O}? 


If the product of the analyzed oxygen and silicon, 
Ks, differed from the equilibrium value K,; = 2.8 
x 10°° at 1600°C as determined by Gokcen and 
Chipman,”® it was postulated that some precipitated 
silica or silicate remained in suspension when the 
sample was taken. When Ks; = K si» it was con- 
cluded that the primary deoxidation products had 
escaped from the metal bath. 

Fig. 7 shows typical results from one of their 
tests. An addition of 0.15 pct Si was made to an 
iron melt containing 0.084 pct O and which was in 
equilibrium with an oxidizing slag. Periodic sam- 
ples for analysis were then taken over the next 
12 min, while the melt was held close to constant 
temperature. It will be noted from Fig. 7 that 
Kg; became equal to Kg after 2 min and remained 
approximately equal for the remainder of the test. 
This was interpreted to indicate that the primary 
deoxidation products had been eliminated in 2 min. 

It appears that another interpretation can be 
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Minutes After Silicon Addition 


Fig. 7—Progress of deoxidation after the addition of 0.15 
pet Si at 1600°C to 4 kg of oxygen containing iron in a 
silica crucible. (According to Fisher and Wahlster.! ) 


applied to these data. In the first place, it is ob- 
vious that the oxidizing slag fed oxygen into the 
metal bath continuously with the result that after 

12 min all the added silicon had been oxidized, and 
the oxygen content was back to its original value. 
Going back to the first sample, which was taken 

at 30 sec, it may be seen that, of the 0.15 pct Si 
added, 0.083 pct had already been lost, presumably 
by oxidation to SiO,. This must have taken with it 
0.095 pct of O which is 0.011 pct more than the bath 
contained before the silicon addition. Even so, it 
still contained 0.043 pct O which means that the slag 
had contributed 0.053 pct O in this period. 

It seems justified to conclude, therefore, that not 
only all the products of the primary deoxidation but 
also part of the secondary oxides, formed by migra- 
tions of oxygen from the slag, were eliminated in 
the first 30 sec. As the silicon content of the metal 
decreases or as the oxidizing potential of the slag, 
relative to the bath, decreases, the rate of Silicon 
oxidation decreases. The coincidence of K,; and 
Ks, after 2 min would then mean that after 2 min 
the silicates were being eliminated as fast as they 
were formed. 

Fischer and Wahlster*’ found that larger silicon 
additions prolonged the time for Ks; to equal Ks;, 
but the oxygen content of the iron bath was de- 
creased faster. Other conditions such as the size 
of the melt, the temperature, whether the bath was 
quiet or circulating, and the composition of the 
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crucible affected the rate at which K'5; approached 
Ks,, but all showed a sharp initial drop in oxygen 
and silicon indicating that the oxides formed from 
oxygen originally present were eliminated quickly. 

When a steel has been oxidized down to a carbon 
content of 0.2 pct at 1600°C, the oxygen content will 
be about 0.02 pct.” After a silicon addition of 0.2 
pct and a manganese addition of 0.5 pct, the solubil- 
ity of the oxygen will be lowered to 0.008 pct.” All 
oxygen above this amount will be precipitated and, 
if the deoxidation is carried out in the ladle, the 
oxides should start to float out at once. If the steel 
is held long enough for them to separate, the steel 
will contain only 0.008 pct O when poured. The solid 
solubility of oxygen in steel is practically nil and all 
of this oxygen is available to form oxide inclusions. 
If 0.002 pct O formed 0.009 pct MnO and 0.006 pct O 
formed 0.011 pct SiO,, there would be manganese 
silicate inclusions in the amount of 0.020 pct which 
is right in the range of the 0.015 to 0.030 pct found 
by extraction.***® Rait® observed that, even in 
silicon-killed steels, the inclusions always contained 
some Al,O,. This could be accounted for if the 
ferrosilicon contained a little aluminum or by the 
presence of a few exogenous inclusions. 

In like manner, an aluminum-deoxidized steel 
containing 0.02 pct residual Al would contain 
0.004 pct O* at the time of pouring. This is 
enough to form a content of 0.008 pct of Al,O, 
or 0.009 pct of spinel, FeO-Al,O,. Only a slight 
amount of secondary oxidation during pouring would 
be needed to increase that to the range of 0.010 to 
0.015 pct usually found by extraction.” 

Sims, Saller, and Boulger™ reported a remarkably 
constant content close to 0.011 pct of Al,O, in steels 
with a wide range of residual aluminum. In a series 
of 29 steels with residual aluminum contents ranging 
from 0.003 pct to 0.28 pct, the Al,O, content de- 
termined as acid insoluble aluminum ranged from 
0.075 pct to 0.23 pct with an average of 0.011 pct. 
Such constancy cannot be accounted for on the basis 
that it was just the residue that failed to float out 
while the steel was still liquid. Thus, it is seen 
that there is enough oxygen dissolved in the steel 
at the time of pouring to account for all or most of 
the endogenous oxides found. This supports the 
viewpoint that endogenous inclusions are not par- 
ticles suspended in the steel at the time of pouring 
but rather are formed by precipitation subsequent 
to pouring. Other evidence will substantiate this. 


FORMATION OF ENDOGENOUS OXIDES 


Probably the simplest example of the formation 
of endogenous oxides is presented by the Fe-O 
binary system. Oxygen is soluble in liquid iron to 
the extent of 0.17 pct at the melting point and up to 
0.23 pct at 1600°C,*’ while the solubility in solid 
iron at room temperature is practically nil (0.003 
+ 0.003 pet at 1295° to 1380°C”). It follows, 
therefore, that when liquid iron containing oxygen 
freezes, the oxygen must precipitate. Fig. 8(a) 
shows the structure of a high-oxygen ingot iron* 


*Ingot iron. C — 0.01 pct, Mn — 0.09 pct, Si — < 0.02 pct, S — 0.012 
pet, P — 0.003 pct, and O about 0.085 pct. 
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(a) (5) (c) 
Fig. 8(a)—Chill-cast Taylor sample of ingot iron showing 
fine precipitate of Wiistite resulting from rapid freezing. 


X1000. (4) 3-in. sand-cast cylinder of Wiistite as a result 
of slower freezing. Some FeS also present. X1000. 


(c) Wiistite inclusions which were heated to 500°C for 5 hr. 


Partial breakdown to magnetite is shown in this unstable 
material. X1000. Reduced approximately 44 pct for 
reproduction. 


after being chill cast in a heavy-walled, copper 
Taylor sampler to give a specimen '/; in. in diam. 
Fig. 8(6) shows the structure of the same material 
when cast as a 3-in. cylinder in a dry sand mold 
to slow down the freezing rate. In both cases the 
oxygen precipitated as wlistite, a slightly nonstoi- 
chiometric FeO, but in the first case as a fine, 
well-dispersed precipitate and in the latter as 
large globules. 

This effect of freezing rate on the size of 
precipitated particles is a well-known phenom- 
enon, but there are various opinions regarding 
the mechanism involved. In the chill-cast speci- 
men there was obviously little time for diffusion 
or dendritic segregation as compared to the sand- 
cast ingot. Close examination reveals, however, 
that there is no real difference between them ex- 
cept in the size of the wlistite globules. The com- 
plete lack of small globules in the slow-cooled 
specimen indicates that these large globules, al- 
though apparently liquid when formed, did not grow 
by coalescence of smaller globules. There were 
simply fewer nuclei formed and these grew by 
direct precipitation from the liquid iron. 

Wiistite is unstable or at best metastable at low 
temperature and often contains some Fe,O, formed 
by the disproportionation reaction: 


4FeO Fe,0O,+ Fe 


Fig. 8(c) shows the formation of magnetite when the 
wlistite of Fig. 8(b) was heated to 500°C for 5 hr. 
When silicon is added to molten iron, the solu- 
bility for oxygen is markedly lowered and any ex- 
cess over the new equilibrium will be precipitated, 
but as an oxide of silicon. Hilty and Crafts” found 
that iron silicate was formed up to about 0.1 pct Si, 
above that practically pure silica. Fig. 9(a) shows 
such inclusions which were found near the center of 
a slow-cooled ingot made from electrolytic iron to 
which 0.5 pet Si had been added. Fig. 9(b) is from 
the same melt but chill cast as a Taylor sample. 
The size of these is not as uniform as in the case 
of FeO, but the difference in the average size or the 
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largest size between the fast- and slow-frozen 
samples indicates that these inclusions were formed 
during the freezing of the iron. 

An interesting observation of the silicon-deoxi- 
dized iron was the presence of inclusions like that 
in Fig. 10(2). These were found only in the Taylor 
samples and even there only near the rim where 
the fastest freezing occurred. This is similar to 
those observed by Zapffe and Sims” in Fe-O-Si 
alloys that were quenched in water from the molten 
state and as shown in Fig. 10(b). Fischer and 
Wahlster”™ found the same kind of inclusions in test 
samples sucked up into an 8-mm silica tube and 
quenched in water. They regarded them as addi- 
tional evidence that silicate inclusions form as very 
fine particles and grow to large size by a process 
of coalescence. As shown in Fig. 10(c), they ar- 
ranged nine examples in a series to depict the sup- 
posed sequence of precipitation and growth. 

Zapffe and Sims” concluded that the evidence 
shown in Fig. 10(6) could indicate growth by co- 
alescence with the group marked ‘‘1’’ being the 
first stage and the transparent silica globule No. 4 
being the final stage, but they also speculated that 
this peculiar formation could also represent a dis- 
persion. It was surmised that the dispersion re- 
sulted from the initial precipitation of SiO which 
immediately disproportionated by the reaction: 


2SiO SiO, + Si 


In reexamining the evidence one fact is outstand- 
ing, namely, that conditions like those shown in 
Fig. 10(6) are seen only after very fast freezing. 
This could mean either that clusters like No. 1 are 
not formed on slower cooling or that such a se- 
quence as 1 to 4 is normal but happens very fast 
and is completed before most specimens freeze. 
There seems to be no reason to doubt that Groups 1 
through 4 represent the progress of coalescence, 
but how are clusters like No. 1 formed? 


| 


(a) (6) 


Fig. 9(2)—Transparent inclusions of SiO, found near center 
of a slow-cooled ingot of electrolytic iron to which 0.5 pct 
Si had been added. X1000. (4) Transparent inclusions of SiO, 
found in a Taylor sample, showing the effect of freezing 
rate on inclusion size. X1000. Reduced approximately 15 
pet for reproduction. 
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Fig. 10(2)—Cluster of fine silica.particles in ingot iron to 
which 0.5 pct Si had been added. It was found near the rim 
of a Taylor sample. X2000. (+) Inclusions found in a study 
of Si-O equilibrium in liquid iron. Sample quenched in cold 
water from 1600°C. Apparently shows arrests at various 
stages of formation of silica inclusions. X2000. (c) Silica 
inclusions found in quenched specimens of silicon deoxi- 
dized ingot iron. Shows steps in the formation of a large 
silica inclusion. (According to Fischer and Wahlster.!*) 
X1500. Reduced approximately 35 pct for reproduction. 


They do not seem to be a step in the sequence of 
random precipitation of fine particles followed by 
agglomeration. It is unlikely that fine particles 
would gather into such compact clusters of equally 
sized and equally spaced entities before starting to 
coalesce. There is no obvious force to bring them 
together and the dearth of small isolated inclusions 
tends to refute such a mechanism. 

Group 1 has the appearance of a eutectic. A 
eutectic, however, requires preliminary concentra- 
tion of a solute by dendritic segregation and this 
could not occur in the present case because the iron 
was saturated with oxygen before freezing started. 
Furthermore, a eutectic usually is a solid structure 
when formed and subsequent, rapid coalescence 
would not be possible. The coalescence that did 
occur must have taken place while the matrix was 
liquid. 

The supposition that silicon and oxygen are first 
separated as SiO gives at least a plausible explana- 
tion for the behavior shown in Fig. 10(b). Silicon 
monoxide is a well-established compound that is 
readily formed as a gas in the temperature range 
1050° to 1200°C by the reaction: 


SiO, (s) + Si (s) = 2 SiO (g) 


Schifer and Hirnle* give the free energy of forma- 
tion as 


AF? = +159,400 + 13.8 T log T — 121.55 T (298° to 
1700°K) 


378-VOLUME 215, JUNE 1959 


Edwards™ has presented evidence that solid SiO is 
stable above 1450°K. In this it is similar to the 
FeO phase which is unstable at low temperatures 
but which becomes stable at higher temperatures. 
Edwards has calculated the heat of formation as 
H49, = —104.6 + 3 kcal. Thus, it is more stable 
than FeO but less stable than SiO,. 

When SiO gas is condensed at high temperatures, 
it forms a solid that appears to be an opaque, buff- 
colored glass. Under the microscope, a polished 
section has the appearance of Fig. 11. There it is 
seen to be a disproportionation product of fine silica 
globules in a matrix of silicon (confirmed by chemi- 
cal and X-ray analysis). The resemblance of the 
structure in Fig. 11 to that of Group 1 in Fig. 10(b) 
is striking. 

From the observed properties of SiO, it seems 
logical to expect that SiO might precipitate from 
freezing steel instead of the more stable SiO,, just 
as CO is precipitated rather than CO, or FeO in- 
stead of Fe,O,. It would also be expected to dis- 
proportionate almost immediately. If this did 
happen the silica globules should be arranged as 
in Group 1 of Fig. 10(b). These silica glass 
particles could continue to coalesce even after 
most of the iron had solidified because the silicon 
matrix has a freezing point 100°C lower than the 
iron and if diluted with iron it would be still lower. 


MANGANESE-OXYGEN 


Manganese added to molten iron will lower the 
solubility for oxygen and the equilibrium relations 
for this reaction have been determined by Chipman, 
Gero, and Winkler.® The oxides precipitated from 
an iron-manganese alloy will be a miscible solu- 
tion of MnO and FeO with the proportion of MnO 
increasing with the manganese content. Above about 
1 pet Mn they will be nearly pure MnO, Fig. 12(a) 
shows MnO inclusions found in a melt of electrolytic 
iron to which 8 pct of electrolytic manganese had 
been added. These were found in a Taylor sample 
which had been quickly cooled. The maltese cross 
structure appears typical of those found by Korber 
and Oelsen™ and shown in Fig. 12(b). They de- 
scribed them as refractory oxides which had pre- 


Fig. 11—Disproportionation product of gaseous SiO con- 
densed at high temperature in a silicon carbide furnace. 
It has average chemical composition of SiO but petro- 
graphic and X-ray analysis shows it to be a dispersion of 
silica globules in matrix of silicon metal. X2000. Reduced 
approximately 28 pct for reproduction. 
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cipitated and crystallized while the iron was still 
liquid. They appear, however, from their distribu- 
tion pattern to have been precipitated from solid 
solution along crystal planes rather than in liquid 
metal. 

When the metal which furnished the sample for 
Fig. 12(a) was cast into an ingot and slow cooled, 
the oxides were as shown in Fig. 12(c). These ap- 
pear much like silicates but are identified as 
globules of translucent MnO. Hilty** found similar 
inclusions of MnO. It appears from this that the 
maltese cross structure of Fig. 12(a) is a product 
of rapid freezing. Except for its characteristic 
shape it bears some resemblance to silica inclu- 
sion of Fig. 10(a). 

If silicon is added with manganese, the oxide 
inclusions seem always to be glassy manganese 
silicates as shown in Fig. 12(d). If sulfur is also 
present and the manganese greater than about 
1 pet, as in Fig. 12(d), duplex inclusions contain- 
ing both manganese sulfide and manganese silicate 
are characteristic. 


CHROMIUM-OXYGEN 


Although chromium is almost never used for 
deoxidation, it is a mild deoxidizer for iron and, 
when added to iron containing oxygen, will preempt 
the oxygen to form chromium oxides. Chen and 
Chipman,*® and Hilty, Forgeng, and Folkman® have 
determined the equilibrium relations or oxygen 
solubility in Fe-Cr alloys with good agreement for 
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Fig. 12(a)—MnoO inclusion in electrolytic iron to which 8 
pet of electrolytic manganese has been added. Found in 
fast-frozen Taylor sample. X2000. (5) MnO inclusions 
found iron containing 1.76 pct manganese. They represent 
a high melting-point oxide which crystallized while the 
iron was still molten. (According to Koerber and Oelsen.*1) 
(c)Transparent globular inclusions of MnO found when the 
same iron as in (a) was cast into a 6-in. ingot and slowly 
cooled. X1000. (d) Inclusions of manganese silicate, 
manganese sulfide, and duplex inclusions containing both. 
Found in slow-cooled ingot of ingot iron to which 8 pct Mn 
and 0.5 pct Si had been added. X1000. Reduced approxi- 
mately 35 pet for reproduction. 
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Fig. 13(¢)—Characteristic oxides found in an ingot iron to 
which 20 pet Cr had been added. Some sulfide envelopes 
are present. These oxides are obviously cubic in crystal 
habit and most appear to be sections of octahedrons. 
X1000 and X1500. (6) Globular silicates produced when 
0.5 pet Si was added to the metal of (2). This does not 
appear to be a typical conversion because cubic oxides 
are commonly found in stainless steels. X1000. Reduced 
approximately 37 pct for reproduction. 


the lower contents of chromium. Hilty et al. show 
a minimum solubility for oxygen at about 6 pct Cr 
in liquid iron and an increasing solubility with 
higher chromium contents. 

Hilty and his coworkers made an intensive study 
of the oxide phases of the solidifed alloys and found 
a decreasing iron-oxide content with increasing 
chromium content. With very low chromium, the 
primary oxides were a mixture of wiistite and 
chromite, the latter being the FeO-Cr,0O; spinel. 
With increasing chromium, this quickly changes to 
all chromite which persists up to a chromium con- 
tent of roughly 3 pct. From 3 pet to about 9 pct Cr 
a distorted spinel was found, while above 9 pct Cr 
only Cr,O, occurred as a primary oxide. The 
Cr,O, is a face-centered-tetragonal crystal which 
readily breaks down at high temperature by the 
disproportionation reaction: 


3Cr,0, ~ Cr + 4Cr,O, 


to chromium metal and chromic oxide. This appar- 
ently accounts for the frequent observation of 
Cr,O, in high-chromium steels. 

The distorted spinel, which is also tetragonal, 
seems to be intermediate in composition between 
FeO-Cr,O, and Cr,O,. Since these all belong to 
the cubic system, a simplification, possibly an 
oversimplification, would be to regard Cr,O,, 
like Fe,O,, as a spinel with a composition 
CrO.Cr,0,. The interval of the distorted spinel 
would then be where the FeO was being substituted 
by CrO. The Cr,O, phase always contained some 
iron oxide but probably never more than about 
8 pet. 

Fig. 13(a) shows examples of the types of oxides 
found in an ingot iron to which 20 pct of Cr has been 
added. Many of these have an envelope of sulfide 
around them. All seem to have crystallized in the 
cubic system and most appear to be sections of an 
octahedron. This is in agreement with the findings 
of Hilty et al. When 0.5 pct Si was added to this 


VOLUME 215, JUNE 1959-379 


AG 
3 
ca 
‘ ce 
* 
n 
« 
x ‘ 
put 
| 
tic 
a 
° 
j 
©) 
x 
x 
: 
. 
of 
| 
OF = 


(a) (b) 


Fig. 14(a2)—Inclusions found in ingot from a melt of ingot 
iron to which 0.1 pct Al has been added. Incomplete deoxi- 
dation has left a large amount of Wiistite (FeO) and a small 
quantity of hercynite, the spinel FeO-Al,0;. The light 
portions of the inclusions are FeS. X500. (4) Same as in 
(a) but with the addition of 0.2 pct Al. Deoxidation is not 
yet complete but there is more hercynite and less Wiistite. 
X1000. Reduced approximately 15 pct for reproduction. 


alloy, all of the inclusions were converted to 
globular silicates as shown in Fig. 13(b). Sucha 
conversion cannot be said to be typical, however, 
because the inclusions of most stainless steels are 
more like those of Fig. 13(a). It is apparently the 
presence of manganese in the stainless steel that 
makes the difference. 


ALUMINUM-OXYGEN 


Aluminum, being one of the strongest deoxidizers 
known, reduces the amount of oxygen available to 
produce endogenous inclusions and also drastically 
alters their character. Chipman*’ made a theoreti- 
cal calculation for the equilibrium constant for the 
reaction: 


A1,O, (solid) = 2Al + 30 


in liquid iron and obtained a very low value for 
oxygen solubility. Experimental work by Wentrup 
and Hieber*® and by Hilty and Crafts*® indicates 
that the actual solubility is very much higher. The 
latter, for instance, found almost a hundredfold 
higher solubility, but they also found, in every case 
investigated, that the oxide phase with which the 
metal came to equilibrium, contained some iron 
oxide. At low concentrations of aluminum, it was 
likely to be a mixture of FeO and FeO-Al,0O;, 
while at high concentrations a mixture of 
FeO -Al,0, and Al,O, was found. The dis- 
crepancy between theoretical and experimental 
values can be largely reconciled on the basis 
that the oxide phase in equilibrium with the 
Fe-O-Al system is not pure Al,O, but rather 
FeO-Al,0O,. Some unknown activities of oxygen 
and aluminum in liquid iron can probably account 
for the rest of the difference. It seems warranted 
to postulate, therefore, that in the range of 
aluminum ordinarily used to deoxidize steel, 
the oxides that precipitate will always contain 
some FeO -Al,O,. 

Fig. 14(a) shows the inclusions formed in an 
ingot iron melt to which 0.1 pct of Al had been 
added. This is not enough to deoxidize such a 
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melt, and it can be seen that the oxide is principally 
wistite with a small amount of the iron aluminate 
spinel. Fig. 14(b) shows the same material after 

a total of 0.2 pct Al had been added. Even this 
addition was not enough to deoxidize it completely, 
but the proportion of spinel is markedly increased. 
A total addition of 0.4 pct Al apparently did ac- 
complish compiete deoxidation as shown in Fig. 16. 
Here the inclusions appear to be entirely Al,O, but, 
in the light of present information, are a mixture of 
Al,O, and FeO -Al,O,. 

Hilty and Crafts found that the presence of 
0.5 pct Mn in liquid iron made aluminum about five 
times as potent in lowering the solubility of oxygen 
but found no similar effect for silicon. The rela- 
tions are shown in Fig. 17. 

An interesting effect of silicon on aluminum de- 
oxidation was observed, however, in some recent 
tests. The ingot-iron melt described above was a 
300-lb heat made in a magnesia-lined induction 
furnace. After 0.4 pct Al had been added, four 
Taylor samples were taken and a 3-in. sand-cast 
ingot was poured. Immediately thereafter an addi- 
tion of 0.5 pct Si was made to the remaining metal. 
Taylor samples were then taken and another sand- 
cast ingot was poured. 

Cross sections of Taylor samples taken before 
and after the silicon addition are shown in Fig. 15. 
The excessive quantity of oxide inclusions in the 
first is in sharp contrast to the comparative 
cleanness of the latter. Each of these is repre- 
sentative of all four samples taken before and after 
the silicon addition. Figs. 16(a) and 16(b) show 
typical areas of the same two sections at higher 
magnification. The oxide inclusions of each are 
characteristic of those in an aluminum-deoxidized 
steel, but the quantity is characteristic only in the 
one containing silicon. The same contrast was 
maintained in specimens taken from the centers 
of the slow-cooled ingots as shown in Figs. 16(c) 
and 16(d). 

In the tests described above, there was an interval 
of 3 min between the last aluminum addition and the 
first Taylor sample. Then, after tke silicon addition 
there was a period of 3 min to the next Taylor sam- 


(a) (b) 
Fig. 15—Cross section of Taylor sample from a melt of 
ingot iron to which 0.4 pct Al had been added. (a) Aluminum 
only. This has an inordinate quantity of oxide inclusions 
except along the periphery. X12. (6) Aluminum plus an 
addition of 0.5 pct Si which produced a drastic reduction in 
the quantity of inclusions. X12. Reduced approximately 52 
pet for reproduction. 
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ple. It would be easy to conclude that the second 
time interval merely gave opportunity for most of 
the inclusions to float out. However, numerous 
examples have shown that, when silicon is added 
before or with the aluminum, one minute is suf- 
ficient to get an inclusion quantity comparable to 
those of Figs. 16(b) and 16(d). 

In their solubility studies during which melts 
were held for long periods to attain equilibrium, 
Hilty and Crafts*® found similar gross contamina- 
tion of oxides in Taylor samples from melts con- 
taining only iron, oxygen, and aluminum. When 
manganese or silicon or both were present, the 
oxide inclusion content was markedly less. They 
found a branching oxide growth on the walls of 
their alumina crucibles when aluminum only was 
present and plausibly attributed the high oxide 
content of the Taylor samples to contamination 
from this source. In the case of the samples 
shown in Figs. 15 and 16, however, a magnesia 
crucible was used, and it was large enough that 
Taylor samples could be taken without coming 
even close to the wall. Such a source of contamina- 
tion can be ruled out. 

Analyses made on the Taylor samples gave the 
following results: 


Total Alas  Residual* Total** 

Al, Ai,0,, Al, Oxygen, 
Deoxidation Pct Pct Pct Pct 
Al only 0.12 0.053 0.067 0.038 
Al + Si 0.05 0.008 0.042 0.012 


* Residual Al by difference. 
** Vacuum-fusion analysis. 


They indicate a large content of aluminum oxide in 
the first sample despite a fairly high residual alu- 
minum content. After the addition of silicon, most 
of the aluminum oxide and some residual aluminum 
were lost. The heat was approximately 2950°F 
(1620°C) when poured and the relative aluminum 
and oxygen contents are very close to those pre- 
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Fig. 16—Same melt as in Fig. 15. (2) Aluminum only. 
Taylor sample. X500. (6) Aluminum plus silicon. Taylor 
sample. X500. (c) Aluminum only. From a 3-in.-diam sand 
casting. X500. (d) Aluminum plus silicon. From a 3-in.- 
diam sand casting. X500. These oxides are typical of those 
found in a steel fully deoxidized with aluminum but only 

(b) and (d) have a normal quantity. Reduced approximately 
43 pet for reproduction. 
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Fig. 17—Comparison of deoxidizing powers at 1600°C. 
(Hilty and Crafts? ) 


dicted by the curves of Fig. 17 for aluminum only. 
This indicates that the liquid metal was at equilib- 
rium and contained no mechanically suspended 
oxides when poured. 

While these observations give no firm evidence 
that silicon actually makes aluminum a stronger 
deoxidizer as Hilty and Crafts found to be the case 
for manganese, they do give strong evidence that 
the presence of silicon enables aluminum to do a 
cleaner and faster job of deoxidizing. 


ZIRCONIUM-OXYGEN 


Zirconium is genesally regarded as being a de- 
oxidizer at least as powerful as aluminum.” 
Sims, Saller, and Boulger™ found that small addi- 
tions of zirconium behave very much like aluminum, 
but the larger additions tended to load the steel with 
refractory oxide inclusions. Furthermore, the in- 
crease in oxide content seemed roughly proportional 
to the zirconium content. On the assumption that 
acid insoluble zirconium is present as some form 
of oxide, they found that approximately 70 pct of the 
zirconium in five steels was present as oxide de- 
spite a range of 0.01 to 0.32 pct in total zirconium. 
Metallographic evidence apparently corroborated the 
analytical results. It is known, however, that zirco- 
nium also forms very stable sulfides and carbides, 
and some such compounds may be sufficiently insol- 
uble in acid to boost the apparent oxide content. 

Fig. 18(a) shows the normal manganese silicate 
inclusions of a 0.3 pet C, 0.7 pct Mn, 0.3 pct Si 
steel, and Fig. 18(b) the same steel after the addi- 
tion of 0.1 pct Zr as a 15 pet Zr-Si alloy. The 
concentration shown in Fig. 18(b) was not constant 
but occurred in dispersed clouds. Fig. 19 shows 
two views of a specimen taken from the bottom cut 
of a commercial ingot made from a steel deoxidized 
with a zirconium-silicon alloy. These show an un- 
usual concentration of oxide inclusions but are 
characteristic of the whole bottom cut. Two other 
ingots of the same heat which were examined were 
similar. The top and middle cuts of these ingots 
had similar but far fewer inclusions. Identification 
by extraction followed by chemical and petrographic 
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Fig. 18(a)—Normal inclusions of iron manganese silicate in 
a 0.3 pet C, 0.7 pct Mn, 0.3 pct Si steel in a 3-in. sand- 
cast ingot. X1000. (b) Refractory oxides in same steel as 
(2), after the addition of 0.1 pet Zr as a Si-Zr alloy. Oxides 
believed tobe mainly ZrO,. X1000. Reduced approximately 


15 pet for reproduction. 


examination showed these refractory oxides to be 
zirconium oxide and silicate. Gray-sulfide and 
yellow-zirconium nitride inclusions were present 
in this and in the steel shown in Fig. 18(d). 

Experimental evidence has been cited* to indicate 
that some deoxidizers, such as chromium, vana- 
dium, and possibly silicon, first lower the solubility 
for oxygen in iron and then, with increasing concen- 
tration, cause it to rise again. Hilty, Forgeng, and 
Folkman® showed this to be true for chromium, and 
Hadley and Derge® for titanium. There are no firm 
experimental data for zirconium, but its behavior 
suggests that, after an initial strong deoxidation by 
a small concentration, greater concentrations cause 
the oxygen solubility to increase at a much greater 
rate than do the other alloys mentioned. 


DISTRIBUTION OF INCLUSIONS 


Because of the manner and time of formation of 
endogenous inclusions, they tend to be rather uni- 
formly distributed on a macro scale throughout an 
ingot or other casting. In fact, this is one of their 
most characteristic habits. A notable exception to 
this rule has been reported by Dickenson** and 
others,** who found a high concentration of silicates 
in an area near the center line of ingots and close 
to the bottom. In this same area there is also a 
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(a) () 
Fig. 19—Representative sections from the bottom cut of a 
commercial ingot of steel deoxidized with a Si-Zr alloy. 
Center and top cuts had fewer inclusions. Identification after 
extraction showed them to be zirconium oxide and zirco- 
nium silicate. (2) X100, (6) X500. Reduced approximately 
32 pet for reproduction. 
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Fig. 20—The Fe-Mn-S system. (After Wentrup."’) 


negative segregation of alloy constituents and such 
solutes as sulfur. This phenomenon has been 
tentatively ascribed to the formation of free iron 
crystals, early in the progress of freezing, which, 
being of greater density than the liquid steel, would 
sink to the bottom, carrying silicate inclusions with 
them, but proof was lacking. 

Some supporting evidence was obtained in a test 
in which 600 lb of 1035 steel was poured into a 
9 by 18 by 12-in. sand mold. A Pt-PtRh thermo- 
couple, protected by a silica tube, was placed near 
the center of section where the last freezing would 
occur. Although poured at 2800°F, the center 
cooled down to the liquidus temperature of 2740°F 
within 2 min. The temperature then remained con- 
stant at the liquidus until 27 min. had passed. 
During the next 33 min, it slowly fell to 2720°F, 
the peritectic temperature, at 60 min and was 
solidified in 68 min. 

During the drop from the liquidus to the peritectic 
temperature, delta ferrite crystals would form. 
Some silicates would also have formed just from 
cooling of the steel, and these could act as nuclei 
for the crystals of ferrite. Thus, the ferrite crys- 
tals in settling to the bottom would carry silicate 
with them. Such a mechanism would account for 
both the higher silicate content and the lower alloy 
content at the bottom center of an ingot. 


SULFIDE INCLUSIONS 


Formation of Sulfides—Although the solubility of 
sulfur is high in most liquid steels, the solid solu- 
bility is very low, especially at room temperature. 
Thus, the basic mechanism of sulfide formation is 
simple. During freezing of the steel, the sulfur 
precipitates as a sulfide and, since the iron-sulfur 
system freezes in a eutectic manner, the sulfur 
must concentrate, in the liquid metal, to the eutectic 
composition before the first sulfide is formed. It 
follows then that sulfides will be located where the 
last metal solidified, namely, the primary grain 
boundaries or dendritic fillings. 

The quantity of sulfide inclusions is purely a 
function of the sulfur content of the steel when it 
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started to freeze because practically none will have 
an opportunity to escape. From a quantitative view- 
point, the importance of sulfides is illustrated by 
the fact that, in a silicon-deoxidized steel contain- 
ing 0.02 pct S, the sulfides will constitute 70 pct of 
the total endogenous inclusions. In an alurhinum- 
deoxidized steel, they will make up 80 pct of the 
total. 

The system Fe-S has been explored in both the 
liquid and solid state, but very little work seems 
to have been done on the effect of the presence of 
other elements on the solubility of sulfur in iron. 
There is ample reason, nevertheless, to believe 
that alloys and impurities in steel do significantly 
or profoundly affect the manner in which sulfur 
precipitates. 

Solubility of Sulfur—The binary Fe-FeS diagram 
on the left side of Fig. 20 shows a simple eutectic 
pattern of freezing with an Fe-FeS eutectic contain- 
ing slightly over 80 pct FeS or 31 pct S. This 
means that an iron-sulfur alloy containing 0.03 pct S 
would have to be more than 99 pct solidified before 
the sulfur content in the remaining liquid could build 
up to the eutectic concentration. 

Rosengqvist and Dunicz** determined the solid sol- 
ubility of sulfur in high-purity iron as shown in 
Fig. 21. According to this work, the maximum sol- 
ubility of sulfur in 6-iron is 0.18 pct at 1365°C, 
while y-iron at the same temperature holds only 
0.06 pct. The solubility generally decreases with 
temperature but a-iron at 913°C holds 0.02 pct. 

Thus, in the Fe-S system, there is complete 
miscibility in the liquid phase and a moderately 
high solid solubility for sulfur. These data appar- 
ently are of little significance in steelmaking, how- 
ever, because of the very much lower solubility of 
sulfur in steel. There are few quantitative data on 
the effect of various elements on the solubility of 
sulfur in iron but those that are available indicate 
important effects. The effect of manganese on the 
solubility of manganese sulfide in hot-metal (molten 
pig iron) as determined by Oelsen and in low-carbon 
steel as determined by Sherman and Chipman is 
shown in Fig. 22. Temperature has a large effect 
as might be expected, but it is also shown that car- 
bon and possibly silicon are very important. The 
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Fig. 21—Phase diagram for the low-sulfur region of the 
system iron-sulfur. (After Rosenqvist and Dunicz.‘4) 
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solubility of manganese sulfide is almost five times 
as great in the low-carbon steel as in hot-metal at 
the same temperature and manganese content. The 
suppression of solubility by manganese has long 
been used by blast-furnace operators to place an 
upper limit on the sulfur content of hot-metal. 

Some unpublished work at Battelle Institute de- 
termined the limiting solubility in a steel containing 
0.8 pet C, 1.5 pet Cu, 1.0 pct Ni, and 16.5 pct Mn at 
2900°F (1600°C) to be 0.048 pct S. This is very 
close to the extrapolated value for Oelsen’s data, 
Fig. 22, on hot-metal at 1600°C. In view of the 
intermediate carbon content, it indicates that copper 
and/or nickel also decrease the liquid solubility for 
sulfur in steel. 

The ternary system Fe-Mn-S, according to 
Wentrup,* as shown in Fig. 20, is traversed in the 
liquid state by a large miscibility gap which begins 
in the system Mn-MnS, runs along the border of the 
systems FeS-MnS and Fe-Mn, and ends in the im- 
mediate vicinity of the system Fe-FeS. According 
to Wentrup,** this signifies that, at a small manga- 
nese addition, the manganese-containing iron-sulfur 
melt is split in two liquid phases: one, rich in sul- 
fur; the other, with low sulfur content. This means 
that the iron is surrounded by a layer of sulfide 
slag. This separation increases with higher manga- 
nese content, a fact which may be established from 
the investigation of the iron corner in the ternary 
alloy system. 

Crafts and Hilty*® worked out a series of ternary 
diagrams designed to show the sequence and prog- 
ress of the formation of both sulfides and oxides 
during the freezing of iron alloys starting with the 
simplest system Fe-O-S and leading to the complex 
system Fe (Al, Mn, Si)-O-S. 

The complex systems found in steels of ordinary 
composition have so many unknown factors, how- 
ever, that these are difficult to use for explanation 
of observed phenomena. 

The effect of oxygen on the solubility of sulfur in 
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Fig. 23(a)—Hot-rolled B1113 steel showing manganese 
sulfides elongated by rolling. X100. (b) Same steel after 
being heated for 24 hr at 2400°F (1315°C). Marked spheroi- 
dization has occurred. X100. Reduced approximately 30 
pet for reproduction. 


steel is unknown, but there is reason to believe that 
it decreases the solubility. Hilty and Crafts®™ found 
that the solubility of oxygen was first depressed 
slightly by sulfur, but above 0.10 pct S the solubility 
was increased rapidly. On the other hand, Buzhek 
and Samarin® concluded that sulfur had no effect on 
the solubility of oxygen in liquid iron. It will be 
shown that the quantity of oxygen present has a 
profound effect on the physical characteristics of 
sulfides. Simple oxides and sulfides are completely 
miscible in the liquid state as shown by Wentrup.*® 
Andrew, Maddocks, and Fowler*’ demonstrated that 
MnS and manganese silicate are also completely 
miscible in the liquid state, with a eutectic occur- 
ring close to the silicate. It is probable that most 
sulfides contain some oxide. 

By far the most potent elements known to limit 
the solubility of sulfur in steel are the so-called 
rare earths, usually used in the form of misch 
metal. Additions of misch metal in the amount of 
4 to 6 lb per ton will usually cause some of the 
sulfur to precipitate from and float out of a liquid 
steel. Langenberg and Chipman®’ determined the 
equilibrium between cerium and sulfur in liquid iron 
to be approximately 


[% Ce] [% S] = 1.5 x 107° at 1600°C 


Data on the solid solubility of sulfur in steel are 
very scarce. Some years ago, while working with 
SAE 4340 steels of unusually low sulfur content, it 
was observed that, at sulfur contents of 0.004 to 
0.006 pct, sulfides were difficult to find. Sucha 
steel is shown in Fig. 1(b). A careful sulfide inclu- 
sion count was made on a series of steels ranging 
in sulfur content from 0.004 pct to 0.018 pct, and 
the sulfide count was plotted against the sulfur 
content. This gave a straight line that ran through 
zero sulfide at 0.003 pct S, indicating that the 
latter figure was approximately the solid solubility 
at room temperature. 

Rosenqvist and Dunicz** showed increasing solid 
solubility for sulfur in iron with increasing tem- 
perature, and it might be expected that the same 
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pattern would be followed in steel. Ordinary heat 
treatments, however, show no effect on sulfide 
inclusions that indicate appreciable solubility at 
such temperatures. Fig. 23(a) shows a longitudinal 
section of a resulfurized steel (B1113) after hot- 
rolling and Fig. 23(b) the same steel after heating 
for 24 hr at 2400°F (1315°C). There is evidence of 
considerable spheroidization which appears to be 
the result of shortening and thickening rather than 
growth by solution and reprecipitation. For ex- 
ample, only shapes have changed, not size or num- 
ber of sulfides. It seems warranted to conclude 
that, even at this temperature, the solid solubility 
is unimportantly low, and that all sulfides of con- 
cern are formed during solidification. 

The significant aspect of sulfide formation is that, 
during freezing, steels concenirate the sulfur by 
dendritic segregation. Along with the sulfur, man- 
ganese, silicon, phosphorus, and such other solutes 
in steel are segregated. Thus, sulfur saturation is 
approached both by rising concentration and lowered 
solubility. The point in the freezing cycle where 
saturation is reached depends on the composition of 
the steel. 

When sulfides do precipitate, they follow different 
patterns, but in conformity with the steel composi- 
tion including all elements. Sometimes they form 
large globules, far apart and few in number as in 
Fig. 24(a). These inclusions, of MnS with some 
manganese silicate, do not seem to be part of a 
typical eutectic formation but appear to have been 
formed over a temperature range, as by progres- 
sive rejection of sulfide from a freezing solvent. 
They are quite similar in appearance to the wiistite 
inclusions of Fig. 8(b). Also like wiistite, the size 
of sulfides, other factors being equal, is a function 
of the rate of freezing; longer freezing times pro- 
ducing larger sulfides. This is commonly observed 
in practice. 

The MnS inclusions of Fig. 24(b), on the other 
hand, do show a typical eutectic pattern with the 
metal matrix as the other part of the eutectic. In 
this case, the sulfur appears to have concentrated 
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Fig. 24(a)—Resulfurized steel, 0.44 pet C, 1.5 pct Mn, 0.35 
pet Si, 0.25 pct S, in as-cast state showing large globular 
inclusions of MnS containing some silicate. X1000. (6) Same 
steel after addition of 0.015 pct Al showing eutectic for- 
mation of sulfides. Arrow points to cluster of high alumina 
oxides. X1000. Reduced approximately 32 pct for reproduc- 
tion. 
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Fig. 25—Same steel as in Fig. 24 in as- 
cast unheat-treated condition. (2) Type I 
sulfides. X1000. (6) Type II sulfides after 
small aluminum addition. X1000. (c) Ap- 
parently isolated inclusion of Type I. 
This last contains considerable manga- 
nese silicate. X1000. All appear to be lo- 
cated along primary grain boundaries. 
Reduced approximately 41 pct for repro- 
duction. 


in the last metal to freeze until a eutectic composi- 
tion was reached, which then froze at constant tem- 
perature. The contrast of these two examples is 
remarkable in that they are parts of the same split 
heat. The transformation was produced by the addi- 
tion of 0.015 pct Al to the steel of Fig. 24(b), while 
Fig. 24(a) has only silicon and manganese deoxida- 
tion. The large globular sulfides of Fig. 24(a) have 
become known as Type I and the formation of 

Fig. 24(b) as Type II sulfides. *® 

Although the conclusion that most sulfides must 
be confined to the region of primary grain bound- 
aries and dendritic fillings seems unavoidable, it 
is not universally accepted.*® There is abundant 
evidence, nevertheless, in the metallography of 
steels. Fig. 25 shows a resulfurized high-carbon 
steel in the as-cast and unheat-treated state. In 
Fig. 25(a), Type I sulfides and, in Fig. 25(d), 

Type II sulfides are shown—the latter the result 

of a small aluminum addition. It seems quite ob- 
vious that both types occur in primary grain bound- 
aries. Even the isolated sulfides as shown in 

Fig. 25(c) are located on grain boundaries. 

The Role of Oxygen—The amount of aluminum 
added to the steel of Figs. 24 and 25 would be prac- 
tically all oxidized leaving almost no metallic 
residue. The oxygen content, however, would be 
lowered by about half. It has been shown™ that the 
conversion of Type I to Type II sulfide occurs with 
a residual aluminum content of about 0.002 pct and 
an oxygen content of about 0.008 pct. Silicates such 
as shown in Fig. 25(c) disappear, and the only oxides 
present are clusters of alumina as indicated by the 
arrow in Fig. 24(b). The decrease in oxygen is 
credited with the change in inclusion type. 

Fig. 26 shows a series of semikilled resulfurized 
commercial steels of the Bil1l type. These steels 
are very similar except for the silicon content, 
which ranges from 0.009 pct in Fig. 26(a) to 0.044 
pet in Fig. 26(c). All were given the same reduction 
in hot-rolling. It will be noted that with the lowest 
silicon the sulfides are largest and not very plastic 
at hot-rolling temperature, z.e., they deformed very 
little during hot-rolling. As the silicon increases, 
the sulfides get smaller and are considerably more 
plastic in hot-rolling. This change in properties 
could be ascribed to the variation in silicon content 
directly but is more probably due to the concomitant 
lowering in oxygen. Further increases of silicon 
over that of Fig. 26(c) make very little additional 
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change in the sulfide characteristics. 

A medium-carbon low-alloy steel, deoxidized with 
silicon and in the as-cast state, will characteris- 
tically have sulfides such as shown in Fig. 27(a). 
These are Type I sulfides. A small addition of alu- 
minum to such a steel will cause a sudden and com- 
plete change to the eutectic form shown in Fig. 27(b). 
These are the Type II sulfides. An appreciably 
larger addition of aluminum will produce a further 
change to the larger crystalline form shown in 
Fig. 27(c). These are designated Type III sulfides. 
The changes are consistent and controllable, and 
much speculation has entered into the probable 
causes. 

It is significant that the Type I sulfides are char- 
acteristically spherical. When a drop of one liquid 
is suspended in another liquid, surface tension will 
form it into a sphere which is the form in which the 
interface has the smallest area. The spherical form 
of Type I sulfides indicates that they were precipi- 
tated as liquids in a liquid metal. The liquid metal 
in this case is the dendritic concentrate among the 
primary crystals of a freezing steel, the tempera- 
ture of which must be below the liquidus of the steel. 
Therefore, these sulfides cannot be pure or nearly 
pure MnS as they often appear to be, like in 
Fig. 27(a), because the freezing point of MnS is 
2910°F (1600°C), and the liquidus of the steel about 
2730°F (1500°C). 

Duplex inclusions containing both silicate and sul- 
fide are common in silicon-killed steels. This is 
particularly true in those containing over about 
1.25 pct Mn as shown in Figs. 24(a), 25(c), and 28(a). 


(a) (c) 
Fig. 26—Specimens representing three ingots of mechan- 
ically capped and hot-rolled B1111 steel with a range of 
silicon contents. (a) 0.009 pct Si. Machinability index 185. 
X100. (+) 0.029 pct Si. Machinability index 145. X100. 
(c) 0.044 pet Si. Machinability index 132. X100. 
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(a) () (c) 
Fig. 27—Sulfide forms in a medium-carbon low-alloy 
steel. (a) Type I sulfides, after silicon deoxidation. X500. 
(b) Type II sulfides resulting from a critical aluminum 
addition. X500. (c) Type III sulfides, after an aluminum 
addition in excess of deoxidation requirements. X500. Re- 
duced approximately 43 pct for reproduction. 


It has been shown**:*’ that virtually all the oxides 
and sulfides found in steel are miscible in the 
liquid state and freeze in a eutectic manner. The 
FeS-MnS system has a eutectic that freezes at 
2155°F (1180°C). The complex nature that sulfides 
can have is exemplified in Fig. 28(b) which shows 
an oxy-sulfide inclusion found in a low-carbon un- 
killed resulfurized steel which was somewhat de- 
ficient in manganese. It contains a coarse eutectic 
structure of FeS and MnS and a fine eutectic of 
(Fe, Mn) O and (Fe, Mn) S. 

It is believed then that Type I sulfides are im- 
pure manganese sulfides containing oxides (FeO, 
MnO, and SiO,) and FeS which lower the freezing 
point to below the solidus temperature of the steel. 
The presence of oxygen in the dendritic concentrate 
lowers its solubility for sulfur. There is a possi- 
bility that the sulfide itself is the real eutectic. 

If enough aluminum is added to a silicon-killed 
steel to have a residual content of 0.002 to 0.005 pct, 
the sulfides will form as Type II on freezing.“ With 
only residual sulfur content in the steel, these will 
form an apparently complete and continuous network 
along all of the primary grain boundaries as in 


(a) 
(6) 

Fig. 28(a2)—Duplex inclusions in 0.3 pct C, 1.5 pct Mn, 
0.35 pct Si steel as-cast in heavy section. Light constitu- 
ent mainly MnS. Dark translucent material is iron-man- 
ganese silicate. X400. (b) Oxy-sulfide found in a low- 
carbon, resulfurized, unkilled steel which was somewhat 
deficient in manganese. Light areas principally FeS, gray 
areas MnS, and darker areas eutectic of (FeMn)S and 
(FeM)O. X2000. Reduced approximately 35 pct for re- 


production. 
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(a) (6) (c) 
Fig. 29—Type II sulfides formed as a result of vacuum 
deoxidation. (a) Medium-carbon silicon-deoxidized steel, 
induction vacuum melted in a silica crucible. X500. 
(b) Medium-carbon Ni-Mo steel vacuum-arc melted as 
12-in. ingot. Oxygen content 3 ppm.®’ x500. (c) Speci- 
men taken at mid-radius of a 72-in. vacuum-cast ingot. 
Oxygen content 10 ppm. Inclusions are Type II but large 
because of very large ingot.68 X500. Reduced approxi- 


mately 44 pct for reproduction. 


Fig. 27(b). Although this transformation was first 
noted as an effect of aluminum, it can be produced 
by any strong deoxidizer such as titanium, zirco- 
nium, misch metal, or magnesium; also, by silicon 
in steels containing over 1 pct C. It seems obvious 
then that this is a deoxidation phenomenon and not 
an alloying effect. 

This viewpoint seems to be completely verified 
by the evidence of Fig. 29(a) which shows Type II 
sulfides in a medium carbon, silicon-deoxidized 
steel that was vacuum melted in a silica crucible. 
In Fig. 29(b)*’ is shown a medium-carbon Ni-Mo 
steel vacuum-arc cast in a 12-in. ingot. The oxy- 
gen content was lowered to 3 ppm and it has ex- 
treme Type II sulfides. Also, in Fig. 29(c)®* is a 
specimen taken about 18 in. from the surface of a 
72-in. vacuum-cast Ni-Mo steel. It contained 
10 ppm of oxygen and has Type II sulfides which 
are quite large because of the very slow freezing 
rate of this large ingot. 

The change from Type I to Type II sulfide is 
abrupt and complete when it happens and seems 
to occur at a level of about 0.01 pet O. It is so 
consistent, in fact, that it has been used as a quick 
measure of strong deoxidation.™ 

The deoxidation appears to do two things: 1) In- 
creases the solubility of the sulfur to the extent 
that the last metal to freeze is sulfur rich and 
freezes in a true eutectic pattern, and 2) lowers 
the interfacial tension of this sulfur-rich dendritic 
concentrate. Smith®* has given clear evidence to 
show that if a liquid phase existing among grains 
of a freezing metal has nearly zero dihedral angle 
as a result of low interfacial tension, it will spread 
infinitely among the grains and along the grain 
boundaries. The sulfur-rich concentrate prior to 
freezing spreads as a continuous film among the 
primary crystals. This film is often so thin that 
when it freezes there is room for only a single row 
of sulfides or thin films as shown in Fig. 30(a). It 
is believed that many of the sulfides which look like 
globules in Fig. 27(b) are cross sections of lamellae 
such as appear in Fig. 25(). 
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(a) (4) 
Fig. 30(a)—Type II sulfides in aluminum deoxidized me- 
dium-carbon cast steel. Sulfides occur in single row or as 
thin films. X250. Reduced approximately 27 pct for repro- 
duction. (6) Titanium sulfides in lamellar eutectic form 
produced by the addition of 0.15 pct Ti. These sulfides are 
tan colored in contrast to the dove gray of Mns. 


Effect of Excess Aluminum—When the residual 
aluminum content of a steel exceeds about 0.01 pct 
Type III sulfides as shown in Fig. 27(c) are formed. 
These are unmistakably crystalline and, therefore, 
must have been precipitated as solids or at least 
they solidified before the matrix steel. They appear 
to be random sections of octahedra, which are in the 
cubic system. The crystalline character is not 
usually as clearly shown as in Fig. 27(c). 

The transition from Type II to Type III sulfides is 
more gradual and sometimes both types are seen in 
the same steel. This would indicate that the change 
is one of degree rather than of kind. On the other 
hand, there are distinct differences. The Type III 
inclusions have an intercrystalline location but the 
sulfur-rich metal from which they are precipitated 
does not form a continuous film among the primary 
steel crystals as in the case of Type II sulfides. 
Instead, the mother liquid breaks up into isolated 
pools, usually where three or more grains meet. 
This leaves substantial portions of the primary 
grain boundaries entirely free of sulfides and indi- 
cates that the sulfur-rich concentrate has a high 
interfacial tension. 

The Type III sulfides do not appear to be part of 
a eutectic. This fact, and their comparatively 
large size, indicate that they were formed over an 
appreciable time interval like the Type I sulfides. 
Reduced solubility as compared to Type II sulfides 
is also indicated. 

The specific mechanism which affects this change 
is not known. Lowering the oxygen content of the 
steel was credited with increasing the solubility in 
the case of Type II sulfides. Additional aluminum 
would lower the oxygen still further but that would 
not reverse the trend as was shown in the case of 
the vacuum-melted steels. It is known, however, 
that aluminum, like silicon and carbon, will increase 
the activity of sulfur in liquid iron and thus might be 
expected to lower its solubility. Any residual alu- 
minum, of course, would be highly concentrated in 
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Fig. 31—Rare-earth sulfides found in a medium-carbon 
low-alloy steel after an excessive addition of misch metal. 
(a) Brown, refractory type produced by small excess. 

(6) Bright orange and yellow globules produced with a 
larger addition. 


the sulfur-rich metal in the process of dendritic 
segregation. 

The thermodynamic properties of aluminum sul- 
fide, as shown in Table II, make it unlikely that this 
compound would form as a constituent of the pre- 
cipitated sulfide. Also, aluminum sulfide has a 
melting point of 1100°C (2012°F). It is certain, 
however, that the iron and manganese oxide content 
of the sulfides would be virtually eliminated and 
possibly that the FeS content would be lowered. 
This would bring them to a more nearly pure MnS 
which has a freezing point above the liquidus tem- 
perature of the steel. 

The addition of a small excess of zirconium will 
convert Type II to Type III sulfides in the same 
manner as does aluminum, but excess titanium will 
not. As may be seen in Table IJ, TiS is definitely 
more stable than MnS and, when added in sufficient 
amount, will convert most of the sulfur to TiS. In- 
stead of the typical dove gray of MnS, these sulfides 
are tan colored. Titanium sulfide, moreover, seems 


Table Il. Free Energies of Formation of Some Metallic 
Sulfides at 1500°C5! 


Reaction AF at 1500°C 


Fe (/) + 1/2 S2 (g) ———> FeS — 16,220 calories* 
Mn (/) + 1/2 So (g) MnS — 34,700 calories* 


Ca (g) + 1/2 S2 (g)--—> CaS 


— 85,600 calories* 
1/2 Si (1) + 1/2 So (¢) 1/2 + 2,600 calories* 
2/3 Al (/) + 1/2 S2 (¢)———>- 1/3 AlaS3 — 13,800 calories* 
Ti (s) + 1/2 S2 (¢———> TiS 


Ce (1) + CeS 


— 45,000 calories** 
— 98,000 calories* 


2/3 La (l) + 1/2 Sz (g) > 1/3 La2S3 — 72,000 calories** 


*Basic Open-Hearth Steelmaking 
**Calculated from data in Metallurgical Thermochemistry by G. 

Kubaschewski and E. L. Evans. 

+The Thermodynamics of Substances of Interest in Iron and Steel- 
making. III Sulphides by F. D. Richardson and J. H. E. Jeffes, Journal, 
Iron and Steel Institute, June, 1952, London, pp. 165-175. 

++Calculated from data in High Temperature Technology by J. E. 
Campbell. John Wiley & Sons, Inc., 190, 1956. 
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Fig. 33—Steel containing 0.25 pct S and 1.5 pct Mn. 
(a) Silicon deoxidation. (4) After addition of 1/3 lb Al per 


ton. Reduction in hot-rolling the same in both cases. X500. 
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Fig. 32—The effect of sulfur content on the machinability 
of experimental steels .4 


to be highly soluble in liquid steel and will precipi- 
tate as an even more extreme eutectic than the 
normal Type II sulfides. An example is shown in 
Fig. 30(d). 

As noted earlier, misch metal has the unique 
property of being able to produce sulfur saturation 
in a liquid steel of ordinary sulfur content. When 
added in the proper quantity, therefore, the steel 
will start the freezing cycle already saturated and 
sulfides will begin to precipitate immediately. This 
changes the whole pattern of sulfide formation and 
a eutectic cannot form. Misch metal, when used in 
the proper quantity, can thus change Type II or 
Type III sulfides to a globular form resembling 
Type I sulfides. 

The data of Table II indicate that cerium sulfide 
is probably the most stable sulfide known and 
lanthanum sulfide is not far behind. When used in 


Reduced approximately 19 pct for reproduction. 


too great an excess, misch metal will convert the 
sulfur almost entirely to rare earth sulfides which 
will appear as the brown, refractory sulfides of 
Fig. 31(a) or as the bright orange and yellow glob- 
ules of Fig. 31(b). 


SIGNIFICANCE OF INCLUSIONS 


The importance of nonmetallic inclusions is in 
their ability to affect the physical and mechanical 
properties of steels. This subject is so vast that 
it can be only lightly explored in the present dis- 
cussion. Although all inclusions tend to lower the 
mechanical properties, it can be shown that such 
factors as size, shape, distribution, and properties 
of the inclusions may have an effect equal in im- 
portance to the total quantity present. In general, 
the larger an inclusion the greater is its effect and, 
therefore, the exogenous inclusions, which are 
usually much bigger than those of endogenous origin, 
are far more serious in their effects, per inclusion, 
than the latter. 
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Fig. 34—Effect of sulfur content and aluminum addition on properties of medium-carbon cast steel. No aluminum, Type I; 
0.015-0.025 pct Al, Type II; and 0.05-0.10 pct Al, Type III sulfides .5¢ 
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Fig. 35—Effect of sulfur content on V- 
notch Charpy values of 0.5-in. plate of 
4330 steel. Three conditions of rolling 8 | 
to 40 Re and specimens were tested at ~ 8 
electrolytic iron and the high-sulfur = 
steels from ingot iron. Log-log plotting ka. 
was used because it gave reasonably 
straight lines. 
Te Direction Cross Rolling No 
Longitudinal Transverse =, 
a ° None No 
‘ 
005 Q010 0.020 0040 0080 0.100 0150 0200 
Sulfur Content, per cent A-2102 


In studying data, it is apparent that most of the 
rejections on inclusion count and the great majority 
of early failures, that obviously have their origin in 
nonmetallic inclusions, can be attributed to exoge- 
nous inclusions. Such inclusions, of course, are 
relatively few in number and quite unpredictable as 
to occurrence. Theoretically, they can be elimi- 
nated from steel, and great effort is warranted to 
accomplish this practically. 

For a discussion of the effects of endogenous in- 
clusions on mechanical properties, they can be con- 
sidered in two general classes: 1) The sulfides and 
2) the oxides, nitrides, and certain refractory car- 
bides. All of these vary in character with composi- 
tion and deoxidation, but the sulfides, which are 
usually more numerous, have a greater effect on 
ductility, while the oxides seem much more prone 
to initiate fatigue failures. 

Machinability—One of the very few practices in 
which the inclusion content of steel is intentionally 
increased is the use of sulfur to improve machin- 
ability. Sulfur, when added to a steel, improves the 
machinability, apparently because the sulfides re- 
duce the friction between the chip and the cutting 
tool.** This effect has been found to be self-limiting. 
however, as shown in Fig. 32. There it may be 
seen that the first increment of sulfur above the 
residual content gives the greatest improvement. 
Then the law of diminishing returns takes over and 
each additional increment is progressively less 
effective. 

Boulger™ has shown, however, that sulfide size 
and shape have effects almost as great as sulfur 
content. In general, the larger the sulfides and the 
less they deform during hot-rolling the greater is 
their beneficial effect on machinability. The steels 
of Fig. 26, for example, which have a gradation of 
sulfide size and shape produced by increasing sili- 
con contents have machinability ratings of 185, 145, 
and 132, respectively. 

Aluminum additions are notoriously detrimental 
to machinability of free-cutting steels, and this has 
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usually been attributed to the presence of abrasive 
particles of alumina. It is believed, however, that 
this effect is minor and that the important effect is 
wrought through the change in sulfide size and shape 
such as shown in Fig. 33. 

Ductility—The effect of sulfur on tensile and im- 
pact ductility of steel has been shown to vary both 
with quantity of sulfur and with type and distribution 
of the sulfides.” The effect on medium-carbon cast 
steels is shown in Fig. 34. There it is seen that 
increasing sulfur progressively lowers the ductility, 
but its effect is exaggerated when the sulfides are of 
Type II. In a study of 150 low-alloy, heat-treated 
cast steels,” the proportion of steels with room- 
temperature V-notch Charpy values over 40 pct 
were related to inclusion type as follows: 


V-Notch Charpy Red. Area 
Over 40 Ft-Lb Over 40 Pct 

Steels with 

Type I sulfides 94 pet 99 pet 
Steels with 

Type II sulfides 5 pet 40 pct 
Steels with 

Type III sulfides 80 pct 89 pet 


Sulfur has been shown to contribute heavily to 
hot-shortness and to hot-tearing of steel.®’ 

In wrought steels, sulfur not only lowers the 
ductility but it also contributes to directional ef- 
fects. This is shown in the longitudinal and trans- 
verse properties of an X1345 steel (0.45 pct C, 
1.50 pct Mn, 0.25 pct S) hot-rolled to a 2//2-in. 


is 
Yield Strength, 
Tensile Strength, 2 Pct Offset, 
Psi Psi 
Longitudinal 102,500 62,000 
Transverse 85,000 57,000 
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Unpublished data obtained in a study of heat- 
treated 4330 steel at Battelle Institute for the 
U.S. Steel Corp.™ clearly portray the effect of 
sulfur on the V-notch Charpy values of a steel. 

Fig. 35:shows Charpy values for steels ranging 
from 0.005 to 0.2 pct of S, for three conditions of 
rolling. These are plotted on a log-log scale be- 
cause reasonably straight lines were thus obtained. 
The low-sulfur steels were made from electrolytic 
iron and gave slightly lower values than would be 
obtained by extrapolation of the higher sulfur steels, 
which were made from ingot iron. 

The steady deterioration of Charpy value with in- 
creasing sulfur content is readily apparent but there 
seems to be a break point at about 0.020 pct S. 
Straightaway rolling elongates the sulfides in the 
direction of rolling, which adds to the directional 
properties or anisotropy of the plate. The top and 
bottom curves of the figure show the wide spread 
between longitudinal and transverse properties of 
such a steel. As the sulfur decreases, this gap 
narrows but even at 0.005 pct S there are still def- 
inite directional properties, indicating that other 
factors such as dendritic segregation plays an im- 
portant part. 

Cross-rolling 29 pct brought longitudinal and 
transverse values closer together and cross-rolling 
46 pct made them identical as shown by the middle 
curve. If dendritic segregation plays an important 
part, then homogenization should reduce anisotropy. 
Heating these steels for 10 hr at 2350°F (1290°C), 
however, increased both the longitudinal and trans- 
verse values but decreased the difference only a 
little. 

Misch metal or calcium additions to the steels 
gave sulfides which were less malleable at hot- 
rolling temperatures and which did not roll out as 
much. Steels so treated had less pronounced di- 
rectional effects when rolled straightaway, giving 
some of the same benefits as cross-rolling. 

The same general effect of sulfur held for all heat 
treatments, hardness levels, or temperatures of 
testing. Sulfur did not lower the transition temper- 
ature on the basis of half values. 

In a study of gun tubes, Wells and Mehl®* showed 
that inclusions played a very important part in caus- 
ing the difference between longitudinal and trans- 
verse ductility but their work indicated that hard, 
angular oxide stringers gave lower values for trans- 
verse ductility than did sulfide stringers. 

Fatigue—Except for strength, the most potent fac- 
tor governing the fatigue properties of steel is the 
nonmetallic inclusion content, but particularly the 
oxides. Cummings, Stulen, and Schulte, in an ex- 
tensive study of SAE 4340 steels, found, without ex- 
ception, that fatigue cracks initiated at hard, glassy, 
inclusions of complex manganese alumino-silicate 
type, mostly spherical in shape. Hyler, Tarasov, 
and Favor,®° studying fatigue failures in flat hard- 
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ened steel bars, traced seventy out of seventy five 
to inclusions as the origin. Of these 55 pct were 
oxides of the iron aluminate type while the rest 
were titanium cyanonitrides. Frith® found inclu- 
sions of alumina, alumino-silicates, titanium cy- 
anonitrides, and spherical silicates as the starting 
point of fatigue cracks, while Dieter, Macleary, and 
Ransom” traced nearly all fatigue failures in test 
forgings to oxide inclusions. 

In very extensive work at Battelle Institute, not 
one fatigue failure has been found to start at a sul- 
fide inclusion. It is generally accepted that the 
reason inclusions are nuclei for fatigue cracks is 
because they act as stress raisers, but why oxides 
are so much worse than sulfides has not beenclearly 
established. Frith® found microscopic evidence 
that cavities were produced adjacent to nondeform- 
able inclusions during hot-working. It seems 
probable also that oxides, such as alumina, which 
have both high hardness and high modulus of elas- 
ticity would set up higher local stresses than a 
softer sulfide. Oxides generally have a low coef- 
ficient of thermal expansion and thus would gener- 
ate residual stress in the metal during cooling. 
Sulfides could be expected to have a better bond 
with the metal matrix and would act less like dis- 
continuities than would oxides. 

Size as well as type and shape of inclusions is 
important in fatigue crack initiation and, generally 
speaking, the larger an inclusion the more potent it 
is to start a crack.*® With larger inclusions, cracks 
will start at lower overstress. In bending, the high- 
est nominal stress is at the surface, but inclusions 
can intensify such stresses. Normally, therefore, a 
fatigue crack will start at a surface inclusion but, 
sometimes, a large subsurface inclusion will pro- 
duce sufficient stress concentration to start a crack 
as in Fig. 36. 

Dieter, Macleary, and Ransom® found marked 
anisotropy in the longitudinal and transverse fatigue 
properties of forgings much like that for tensile 
ductility. There was some, but not a good correla- 
tion between ductility and fatigue limit. 

Frith” could find no correlation between fatigue 
limit and total inclusion content. Some limited 
fatigue tests in the hot-rolled state, made on the 
steel shown in Fig. 19 and which contained an ab- 
normally large amount of hard, angular zirconium 
silicates, gave erratic results but indicated a 
fatigue limit of 48 pct of the tensile strength. Steel 
from upper cuts of the same ingot, which was nor- 
mally clean, had a fatigue limit of 56 pct of the 
ultimate strength, which means a decrease of 14 pct 
in fatigue limit for the heavily contaminated steel. 
For longitudinal specimens of hardened SAE 4340 
steel, Cummings ef al.°® found that vacuum-melted 
and rolled steel had a fatigue limit 20 pct higher 
than air-melted steel of the same strength level 
(190 ksi), while Dieter et al.®? found vacuum- 
melted and forged steel had a 12 pct higher fatigue 
limit than air-melted steel at R,.37. In transverse 
tests on the latter steels, the gain was 36 pct. 

In round numbers then, taking aircraft quality 
steel as a standard, one might expect that an ex- 
ceptionally dirty steel would lose 15 to 20 pct in 
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inclusion. Hardened steel tested in _ > 
bending fatigue. X100. Reduced approx- if g 
n- imately 33 pct for reproduction. 
Fig. 37—Section of the 1060-1b grant Paya 
meteorite, macroetched to show den- ah 
dritic structure and phosphide need- 
in diam? X1/s. Reduced ap.” 28—View of typleal Fe inclusion, 
containing an oxide inclusion and sur- 
pot rounded by an envelope of iron-nickel 
phosphide. An envelope of ferrite is 
fatigue life, while an exceptionally clean steel would outside the phosphide. Other phos- 
gain 15 to 20 pct. This exemplifies the relatively phides show as needles. X2. Reduced 
’ minor importance of quantity of inclusions when approximately 7 pct for reproduction. 
within the normal range. How much more detri- 
ly mental are two inclusions than one? Probably no tions where the cuts were made. The maximum 
it more, if both are in areas of equal stress. The diameters were probably close to that of the largest 
wall presence of more inclusions statistically increases section which is about 1 in. An oxide inclusion can 
gh- the chances of having an inclusion or inclusions at be observed within the sulfide and, as can be seen 
“a the areas of highest stress. In an R.R. Moore in Fig. 37, some sulfides also have metallic inclu- 
. smooth fatigue test bar, the highest nominal stress sions. A fairly continuous envelope of phosphide 
= is at the middle surface where the bar has the seems to enclose each sulfide in addition to the 
. smallest diameter. Nevertheless, in bars made of needles of phosphide in the matrix. 
nate vacuum-melted steel with no surface inclusions at The size of these sulfides excited curiosity as to 
the middle, the fatigue crack may start as much as how they became so large. Based on the known be- 
’, in. from the middle, where the nominal stress is havior of sulfides, it was concluded that a very slow 
sue lower but where there is a surface inclusion.°® To freezing rate was responsible. In addition it was 
obtain a very large increase in endurance life, surmised that the sulfide size could be used as a 
ia therefore, it is not sufficient to eliminate part or measure to estimate the freezing rate of the body of 
| even most of the inclusions; it is necessary to elim- which the meteorite was a fragment. 
m inate practically all of them, even the very small To test this, a melt of simulated com osition was 
| ones. made and sand cast into cylinders /,, 17/2, 3, 47/2, 
GRANT METEORITE | | 
What are possibly the oldest as well as the sie’ i | | 
el largest sulfide inclusions ever observed ‘by the 4 | | 
‘- author are those shown in Fig. 37, which represents By alt 
a slice taken from the 1060-lb Grant meteorite found °8§ 2 Lotta | 
pet near Grants, New Mexico. This is a metallic me- | | | | | 
L. teorite containing about 9.35 pct Ni, 0.5 pct Co, Ee | | | | | | 
) 0.5 to 0.55 pet S, 0.2 to 0.3 pet P, and minor amounts yee ibe T | | 1 | 
ted of other elements. Because of very pronounced seg- 
regation, accurate analysis is quite difficult. Sulfur | | 
content was calculated from an inclusion count, | | 
while phosphorus was estimated from the number of > | | | | 
le phosphides present. The section shown in Fig. 37 of 
was macroetched to show the Widmanstiatten struc- Tite to Sotidity in Seconds 
ture and the many needles of iron-nickel phosphide 
(Schreibersite). Fig. 39—Plot of average sulfide diameter as a function of 
freezing time in sand-cast cylinders. The datum point at 
A representative iron sulfide (troilite) inclusion 0.0011 mm is for a copper-cast Taylor sample which was 
is shown in Fig. 38 at a magnification of two. These probably supercooled. Metal is simulated meteorite com- 
“on sulfides averaged almost 1 in. in diam on the sec- position. 
ME TRANSACTIONS OF 
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and 6 in. in diam. Thermocouples were placed at 
the center of each section to obtain cooling curves. 
The liquidus temperature was reached very quickly 
in each casting, and the freezing time was deter- 
mined as the interval between the liquidus and 
solidus temperatures. 

Microsections were cut from each cylinder close 
to the thermocouple position. The sulfides were 
mostly round or oval but there were also many 
elongated sulfides along grain boundaries. As the 
section size increased, the size of the sulfides also 
increased. The average diameter of the globular 
sulfides for each section size was determined by 
measurements on ten photomicrographs of each. 
The data obtained are shown below: 


Diam of Time to Avg Sulfide Diam, 
Casting, In. Solidify, Sec Mm x 10° 
0.75 14.4 5.8 
1.5 68.5 6.2 
3.0 240.0 7.9 
4.5 360.0 9.4 
6.0 888.0 14.2 


When sulfide diameter was plotted as a function of 
freezing time, a straight line fitted all the points 
reasonably well, as shown in Fig. 39. Such a line 
does not show zero size for zero freezing time but 
indicates that, even for very small diameters and 
short freezing times in sand, freezing is a process 
of nucleation and growth. A copper-cast Taylor 
sample, for which no freezing time is available, had 


sulfides measuring only 0.0011 mm in diam. This 
metal was probably supercooled prior to freezing. 

A straight-line graph is comparatively easy to 
extrapolate and, when the data of Fig. 39 were ex- 
trapolated to 25 mm (1 in.) sulfides, freezing time 
of approximately 30 days was obtained for the 
meteorite, or the body of which it was once a part. 
Admittedly, extrapolation on so great a scale is 
hazardous and no accuracy can be claimed for the 
result except to indicate the probable degree of 
magnitude. Pure speculation on the freezing time 
of a heavenly body might easily run to hundreds or 
thousands of years. In fact, the 30-day indication 
is surprisingly short. 

It is hoped that this discourse will have shown 
some of the common denominators as well as the 
complexities of the subject. There is much work 
to be done but it is confidently believed that a 
better understanding of the nature of these non- 
metallics will enable us better to live with them 
or learn to eliminate them. 
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Activity of Cd in Mg-Cd Alloys 


Vapor pressures of eight compositions of Mg-Cd have been 
determined by the Knudsen effusion technique. Measurements are 
made at several temperatures for each alloy and the results in- 
terpolated to a common temperature for the calculation of the 
activities. It is not possible to obtain values for the partial molar 
enthalpies because of the narrow temperature range spanned by 
the measurements. The results show less precision than those 
obtained for pure Cd which are also reported. These alloys are 
extremely susceptible to corrosion which provides a possible ex- 
planation for the lack of precision. Nevertheless, the values of 


the activity are in good agreement with the results of electro- 
motive force measurements previously reported for the Mg-Cd 


system. 


Macnesium and cadmium are mutually soluble in 
all proportions in the solid state and form a single 
phase which has the hexagonal close- packed struc- 
ture. X-ray investigations of this system” * have 
revealed a rapid variation in the relative dimensions 
of the unit cell occurring at approximately 50 at. pct. 
The rate of change of the c/a ratio with composition 
increases markedly for alloys containing more than 
50 at. pct Cd. The purpose of this investigation was 
to determine the activity of Cd in the neighborhood of 
50 at. pct and to discover whether or not the thermo- 
dynamic properties undergo a similar rapid change. 
The activities are calculated from vapor pressure 
data obtained by the Knudsen effusion method. Un- 
fortunately the precision of the data from which the 
thermodynamic values are calculated is insufficient 
to establish unequivocally a departure from the nor- 
mal trend. The results are reported primarily be- 
cause they substantiate the only previously reported 
activity measurements® and because they include 

R. J. BORG and C. E. BIRCHENALL, Member AIME, are associated 
with Forrestal Research Center, Princeton University, Princeton, N. J 
Research supported by the office of Naval Research. Based on a theses 
by R. J. Borg submitted in partial fullfillment of the requirements for 


the Ph. D degree. 
Manuscript submitted June 30, 1958. IMD 
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values for pure Cd which in contrast to those of the 
alloys show excellent precision. 

The Cd-Mg system is known to contain several 
ordered phases. However, this investigation was 
made at temperatures considerably above the tran- 
sition temperatures, and the alloys may be regarded 
as nearly random solid solutions. 


EXPERIMENTAL 


Apparatus— The effusion cells are machined from 
solid tantalum rod. The lids consist of threaded, 
flanged rings of tantalum onto which are welded 
shallow cups of 4 mil molybdenum foil. The orifice, 
which is located at its center, is made by grinding 
off a small dimple produced with a sharpened punch. 


Such an orifice has been mounted in plastic, sectioned, 


and the thickness of the orifice edge measured in a 
microscope. The maximum thickness is 0.00016 in., 
and the Clausing factor is consequently equated to 
unity. The area of the orifice is determined by trac- 
ing its projection on the screen of the metallograph 
at a known magnification and measuring the area of 
the tracing with a planimeter. 

Excellent temperature control is achieved with a 
4 by 18-in. alundum core, gradient-wound, furnace 
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Table |. The Data and Results of the Measurement of the Vapor Pressure ef Pure Cd 


Orifice Area, Total Wt 


Cor Wt 


7 em? x 1073 Loss, mg Loss, mg t Secx 104 Pmm x 1073 (KC) 
497.1 2.483 2.34 2.26 2.736 1.20 26.79 
508.1 2.483 2.93 2.77 1.920 2:43 26.80 
519.7 0.4799 5.35 4.96 1.950 3.78 26.88 
527.6 2.483 1.38 1.22 1.566 6.01 26.88 
537.4 2.483 18.95 17.54 2.820 9.35 26.86 
$50.9 0.4799 3.24 3.02 1.356 17.63 26.82 


which heats a 16-in. deep salt pot containing a 
vigorously stirred molten mixture of KNOs-Ca(NOs)2. 
The furnace temperature is controlled automatically, 
and the temperature of the effusion cell is obtained 
from a calibrated Pt-Rh thermocouple in direct con- 
tact with the cell. During a run the temperature 
variation is less than + 0.1°C. The furnace assembly 
is suspended from pulleys and may be rapidly raised 
or lowered to commence or terminate the experi- 
ment. During a run the residual pressure within the 
system is less than 10°°mm of Hg at all times. 

Alloys— The alloys are made from Baker reagent 
grade Cd and high-purity Mg (99.99+) supplied by the 
Dow Chemical Co. Two methods of synthesis are em- 
ployed: the component metals are fused in graphite 
crucibles under a protective flux of LiCl and KCl or 
made by induction heating in vacuo. There is no dis- 
cernible difference in the alloys made by these 
methods. After a vapor-pressure run the alloy is 
chemically analyzed by the Versenate method. Dup- 
licate analyses by this method agree to within 0.2 at. 
pet Cd. 

Procedure— The cell is loaded with 5 to 7 g of alloy 
which is in the form of thin sections in order to in- 
crease the surface area. The amount of material 
effused during a run is determined gravimetrically 
with a semimicrobalance. The vapor pressure is 
calculated using 


P(mm) = aw [1] 


4 


where AW (g) is the weight loss, A(sq cm) the orifice 
area, ¢ (sec) the duration of the run, T the absolute 
temperature, and M the at. wt of Cd. 

Although the experiment can be quickly terminated 
by quenching, there is a definite thermal lag at the 
beginning of each run. This mass effused during 
heating can be calculated, and the results reported 
here have been corrected for this contribution. 

Errors— The following estimates of the systematic 
errors and their respective effects upon the preci- 
sion of the values obtained for the vapor pressures 
are made on the basis of actual observations or dup- 
licate measurements. The orifice area is known to 
1.0 pet, the temperature to + 0.1°C, and the change 
in weight to 1.0 pct. The error in the vapor pressure 
resulting from the above is, + 1.0 pct, + 0.5 pct, and 
+ 1.0 pet, respectively, to which must be added + 0.3 
pct because of thermal lag, giving a total uncertainty 
of + 2.8 pct. The mean deviation of the pure Cd values 
from the best straight line is + 3.6 pct which is only 
slightly greater than the cumulative error. In the 
case of the alloys the additional uncertainty in com- 
position, estimated to be + 0.2 at. pct Cd, contributes 
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about + 1.5 pct error to the vapor pressure and thus 
increases the total error to + 4.3 pct. There are too 
few measurements to evaluate the alloy data statisti- 
cally, but simple inspection of the results indicates 
an uncertainty somewhat greater than can be ac- 
counted for by the estimated error. 


RESULTS 


Tne results pertaining to pure Cd are summarized 
in Table I. The heat of vaporization at 0°K, 4Ho , is 
calculated using 


AH§ = -2.303 RT [log P- °/ log T+ B 4.369] 


| 


dT 
where B= f RT? 


Cp(T) dT [2] 


Although values are to be found elsewhere in the 
literature, * the present authors recalculated B mak- 
ing use of the more recent heat-capacity data of 
Smith and Wolcott® and Craig and coworkers.° Above 
300°C the equation for the heat capacity is given by 
Kubaschewski and Evans.’ The heat of vaporization 
at 298.2°K, AH°, was calculated to be 26.83 + 0.035 


1o Neg 


13-x -04511 
19 - ® -047497 
g- 4- 05094 
11 - @-O5596 
18 @ -O5606 
17- 4-06152 
16-0-06597 
2!1-0-07974 


10> | | | | | 
160 164 168 1.72 1.76 1.80 184 


Fig. 1—Vapor pressures of Cd over Mg-Cd alloys. 
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Fig. 2—Comparison of vapor pressure e 
and emf® results. 


EMF.- 543.2°K 
@ VAPOR PRESSURE - 590°K 


kcal where the limits of accuracy were taken to 
equal the mean deviation of the individual determina- 
tions. As this value is in good agreement with those 
reported in the most recent compilation,® i.e., 26.78 
+ 0.05, it is unnecessary to recalculate the free- 
energy functions. The vapor-pressure equation of 
pure cadmium is: 


-4.576 log p = 27.47 x 10° + 1.128 log T 


+ 2.840 x107° 7? ~33.267 [3] 


Eq. 3 yields a value of the vapor pressure at the 
melting point (obtained by extrapolating the results 
in Table I) of 1.29x107* atm. This value agrees well 
with that obtained from measurements made in the 
liquid range®and which yield an extrapolated value of 
1.38 X 10° atm at the melting point. 

The vapor pressure for the various alloys as a 
function of the temperature is shown in Fig. 1. The 
temperature range covered is too small to permit 
calculation of the partial molar heats of formation. 
The activities have been calculated for each compo- 
sition at 590°K using pure solid Cd as the standard 
state. The results are given in Fig. 2, which also 
gives the values obtained by electromative force 
measurements. °® 


DISCUSSION 


The activities resulting from this investigation are 
in reasonable agreement with the previously reported 
values. It is inferred that the formation of oxide films 
on the surface of the alloys is the primary reason for 


Heat Content and Specific Heat of WC-Co Alloys 


H. J. Booss 


Tuere is a considerable lack of data on thermody- 
namic properties of hard-metal alloys. Only two 
papers» ° give mean values of specific heat in an 
unknown temperature range; more recently the 
author® gave more detailed information on the mean 
specific heat in the temperature range from 20° to 
-190°C. 

1, J. BOOSS is a Chemist at OSRAM GmbH., Development Division. 
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the lowered precision of the alloy measurements as 
contrasted with those of the pure Cd. This unfortunate 
behavior is not uncommon and in fact pure Mg reacts 
in similar fashion. It was observed frequently that 
the determinations made at lower temperatures gave 
unreasonably low values for the vapor pressure. As 

a consequence the available temperature range is 
greatly reduced, the lower limits determined by sur- 
face conditions and the upper limit by the area of the 
orifice. 
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Technical Note 


EXPERIMENTAL 


1) Method—Experimental procedure followed a 
method suggested by Oelsen and coworkers.“ It re- 
quires samples of some 100g of weight. The time of 
measurement is prolonged (30 min) but one run 
allows the measurement of a lot of positions on the 
heat-content curve. Results* were found to be in 
good agreement with “best values’’ given by Kelley,” 
Kubaschewsky and Evans,’ etal. 
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cobalt were supplied by H. C. Starck, Goslar. Carbon 

content of the carbide was found to be 5.90 wt pct, 

graphite content was below 0.02 wt pct. Average 

grain sizes of the powders were 2 yw for the carbide 

and 2.5 yu for the cobalt, respectively. Powders were 

mixed, ground in methanol, dried, and pressed. After 

he presintering (750°C) samples were machined. All 

- samples were cylindrical 3.0 cm in diam and dif- 

[ - 5 ferent in height, yielding samples of about 350 g of 
a_i | weight. A hole, 0.3 cm in diameter, was drilled in 

| each sample serving as a guide for the thermocouple. 

Samples were sintered at 1300°to 1500°C. 


| RESULTS 
Fig. 2 gives the calculated specific-heat values of 
the WC-Co-alloys from 3 to 7 wt pct Co and the heat- 
_——-— content curve of the 12 wt pct Co-alloy. For the 
. Calculations equidistances of 50°C were used. An 

estimate of the accuracy was made and found to be 
+0.0025 cal per g X deg. 

Specific heat of the alloys shows a sharp increase 
from about 0.045 cal per g x deg at 100°C to 0.08 to 
0.085 at about 1000°C. From 3 to 7 wt pct Co no 


4 


3wt %Co 


Fig. 1—Container and support of the calorimeter. 


2) aratus—Work on hard-metal alloys requires 5wt % Co 


some modification of the apparatus used by Oelsen, 
for the specific heat of this type of alloys is two or 
three times lower than the specific heat of iron, 
nickel, or steels. Apparatus used is illustrated in 
Fig. 1. The container was made of copper, the 
support for the sample of stainless steel. The seal 
of the box was a crimped-rim copper cover. A 
brass flange was brazed on the top of the cover; rim 
and flange are conic, thus providing a tight seal. A 
stainless steel flange on the support served as a 
guide and prevented contact between samples and 
container. 

The thermocouple used was of the Pt/Pt-Rh-type 
and could be supplied by a copper tube brazed on the 
cover. 

The calorimeter applied was a Dewar vessel con- 
taining 2.2 liters of water. Stirring velocity was ex- 
amined and 800 cal per min were selected for all 
measurements. No increase in temperature could be 
observed after 30 to 40 min of stirring, thus elim- 
inating necessity for a correction. Temperature of 
the calorimeter was measured with a glass thermom- 
eter, its scale being divided into 0.1°C. The heat 
content of the calorimeter was found to be 2400+ 
38 cal (41.6 pct). 

Samples were fired in a wire-wound furnace in dry 


Specific heat [cal/g x degree ] 


7wt %Co 


%Co 


12wt %Co 


—heat content [caj/g 


100 200 300 400 600 700 800 900 00 °C 


hydrogen. Exchange from furnace to calorimeter re- 
quired about 20 sec. ac) 
3) Preparation of Samples— Tungsten carbide and Fig. 2—Specific heat of WC-Co alloys. 
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indications of a transformation point could be de- and Ch. v. Oppel is thankfully acknowledged. 
tected. Only the 12 wt pct Co alloy shows a slight 

deviation at 275°C. Deviations of the individual 

values exclude construction of a correlation between REFERENCES 

specific heat and cobalt content with satisfying exact- Se 

ness. There seems to be a minimum of the specific *E. J. Sandford and E. M. Trent: Iron and Steel Institute, Special Report 
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heat up to 5 wt pet Co, similar to that found by the om ‘% 
High-Temperature heat-content, heat-capacity, and entropy data for inorganic 
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The Effect of Torsional Strains on Self-Diffusion 


in Silver Single Crystals 


The diffusion rates of Ag’ in cylindrical single crystals of 
99.99 pet pure silver, which were twisted to a total surface strain 
of 0.91 during the diffusion anneal at temperatures of 700°, 750°, 
and 800°C, were measured by sectioning and counting as a func- 
tion of the strain rates. The ratio of the diffusivities while strain- 
ing occurred (D,) to those of the unstrained specimens varies 
linearly with the rate of twisting and attains values of near 100 
for some of the rates used. The enhancement of diffusion by 
straining is inversely proportional to the temperature at which 
diffusion occurs. The activation energy for diffusion determined 
from the data plotted as a function of the rate of twisting de- 
creases from 44,090 cal per mole for zero strain, to an asymp- 
totic value of 21,000 cal per mole for the strain rates of 22 x 107° 


sec-1, Qualitative explanation for the observations based on the C. H. Lee 
generation of nonequilibrium number of defects by plastic de- ; 
formation will be discussed. R. Maddin 


The initial research of Buffington and Cohen’ on 
self-diffusion in a iron under compressive stresses 
contributed the first quantitative information con- 
cerning the effect of applied stresses on diffusion. 
These results were obtained from radioactive Fe” 
plated on one of the horizontal surfaces and com- 
pressing the large-grained specimens while the dif- 
fusion-anneal was occurring. Enhancement of dif- 
fusion of a maximum of seventeen times was ob- 
served provided the strain was in the tertiary stage 
of creep and the rates of straining were at least as 
fast as rates used in the normal creep test. 

On the other hand, Darby, Tomizuka, and 
Balluffi,® extending silver single crystals up to 
30 pct elongation at rates of straining about equal 
to those used by Buffington and Cohen observed no 
effect. 

For the past two and a half years at the Univer- 
sity of Pennsylvania, we have been investigating the 
effect or torsional strains on self-diffusion in silver 
single crystals. If enhancement is observed as has 

C. H. LEE and R. MADDIN, Members AIME, are associated with the 
School of Metallurgical Engineering, University of Pennsylvania, 
Philadelphia, Pa. Research sponsored by the U. S. Atomic Energy 


Commission. 
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been reported’ a possible explanation may be based 
upon the generation of fairly large numbers of point 
defects and their role in the diffusion process. 
Hence, since torsion should produce an abundance® 
of point defects, an increase in the diffusivity while 
the crystal is being twisted should easily be 
measured. 


EXPERIMENTAL PROCEDURE 


Our research uses single crystals of silver pre- 
pared from 99.99 Ag by the Bridgman method in a 
dynamic vacuum of less than 25 up. As grown, they 
are about 25 cm long by 1.3 cm indiam. The crys- 
tals are cut into 7.5 cm lengths with a jeweler’s saw 
and machined to the shape shown in Fig. 1. The test 
length of the crystal is machined to a 0.6 cm diam 
after which the ends are masked and the test section 
etched heavily in HNO, and KCN:(NH,),S,O, solu- 
tion to remove the effects of machining. The speci- 
men is then annealed in vacuum for 8 to 12 hr at 
800°C to remove any residual stresses and also to 
recrystallize the end sections. The recrystallized 
ends are necessary since experiments showed that 
single-crystalline end sections are too soft to trans- 
mit the desired torque. Occasionally, recrystalliza- 
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independent of the length of the specimen.* These 


*We are indebted to Dr. F. E. Jaumot for aid in obtaining the 
solution. 


Fig. 1—Single-crystal specimen shape showing plated 
section. 


tion occurred in the center resulting in a bi- or tri- 
crystalline test section. Two of these were used 
along with the single crystals in obtaining the data 
herein reported. The single crystals were oriented 
in the usual manner, viz., the Laue back-reflection 
method. 

The center 2.5 cm of the test length was plated 
with Ag™ (after the manner of Hoffman and Turn- 
bull)* sufficient to give a surface count of 4000 to 
8000 counts per min (cpm) from an 0.168 sq cm 
surface area. The specimens were then twisted at 
temperatures of 700°, 750°, and 800°C until the 
surface strain was 0.91. The surface strain was 
held constant. 

The furnace consisted of a horizontal alundum 
tube with one central winding. The ends of the tube 
had separately controlled windings so that a constant 
temperature of 800°+1°C could be maintained over 
at least the center 8 cm for long periods of time, 
for particular current settings of the center and 
ends. The furnace was then calibrated for various 
temperatures. The specimen was placed within a 
cylindrical shield of high-purity silver to prevent 
evaporation losses; the assembly was contained 
within a stabilized stainless steel tube as shown 
schematically in Fig. 2. A positive pressure of 
purified argon was supplied during the anneal to 
reduce the loss of radioactive silver as well as to 
provide an atmosphere to protect the silver. 

The angle of twist for a constant surface strain 
of 0.91 was predetermined from the relation 


angle of twist = 20% [1] 
YT 

where ¢€ is the surface strain, L the test length, and 
y the radius of the specimen. The strain was sup- 
plied from a 1 rpm motor operating through a 
variable speed torque converter and the standard 
reduction gears. A pointer in conjunction with a 
large protractor served to indicate the angle of 
twist as the torque was applied. The angle of twist 
was checked against the position of a scratch on one 
end of the specimen to insure that it was not the end 
section that twisted independently of the center. 

A solution to the diffusion equation in cylindrical 
coordinates was obtained by assuming that the con- 
centration, C, depends only on the radius, yr, and is 


SPECIMEN 


assumptions are justified provided 1) the depth of 
the cut is small as compared with the radius of the 
specimen, and 2) counting is made from only one 
layer thick. The solution is 


1 
inl) 7; 


where 

D = the diffusion coefficient 

No = the initial radius of the specimen 

= — thickness of 

= thickness of Ist cut thickness of 
t = time 


C(r;,t) = en for cut i 


Sections of the specimen were taken on a small lathe 
by first cutting the specimen about 0.6 cm inside the 
plated area. Layers 2.5 x 107* cm thick were re- 
moved from only the end 1.3 cm to insure that no 
chips were cut from the unplated end. Each cut was 
collected in a test tube and carefully weighed on a 
chemical microbalance. The activity was then de- 
termined from the silver spread to produce a single 
layer by the usual counter and scalor techniques. 
Dead time corrections were made for appropriate 
counting rates. The silver box was monitored to 
insure that little or no loss of isotope occurred by 
evaporation into the silver container. 

In all cases the strain-anneal resulted in bent 
specimens with slightly undulated surfaces. The 
specimens were straightened before machining. 

The surface undulations were always observed to 
disappear after the first few cuts, i.e., 0.003 in. 

The D values were determined from calculations 
made from eight to fifteen cuts on each specimen. 

A maximum difference of about 100 pct in D for any 
one specimen was observed. 


EXPERIMENTAL RESULTS 


The diffusivity for the specimen unstressed, D_, 
was determined at 800°, 750°, 700°, and 600°C to 
check the reliability of the equipment, to provide 
accurate data to which the diffusivity while strain- 
ing D, occurred could be compared, and to provide 
an accurate measure of the activation energy for 
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diffusion, Q,. These data are shown plotted in Fig. 3 
along with the data of Tomizuka and Somers.° Based 
upon these data we have used not only our values for 
D, but also the value of 44,090 cal per mole for Q). 

Six to nine strain rates between 6 x 107° per sec 
to 24 x 107° per sec were used to establish the re- 
sults on the enhancement of diffusion. All speci- 
mens were strained to a constant value of surface 
strain (0.91). These data are shown in Table I. To 
note the magnitude of the effect, Fig. 4 shows the 
ratio D,/D, plotted against strain rate. The ratio 
1) plots linearly with strain rate with little scatter 
and 2) is greater the lower the temperature. Ata 
strain rate of 20 x 107° per sec the enhancement is 
~ 100 at 700°C, ~ 80 at 750°C, and ~ 60 at 800°C. 

By obtaining values for D, at constant strain rates 
and plotting the log of these values vs 1/T, we have 
obtained the activation energy Qp, as a function of €. 


These values are plotted vs é in Fig. 5. Cohen® con- 
siders that the asymptotic value (21,000) might be 
the energy for migration of vacancies Q1. Hence 
the energy of formation Q, would be 23,000 cal per 
mole. This, then, gives for Q,/Q, = 0.523 and 

Qi /Qp = 0.478. 

The experimental observation may be summarized 
as follows: 1) enhancement of self-diffusion is ob- 
served which is a linear function of the rate of 
straining, 2) enhancement is greater the lower the 
temperature, ‘and 3) the energy for diffusion is 


10 
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Fig. 3—Determination of activation energy for diffusion. 
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Table |. Values of Diffusivity, Strain Rate, and Temperature 


Diffusion Tempera- Diffusivity, Strain Rate, 
ture, 7°C D,, Cm Sq per Sec Sec" 

800 3.4 x 10°” 0 
800 514x 10° 5.7 x 10°5 
800 131.0 x 10°" 13.3 x 10°5 
800 207.8 x 10°" 18.8 x 10°5 
800 266.4 x 10° 24.2 x 
‘750 1.2x 10°" 0 
750 4.2x 10°" 0.65 x 10°5 
750 10.8 x 10°” 1.3 x 10° 
750 18.0 x 10°" 2.7 x 10°5 
750 20.8 x 10°" 4.5x 10° 
750 61.9 x 10°” 12.6 x 1075 
750 103.0 x 10° 23.3 x 10°5 
700 6.5 x 107M 0 
700 208.1 = 10°" 6.1 x 10°5 
700 383.5 x 10°" 12.2 x 10°5 
700 533.4 x 10 16.7 x 10°° 
700 611.7 x 10" 20.3 x 10°§ 
600 4.2 x 10°” 0 


lowered greatly by deformation. 


DISCUSSION 


The reasons for the observed increase in the rate 
of diffusion may be considered to be due to a) sur- 
face cracks occurring during straining, b) short cir- 
cuiting through dislocation cores caused by the 
increase in the number of dislocations due to de- 
formation, or c) the increased number of vacancies 
produced by deformation, and d) diffusion along 
grain boundaries. 

Surface cracks produced during deformation might 
account for the large increase in diffusion. Accord- 
ingly, a plot of the log of the counts per minute vs r” 
(ry is the depth of the penetration) should show a de- 
viation near r* = 0. Such a plot shown in Fig. 6, 
however, is linear up to the ordinate. It may then 
be concluded that short circuiting by means of sur- 
face cracks is not likely. 

Diffusion along grain boundaries can be con- 
sidered as negligible since Hoffman and Turnbull* 
have shown that this type of short circuiting is very 
small when T > 700°C for grain sizes in the range 
of 35. In the present investigation single-crystal 
specimens that recrystallized had a large grain 
size, i.e., >> 1mm. 

Short circuiting along dislocation cores is a pos- 
sible mechanism by which the observed enhance- 
ment may be explained. Clearly, if D = 7/2." f 
where 0 is the length of an atom jump and f is the 
average jump frequency of the atom, then consider- 
able enhancement may be induced if the jump dis- 
tance b is increased from one lattice dimension to, 
say, ten atomic distaaces as would be expected if the 
dislocation core is to act as a short circuit. With 
an increased dislocation density, a diffusing atom 
would have greater probability of meeting a disloca- 
tion. It would be expected that dislocations pro- 
duced between 700° and 800°C would be transitory 
in that annihilation of the nonequilibrium numbers 
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Fig. 4—Ratio of diffusivity while straining to the diffusivity 
of the unstressed crystal vs rate of straining. 


of dislocations would be faster and more complete 
the higher the temperature. Hence, the distance an 
atom would have to travel before meeting a disloca- 
tion would be shorter the lower the temperature. 
Hence, a greater enhancement of diffusion would be 
expected the lower the temperature. However, it is 
not completely clear how this sort of model explains 
the linear dependence of D,/D, on the strain rate 
unless the annihilation rate of dislocations is de- 
pendent on strain rate in a linear manner. 

The presence of nonequilibrium numbers of va- 
cancies has been considered by Cohen as respon- 
sible for the increased diffusion rates observed in 
specimens of a iron undergoing compressive creep.° 
The mole fraction of vacancies, N°, in equilibrium 
at the temperature, T, is e~’F/“r where Q, is the 
energy of formation of vacancies, assuming the 
entropy factor to be a constant. Nonequilibrium 
numbers of vacancies, N*, produced by deforma- 
tion would build up at a rate dependent upon the 
rate of straining. At high strain rates the steady 
state value of N+ is expected to be greater than at 
low strain rates. Cohen considers further that 
during the time interval, dt, in a diffusion-anneal 
experiment, the increment of excess vacancies 
should be 


dN} [3] 
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where n is the mole fraction of vacancies produced 
per unit strain and 7 is the lifetime of a vacancy. 
Since at steady rate dN{¢ = 0 


Ni =néT [4] 


Although N* may be calculated from the data, 
D,/D,, vs € and € is known, estimates of n and 7 are 
too insecure to calculate either a value of 7 or 7. 

Fig. 5 shows that at large enough strain rates, 
the activation energy for diffusion becomes inde- 
pendent of strain rate. As pointed out by Slifkin,’ 
this suggests that the concentration of plasticity- 
induced vacancies becomes much larger than the 
thermal equilibrium vacancies at high strain rates. 
He suggests that the asymptotic value of Q repre- 
sents either the temperature dependence of the 
production rate of vacancies or the temperature 
dependence of the number of jumps made by vacancy 
before annihilation, rather than the activation energy 
for motion of vacancies. This conclusion can be de- 
duced from the Cohen analysis, but it can be shown 
more clearly in the following way: Let c be the 
concentration of vacancies produced by deforma- 
tion, f, the average jump frequency of a vacancy, 

T, the average lifetime of a vacancy, and 7, the 
number of jumps made during its lifetime, 7.e., 
n= fT. If the diffusion coefficient D is propor- 
tional to fc (the constant of proportionality con- 
tains the square of the jump distance and a factor 
to convert the concentration to atomic fractions) 


[5] 


Since, at steady state, the rate of production of 
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Fig. 5—Activation energy for diffusion vs rate of straining. 
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vacancies by deformation must be equal to their an- 
nihilation rate, the production rate, P, is 


c 
[6] 
Then 
fbt Py [7] 


Consequently, in the limit D depends only upon the 
production rate and the number of jumps made by 
each vacancy during its lifetime. The rate at which 
the jumps are made does not enter; i.e., if the va- 
cancy jumped faster each would produce more dif- 
fusion while it was alive but since it would be an- 
nihilated earlier it would end up accomplishing 
exactly the same as if it lived a longer time and 
jumped at a slower rate. Slifkin’s analysis sug- 
gests, therefore, that the asymptotic value of Q 
(21,000 cal per mole) must represent either a tem- 
perature dependence of the production rate or a 
temperature dependence of the number of jumps 
before annihilation. A temperature dependence of 
the production rate of vacancies does not appear 
likely in that the geometry of the dislocation is not 
expected to change with temperature. On the other 
hand, Seitz has recently suggested® that the number 
of jumps made by a vacancy during its lifetime may 
be longer than 10*° jumps at the higher tempera- 
tures. Ham’® also has considered the migration of 
solute elements to dislocations and concludes that 
the effective capture cross section of the disloca- 
tion for capture of a solute goes as 1/T. Since the 
same argument should also apply to the trapping of 
vacancies, this would result in more jumps per 
vacancy at higher temperatures, giving an increase 
in D at higher temperatures. 

The present results appear to agree generally 
with the more recent research at M.I.T., but are 
in marked contrast with the measured effect on 
single crystals of silver deformed in tension and 
compression by Darby, Tomizuka, and Balluffi.’ 
These authors find little or no effect (less than 
50 pct change) in crystals oriented for duplex slip 
in tension and compression at strain rates in the 
range 1 to 28 x 107° per sec for total strains of 0.33 
and less, and for temperatures at 800° and 900°C. It 
is difficult to understand why the large effects re- 
ported herein were not observed by Darby, Tomi- 
zuka, and Balluffi. The experimental conditions, 
however, were substantially different from those of 
Darby ef al. in the following manner: 1) The total 
surface strain employed in the torsion experiments 
was about three times greater than that used by 
Darby et al., and 2) Torsion produces much greater 
work hardening per unit strain than does either ten- 
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CONC. VS DEPTH SQUARE 


4 7.0x 10° SEC. AT 750°C 
© 7.010 SEC. AT 800°C 
BOTH ANNEALED UNDER TORSION 
TO 91% STRAIN 


100 


CPM/MG 


x" x 10° 
Fig. 6—Concentration vs the square of the penetration for 
two temperatures and two times. 


sion or compression, It is quite likely that the 
pile-up of dislocations resulting from torsional de- 
formation attains greater temperature stability than 
those resulting from tension or compression, A 
longer dislocation life, z.e., a higher density of dis- 
locations, would require a higher concentration of 
vacancies in the vicinity of the dislocation lines.” 
The higher concentration of vacancies would thus 
enhance diffusion, Further work on the effect of 
torsional straining but at lower total surface strains 
is under way in order to clarify the situation. 
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Technical Note 


Tuere are many methods described in the older 
literature which claim to produce anhydrous rare- 
earth chlorides in general, and cerium chloride in 
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particular. Most of these are summarized in 
Mellor’s A Comprehensive Treatise on Inorganic 
Theoretical Chemistry, vol. 5, 1924. More recently, 
H. C. Kremers’ described a method of dehydrating 
CeCl,;-7 H,O in dry hydrogen-chloride atmosphere, 
while P. Brauman’ claimed the preparation of 
anhydrous CeCl; from cerium benzoate. 

Most of these methods were repeated in our lab- 
oratories and found to be rather unsatisfactory, 
especially if one wants to use the commercially 
available heptahydrate as the starting material. 
Therefore, we developed a new method which is 
based on the formation of a double salt or complex 
between cerium trichloride and pyridinium chloride 
and subsequent thermal decomposition of this salt 
in dry hydrogen chloride under reduced pressure. 
This approach has two advantages: first, it results 
in a material completely free of oxychloride, which 
is not the case with most other methods, and second, 
it goes through an intermediate stage at which the 
material may be conveniently purified by recrystal- 
lization from organic solvents. 


EXPERIMENTAL 


The addition compound of cerium trichloride and 
pyridinium chloride is formed by reacting an alco- 
holic suspension of cerium chloride heptahydrate 
with pyridinium chloride dissolved in alcohol. A 
voluminous crystalline precipitate is obtained. The 
precipitation may be completed by addition of 
acetone. The white salt is then filtered, washed with 
acetone, and dried in vacuo. It is soluble in water 
and analyzes as: 


CeCl,- Pyr. HC1-2H,0 


Another workable alternative is to form the pyri- 
dinium chloride in situ. This is done by adding an 
excess of pyridine to the alcoholic suspension of 
CeCl; and passing HCl gas through it. Disappearance 
of white vapors in the condenser indicates complete 
neutralization of pyridine by HC] to give pyridinium 
chloride which, as it is formed, combines with the 
cerium chloride to give the complex salt. After 
adding a slight excess of HCl, one proceeds as pre- 
viously described. 

The decomposition apparatus consists of a pyrex 
glass tube (50 mm ID, 600 mm long) with a gas inlet 
at one end and a large ground glass joint at the other. 
The latter connects to a cold trap, a calcium chloride 
drying tube, and a water aspirator. The double salt 
is introduced into the tube in a large, flat pyrex 
glass boat (300 mm long). After the apparatus has 
been thoroughly purged with dry hydrogen chloride, 
the aspirator and the gas flow are adjusted to give a 
vacuum of about 10 to 20 mm Hg. The boat is then 
heated by means of a resistance furnace, first to 
100° to 120°C, then to 150° to 250°C, and finally to 
300° to 350°C. Between 100° and 150°C, most of the 
water comes off and is condensed in a trap as hydro- 
chloric acid. At 200°C, pyridinium chloride starts 
subliming and condenses on the cold end of the tube. 

After the decomposition is completed, anhydrous 
CeCl, remains in the boat as a pure white, very fine 
powder which dissolves in water exothermally, giv- 
ing a completely clear solution. This is the best test 
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for the absence of cerium oxychloride, because the 
latter is completely insoluble and makes the solution 
cloudy when present even in smallest concentrations. 

When melted in an inert atmosphere (such as argon 
gas) and allowed to solidify, the product forms white, 
long needles (anal.: Ce-56.5 pct, Cl-43.3 pct; calc.: 
Ce-56.8 pct, Cl-43.2 pct). These are sometimes con- 
taminated with small amounts of carbon from 
pyrolytic decomposition of incompletely removed 
pyridinium chloride. This impurity may be removed 
by heating to 600°C in a stream of dry chlorine. The 
final yield, based on the original heptahydrate, is 96 
to 99 pct. 


DISCUSSION 


The principle of our method may be illustrated by 
the equation: 


[Ce(H,O), Cl,;-H,O + [Pyr.H] Cl = [Pyr. H][CeCl,: 


- (H,O)2] + 5H,O [1] 


The proposed formula for the complex is consistent 
with analysis and IR spectrum. The originally 
cationic hexaquo complex has been transformed into 
tetrachloro-diaquo cerium anion, with elimination of 
five water molecules from the original heptahydrate. 
We do not have any data on the thermal decomposi- 
tion mechanism of the pyridinium complex. However, 
in trying to explain why the pyridinium complex de- 
composes without the formation of an oxychloride, 
the following general argument seems plausible: The 
decomposition of hexaquo complexes usually takes 
place through the reaction: 


[Me(H,0)¢] = [Me(H,0),OH] Cl, +HCl, etc. [2] 


which ultimately leads to intermolecular condensa- 
tion via the hydroxyl groups and to the formation of 
oxychloride. The reaction [2] takes place by the for- 
mation of H* ion with transfer of positive charge 
from the metal ion to hydrogen. But since in the 
anionic complex there is an excess negative charge 
on the ion, the formation of H* is unlikely and water 
is eliminated as such upon heating. On further heat- 
ing, the complex decomposes with formation of CeCl, 
and (Pyr.H) Cl, which volatilizes. If the proposed 
explanation is correct, one may generalize the prin- 
ciple of our method as follows: Wherever the origi- 
nal hexaquo cation can be transformed into a suitable 
complex anion, the salts of the latter will be easier 
to dehydrate than the original compound. 

We feel that this method can be extended to the 
dehydration of other metal chlorides which form 
compounds with pyridinium chloride. If necessary, 
the pyridinium chloride may be substituted by the 
hydrochlorides of other nitrogen-containing cyclic 
or aliphatic bases such as quinoline, aniline, alkyl- 
amines, etc. Most of our work was done on cerium 
chloride, but we found that the method is applicable 
without difficulties to the dehydration of ThCl,-4H,O. 
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Thermodynamic Treatment of Disproportionation 


Equilibria Involving Complex lon Formation 


in Molten Salts 


It is known” that the equilibrium between titanium metal, 
TiCl, , and TiCl, ina solnent of molten metal chlorides, is 
influenced both by the total amount of dissolved titanium and by 


the type of solvent. 


Assuming that the trivalent titanium forms the complex ion 
Ti!" Clz, the equilibrium reaction may be expressed by the fol- 


lowing equation, 


Me Til"cl,+ Lri= + (Me)Cl 


The ideal ionic equilibrium constant for this reaction is, 


K 


mix 


N ici; 


Where the N’s are the molar ionic fractions in the equilibrium 
melt, and (Me) the different types of cations present in the 


equilibrium mixture. 


_ The following thermodynamic relation is derived between 
K _ and the concentration of cations in the equilibrium melt, 


In Kite# = [Nias AFY, + AFS, 


+ Ni, +.. | -f(y,) 


The N'’s are the equivalent ionic fractions, AF\,, and so 
forth are constants corresponding to the standard changes in free 
energy for reactions in melts where only the cation indicated is 
present, and { (y;) is a function of the activity coefficients in 
the equilibrium mixture. When this term vanishes, a simplified 
linear relationship between In Wisont and the concentration is 


obtained. 


The simplified relationship has been applied with satisfac- 


K. Grjotheim 


tory results to the experimental data of Mellgren and Opie,’ 


and Kreye and Kellogg.” 


Many existing methods for the production of light 
metals involve the reduction of their respective 
metal halides in the presence of salt melts com- 
posed of alkali or alkaline earth chlorides. In such 
a solution phase, the light-metal halide may undergo 
stepwise reduction from a higher, to a lower va- 
lence, and finally to a zero vaient state. In this 
connection, the disproportionation equilibrium is of 
great interest. In the case where the higher valence 
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is three and the lower valence is two, the dispro- 
portionation equilibrium may be written as follows, 


3 Mell = 2 Melll + Me (1) 
If this equilibrium occurs in a sait melt containing 
a large excess of alkali chlorides, a typical ionic 


melt is obtained. It is then possible to formulate 
the cation equilibrium: 


2 Me’** + Me = 3 Me** [11] 


Reaction [II] is analogous to a cation exchange re- 
action. It has been shown thermodynamically that 
the equilibrium constant for such a reaction in a 
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mixed anion melt varies with the anion composi- 
tion.*-* However, in this case, a simple cation 
equilibrium as shown in [II] cannot be expected. 
Instead, since the polarizing power of the trivalent 
cation and the other cations in the melt are very 
different, an almost complete formation of complex 
ions of the trivalent state may be expected as 
shown in [IIT]: 


Me***++ ~ [ 


The equilibrium in the chloride melt may therefore 
be written 


2 Me" + Me = 3 Me** + 2” Cl” [IV] 


As there are different types of anions on each side 
in Eq. [IV], this reaction is similar to an anion ex- 
change reaction and may therefore be expected to 
depend upon the cation composition of the melt. 
However, this analogy with the anion exchange re- 
action is not quite complete, because in Eq. [IV] a 
cation is taking an active part in the reaction. From 
thermodynamic principles, however, equations can 
be deduced which show the influence of the cation 
composition in the melt on the equilibrium constant 
of reaction [IV]. 

For example, in the electrolytic deposition of 
titanium from fused chloride electrolytes, an im- 
portant equilibrium state may be written as follows, 


2 Till + Ti = 3 Till [v] 


When this equilibrium occurs in fused alkali-alkaline 
earth chloride baths, it is reasonable, chemically, to 
assume that the trivalent titanium forms a four- 
coordinated complex with chloride ions. The equi- 


librium reaction [V] can then be expressed in the fol- 


lowing manner, 


TIMCl, +5 Ti=5TI* +4 C1 [v1] 


Assuming that this ionic melt behaves ideally, the 
equilibrium constant for this reaction is: 


TiClj 


The N’s are the molar ionic fractions*’® in the equi- 
librium melt, and the subscript ‘‘mix’’ indicates that 
the reaction takes place in the presence of different 
cations. 

Experimental results by Mellgren and Opie’ on 
this equilibrium show that in molten sodium chlo- 
ride-strontium chloride melts K‘‘°*! is markedly 
influenced by variations in the SrCl, to NaCl ratio. 
Their experiments also show that when the SrCl, 
ratio is kept constant, Ki‘¢*! varies with the total 
amount of titanium. Kreye and Kellogg” measured 
the same equilibrium in NaCl-KCl melts of a con- 
stant molar ratio of 1. Their results also show that 
K ideal is a function of the total titanium concentra- 
tion in the melt. : 

A qualitative explanation of this variation of K“°" 
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may be given in the following way. When a given 
reaction takes place between the constituents in 
their standard states, the change in the free energy 
is the standard change AF°. Between the thermo- 
dynamic equilibrium constant K (expressed in terms 
of activities of the constituents at equilibrium) and 
the standard change in free energy, one has the well 
known, important relationship AF = —RT In K, The 
standard states used in equilibria involving molten 
salts are most conveniently selected as the pure 
molten salts at the given temperatures. Reactions 
between standard states, can then occur only be- 
tween neutral molecules (or ion pairs). For 
example, 


NaTiCl, +5 Ti = 3 TiCl, + NaCl [vu] 
with A Fy,, and 
1s,(rici,), +2 Ti = 3rici, +4srci [vor] 

with AF... 


If A Fy,+ , the thermodynamic equilibrium con- 
stants Ky, and K,, must differ for these two re- 
actions. However, if ideal ionic solutions are as- 
sumed, the salt activities can be replaced by Temkin 
products of molar ionic fractions’ (e.g., aideal 

= Nyj+++N2,.). Then, for both reactions [VI] 
and [VIII] will have the same form since the cationic 
fractions of the ‘‘inactive’’ cations cancel out. But, 
in a mixed melt containing both Na* and Sr** cat- 
ions, K a must be expected to vary with the Nat 

to Sr++ ratio. A thermodynamic derivation of the 


relationship is given below. 


THEORETICAL TREATMENT 


a) Without Solvent—Assume a hypothetical melt 
with the following equilibrium composition: m, 
moles of NaCl, m, moles of SrCl,, m, moles of 
TiCl,, and m, moles of TiCl,, where m, + 2m, 
= %m,+m,. Then the equilibrium reaction may 
be written, 


m,NaTiCl, + m,Sr(TiCl,), + 5 (m, + 2m,)Ti 
= (m, + 2m,) TiC, + m,NaCl + m,SrCl, [IX] 


In the equilibrium melt, the activities may be re- 
placed by terms of the following form.”’® 


real = 2 
= Nor++ Nrici; YSr(TiCl4), 


The thermodynamic equilibrium constant of reac- 
tion [IX] will then be, 


NA 


2 
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m, m, 
YnaTicl, “Se(TiCl,), 

It will be seen later that it is convenient to define 


1 
m, + Im, 
Knix = 


From Eqs. [1] and [2], the following expression is 
obtained, 


Kniz = Kunin * f (7;) [3] 


where f (y;) is a function of the activity coefficients. 


The thermodynamic equilibrium constant is equal to 
the ideal only if the system is ideal or if the activity 
coefficients cancel out each other. 

The standard free-energy change of reaction [IX] 
is, 
mix 


= (m, + AF 


where the standard states are pure, molten salts. 
Reaction [IX] may be obtained by multiplying [ VII] 
by m, and [VIII] by 2m, and then adding the two 
resulting equations. From this, we obtain the 
thermodynamic relationship: 


(m, + 2m,) =m, AFNa + 2m, AF [5] 


When the ions in a molten mixture are of different 
charges, it is convenient to use the equivalent ionic 
fractions for the concentration terms.***»” The 
equivalent ionic fraction of Na* and Sr** in the mix- 
ture are respectively, 


Replacing the concentration terms in Eq. [5] with 
equivalent ionic fraction terms, Eq. [6] is obtained, 


= AF yat AF [6] 
where Nx,,+ and N¢.4,are the equivalent ionic frac- 
tions not in the equilibrium mixture, but in a mix- 
ture of only m, moles NaTiCl, and 2 m, moles of 


Sr(TiCl, ),. 
From Eqs. [3] and [4], Eq. [6] can be rewritten 


ideal 1 0 
In Knix = (Nyat? + Ng ++ SF 


-In f(y;) [7] 


Now, for the following exchange reaction 


1 1 
5 Sr(TiCl, >, + NaCl = 3 SrCl, + NaTiCl, [X] 
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the change in free energy is A Ft, = A FS AFNa, 
furthermore, Ny,++ Ng++= 1. Thus, Eq. [7] can 
be further rewritten, 


In Kideal = Fat 
In fly) [8] 
Both A Fy, and A Fé, are constants, thus when the 


activity term vanishes and when A F°¢, + 0, In Kidea! 


becomes a linear function of N g++. 

b) With Solvent—In the actual melt, there is alarge 
excess of solvent, compared with the total amount 
of dissolved titanium chlorides. This complicates 
the derivation of the relation between Kie” and the 
composition of the melt, but principally the same 
method may be used. 

Consider an equilibrium mixture of the analytical 
composition n, moles NaCl, m, moles SrCl,, 

n, moles TiCl,, and n, moles TiCl,, where m, and 
n, both are larger than n, and n,. As before, as- 
sume that in the melt all the trivalent titanium 
forms the complex ion TiCl>. 

The equilibrium melt can then be written as 
formally composed of the following neutral 
molecules, 


(n, - x) moles NaCl 
(n, — y) moles SrCl, 
(n, - z) moles TiCl, 


x moles NaTiCl, 
y moles Sr(TiCl, ), 
z moles Ti! (TiCl, 


Here x + 2y + 2z = m,. Within this restriction the 
real value of each of the unknown terms *, y, and z, 
in such a molten mixture of reciprocal saltpairs is 
arbitrary.® 

In the deduction just given, section a), for the 
hypothetical case without solvent, the standard 
states selected for the reactants were defined in 
the usual way, as the states where the dissolved 
titanium had completely reacted to form trivalent 
titanium, and the standard states for the products 
were defined as the states where the dissolved 
titanium had completely reacted to form divalent 
titanium. Both the reactants and the products 
were, in these standard states, completely sepa- 
rated into the pure liquid constituents. 

However, in this case (with solvents), in order to 
derive an explicit expression for the variation of 
K ix with the concentration of divalent titanium in 
the equilibrium melt, a special standard state for 
the reactants is selected. This standard state is 
defined as that which consists of the completely 
separated pure liquid constituents in the same 
amounts as in the apparent molecular composi- 
tion given above for the equilibrium mixture. 


Thus the reaction may be written, 


(n, x)NaCl + (n, y)SrCl, + - z)TiCl, 
+x NaTiCl, + y Sr(TiCl,), + z Ti"(Ti™ Cl, ), 


1 


+5 (x + 2y+ 2z)Ti = B a (x + 2y + 22) TiCl, 


2 


+ n,NaCl + n,SrCl, [ XI] 
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By the same procedure previously used, the equi- 
librium constant for this reaction is 


NG- 
Kix (K nix) : f'ly;) [9] 


where f (y;) is a function of the activity coefficients. 


The standard free-energy change of reaction [ XI] 
is: 


A = n, A Foi, = —n, RT In Kyi, [10] 


For the hypothetical reaction [XIII] 
Ti! Cl,), + Ti = 2 TiCl, [xm] 


the standard free-energy change is AF%,n. 
Reaction [XI] can then be obtained by the follow- 
ing operations: Multiply [I] by x, [II] by 2y, [XI] 
by 2z, adding the resultant equations, then adding 
n, NaCl, n, SrCl,, and m, TiCl, to each side of this 
equation. Eq. [11] then follows thermodynamically, 


n, =* AFy, + 2y + 22 AF [11] 
In section a) where the reaction scheme consisted 
of only one species of anion on each side, the con- 
centration coefficients in the addition formula, 
Eq. [6], for A Finix were equal to the equivalent ionic 
fractions in the hypothetical mixture of the react- 
ants. In this case (with solvent) the reactants in 
the reaction scheme [XI] which contains different 
types of both anions and cations simultaneously, the 
apparent number of moles of a single salt is arbi- 
trary. However, Flood and Grjotheim‘ have in 
analogous cases used successfully addition for- 
mulaes of the same type as Eq. [6], but with the 
concentration coefficients equal to the equivalent 
ionic fractions in the equilibrium melt. This Was 
done by the thermodynamical treatment of cation 
and anion exchange equilibria in molten slags con- 
taining simultaneously different types of anions and 
cations. An analogous treatment is applied here. 
Thus the following is chosen, 


n, NNat+ 

[12] 
= IN g++ 

2z 

N 


Introducing Eq. [12] into Eq. [11] gives: 
Nya+* + Noes! AFS, 


Combining Eqs. [9], [10], and [13] the following re- 
lationship is obtained. 
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No 


+ AFS t+ - 


The constants A Fy, AF¢, , and A for the hypo- 
thetical reactions I, II, and XII, respectively, may 
be expected to differ for chemical reasons. Eq.[14] 
thus shows that Ki4¢* varies with the cation compo- 
sition, and also with the total amount of titanium, 
since the concentration of Ti++ depends upon the 
total amount of titanium. 


APPLICATION OF THE EQUATION TO MEAS- 
URED EQUILIBRIA 


The experimental data in the literature on the 
titanium disproportionation equilibrium, consists 
of the measurements by Meligren and Opie,’ and 
by Kreye and Kellogg.” Since activity coefficients 
are not available for their systems, a comprehen- 
sive test of the validity of the evaluated relation- 
ship is not possible. However, their data may be 
used in order to obtain some idea of the applica- 
bility of the assumption that the activity coefficients 
are unimportant. For this purpose their data on the 
equilibrium concentrations are recalculated in terms 
of molar ionic fractions and equivalent ionic frac- 
tions, The results of these calculations are pre- 
sented in Fig. 1, where log Kid€is plotted against 
the equivalent ionic fractions. Eq. [14] shows that 
if the strontium/sodium ratio is constant, and if the 
activity coefficients’ term vanishes, then log K ideal 
should be a linear function of N+;,,- This is con-. 
firmed, from Mellgren and Opie’s data, when 
log K ys ,, is plotted at a constant stron- 
tium/sodium molar ratio of 2:3, as shown in Fig. 1 
(the number on each point is the same as that in 
Table II of their paper).’ 
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Fig. 1—Variation of log Kit¢*! with concentration in equiva- 
lent ionic fractions. The plotted data are calculated from 
measurements by Mellgren and Opie,! and Kreye and 
Kellogg.? © Log plotted against for NaCl-KCl 
melts of equimolar ratio.” The influence of the uncertainty 
of the Ti™ — analysis on log Ki4f#! is shown by the ver- 
tical lines. plotted against for NaCl-SrCl, 
melts! with Sr/Na ratio of 2:3M. @ Same as above but the 
two unnumbered points represent a Sr/Na ratio of 1:4 and 
4:1 respectively and log Kide*! is here plotted against Nz ,,. 
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Fig. 2—The variation of log Kid¢3! with Nnat from the ex- 
perimental data of Mellgren and "Opie.! 


Similarly, Kreye and Kellogg’s results, using an 
equimolar ratio of NaCl-KCl, are plotted in Fig. 1. 
(The letter on each point is the same as that in 
Table II of their paper.)* Here, log pm vs Nx++ 
does not give the same good correlation between 
the experimental points and a straight line. How- 
ever, if the 20 pct uncertainty, as given by Kreye 
and Kellogg, for their analytical determination of 
Til™ is considered, a straight line can be obtained 
within their limits of error. 

By extrapolating the two straight lines to 
N4,++= 1, AF can be determined. Theoretically, 
this value should be the same for the two independ- 
ent plots. The value obtained is about —7 kcals. If 
Mellgren and Opie’s data are to 
++ = 0, a value of (3A FR, + 44F 0 kcals is 
obtained. Correspondingly, from dll and 
Kellogg’s data the value of (AF ° Nat A Fr ) is found 
to be approximately —1.5 kcals. 

Mellgren and Opie have also measured the same 
equilibrium by using two other molar ratios of 
Sr/Na, namely 1:4 and 4:1. The log Ki4*! from 
these two experiments together with the log K — 
at the molar ratio of 2: 3 are plotted against N’, , , 
in Fig. 1 and against Ny+ in Fig. 2. In these meas- 
urements the concentrations of both Tit*+ and Sr++ 
were varied; therefore by plotting log K oe vs one 
of the equivalent ionic fractions a straight line 
would not be expected as seen from Eq. [13]. But 
as Ny ,++for the different runs changes — a 
little’ compared with the changes in Ng wer 
fairly straight line may be obtained by. rioting 
log Kite4l vs No.4, and Ny,+, as seen in Figs. 1 
and 2,respectively. Taking into account a small 
correction for these differences in Ny; +4,a Straight 
line can be drawn and extrapolated to Ng,++ = 1, 
Fig. 1. This gives a theoretical value of A F%, of 
about -4.5 kcals. and A FX can be calculated 
by combining the values found for A FS, with the 
values found by the previously mentioned extrapo- 
lations. The values of AF, = +6 kcals and of 
~ -7.5 kcals are thus The value of 
AFy, may be checked by extrapolating the plot of 
log } K ideal against NY .,, Fig. 2, whereby the value of 
AFY is found to be = +4.5 keals. 
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Keeping in mind the long extrapolation and the un- 
certainty in the experimental data, the accur*:cy of 
the constants obtained should not be overestimated. 
This is illustrated by the oy unexpected differ- 
ence between A Fra and SF. 


CONCLUSION 


The evaluated relationship illustrates the varia- 
tions of In K — with the cationic composition of the 
melt. The influence of the active cation Ti**+ on the 
ionic equilibrium constant, and thus the influence of 
the total amount of titanium, has been shown by 
selecting an unmixing process of the equilibrium 
mixture into suitable amounts of each of the re- 
actants in their standard states. 

The almost linear variation of log K‘4e@! | when it 
is plotted against the equivalent ionic fractions, in- 
dicates that the activity coefficients term is not sig- 
nificant. Thus the correlation between the available 
data and the theoretical formula appears satisfac- 
tory. Concerning the larger deviation from linearity 
for Kreye and Kellogg’s measurements it should be 
remembered that Kreye and Kellogg had only mono- 
valent cations, viz. Na* and K*, in their solvent. 
Therefore, the assumption that all the divalent ti- 
tanium is present as simple cations may not be ex- 
pected to hold true, certainly not as well as in the 
case of Meligren and Opie who had a large amount 
of divalent cations (Sr**) in their solvent. 

A more sensitive test on the theoretical relation- 
ship would bea plot of log K ‘#2! against two of the 
independent variable equivalent ionic fractions in a 
three-dimensional coordinate system. However, the 
experimental data available are insufficient. 

It should be mentioned here that as one cation 
(the Ti**) is taking an active part in the above re- 
action, the ideal ionic equilibrium constant would 
be expected to vary also with the anionic composi- 
tion of the melt. However, in the present case the 
anionic fraction of chloride is almost equal to 1 for 
all the given melts. Therefore, the influence of the 
variation of the anionic composition is small and 
may thus be neglected. 

The procedure used to treat this dispropartiona- 
tion equilibrium is not limited to the present case, 
but may also be used for other types of salt melts 
where complex formation occurs. This will be 
discussed further in the next paper of this series. 
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Description of the Sigma Phase as a Structure 


with Sphere Packing 


It is investigated whether a model of sphere packing permits 
the computation of the lattice parameters and their variation with 
concentration in various 0 phases; it does, except in 0 phases 


containing silicon. Several observations indicate that a particular 
role is played by the ‘‘E-atoms’’ in the lattice. 


Tue o phase is formed by many alloys of the transi- 
tion elements.’~* Its structure has been described by 
Bergman and Shoemaker,® ° Dickins, Douglas, and 
Taylor,” and Kasper, Decker, and Belanger.® There 
are five kinds of crystallographically equivalent 
positions for the 30 atoms in the unit cell which have 
been designated by these authors I, II, III, IV, and V 
or, in the same sequence, A, B, C,D, and E, as shown 
in Fig. 1. For the purposes of the present paper two 
elements of the lattice will be discussed separately: 
The lattice planes perpendicular to the c-axis which 
are made up by the atoms A, B, C, and D and which 
determine the a-parameter; and the close-packed 
‘‘yertical rows’’ of E-atoms which determine the 
c-parameter. 

Kasper,°® and Frank and Kasper’° described the o 
phase and other complex structures as sphere 
packings. In these papers particular attention is 
paid to the coordination polyhedra. Lattice positions 
with an equal number of nearest neighbors are con- 
sidered equivalent regardless of their crystallo- 
graphic description. This seems to work very well 
for the explanation of ordering phenomena in the o 
phase as far as information on this is available.” 

If the description of the o phase as a sphere packing 
is valid it should be possible to draw two further 
conclusions: 

1) It should be possible to calculate the lattice 
parameters from the atomic radii of the components, 
and 

2) It should be possible to predict the variation of 
the lattice parameters with concentration within one 
phase field. Both points are discussed in this paper. 


PROCEDURE 


Measurements of lattice constants were done with 
a symmetrical back-reflection X-ray camera. With 
Cr-radiation, about a dozen a; lines could be ob- 
served with most samples. From the (550/710)- and 
720-lines the a-value was computed. With this value 
the c-parameter was calculated from the (333)- and 
(413)-lines. Finally, the position of all the other 
lines was computed from the lattice parameters thus 
obtained. In this way the validity of the indexing 
could be checked and, at the same time, this proce- 
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dure gave an estimate of the accuracy of the lattice 
parameters. A correction was made for film shrink- 
age. 

The atomic radii used in the computations are the 
Goldschmidt radii fer coordination number 12. Actu- 
ally, some of the atoms have a coordination number 
of 14 or 15, but the error thereby introduced is 
small.” For the computation of lattice constants 
from the atomic radii an ‘‘average atomic radius’’ of 
all components was used, 7.e., complete disorder was 
assumed. Although this seems to be true for some 
systems like Os-Cr,* it is not true in others.*” **** 
The ordering model, however, which has been sug- 
gested by Kasper on the basis of extensive research 
lets both kinds of atoms contribute to both the ‘‘ver- 
tical rows’’ and the lattice planes perpendicular to 
them, so that even with ordering of this kind the as- 
sumption of complete disorder cannot introduce a 
very serious error in calculating lattice parameters. 


RESULTS 


Bergman and Shoemaker’ gave a table of the inter- 
atomic distances in the Fe-Cro phase. If we disre- 


Fig. 1 
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gard all distances between E-atoms and atoms in any 
other position, the average distance of the atoms in 
the planes perpendicular to the c-axis to their 
nearest neighbors is 2.567A. This is equal to 0.292 
of the lattice parameter a. Assuming a close pack- 
ing of spheres, the equation determining the lattice 
parameter from the average atomic radius should, 
therefore, be: 


a= ace Yaverage = 6.85 Y average 


The straight line corresponding to this equation is 
entered in Fig. 2, and it describes the actual values 
surprisingly well. This is true not only for the 
isolated points which represent values taken from 
the literature but also for the concentration depen- 
dence of the lattice parameters within various o- 
phase fields, as indicated by the slope of the straight 
lines, each connecting two points. Exceptions are 
the o phases containing Si. They will be discussed 
further below. 

Fig. 3 shows the same kind of plot for the c-param- 
eter, Here, the equation of the straight line should 
be: 


c=4 Yaverage » 


since the E-atoms are in direct contact along straight 
rows. The line in the figure, however, which de- 
scribes the actual value very well, follows the equa- 
tion: 


= 3.57 Yaverage 


Thus, there is a severe contraction along the c-axis. 
This fact can be described in two ways: 


ReCr 
NiVSi 
MV 
9.0 fNICrSi Fev FeVSi 
CoMoCr 
Fecrsi 
Comnv 
8.8t 
CoCrSi MnCrSi 
eV 
128 130 132 134 136 138 140 14 144 
Taverage (A) 
e (see Reference 1) 
© (see Reference 3) 
@ (see Reference 4) 
O------- © (see Reference 11) 
© © in systems containing no Si 
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On © in systems containing Si 
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1) One might say that the E-atom is not really 
very close to spherical, but rather squeezed as an 
ellipsoid into the holes left by atoms in the other 
lattice positions. In this case concepts like ‘‘sphere 
packing’’ or ‘‘atomic radius’’ do not seem to be very 
well applicable. 

2) On the other hand, one might argue that since 
the atomic radius decreases with decreasing number 
of nearest neighbors,” the apparent contraction only 
indicates that the number of nearest neighbors as- 
cribed to the E-position (14 according to the defini- 
tion given in’®) has been too large. This would not 
be surprising. The definition of Frank and Kasper is 
strictly geometrical and different from what 
Goldschmidt and Laves had in mind when they studied 
the dependence of atomic size on the number of 
nearest neighbors.* Therefore, the definition of 


*This is quite obvious in the case of the f.c.c./b.c.c. — phase change 
in iron, which according to most older papers is a transition from twelve 
to eight nearest neighbors with a corresponding decrease in atomic size. 
If one tries to apply the definition of Frank and Kasper here, it is a 
transition from twelve to fourteen nearest neighbors which should be 
accompanied by an increase in atomic size if one does not want to 
abandon the relations between atomic radius and coordination number 
used so far. 


Table |. Distances from the E-position to Its Nearest Neighbors 


Position of Number of Nearest Distance as a 
Nearest Atom Atoms Fraction of a 

B 1 0.332 

B 2 0.322 

c 2 0.315 

2 0.313 

D 2 0.292 

A 1 0.289 

D 2 0.288 

E 1 0.261 

E 1 0.256 

14 
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Table Il. Concentration Dependence of Lattice Parameters 


° 


ain A cin A Aa Ac 
Composition in At. Pct +0.003 +0.002 Measured Computed Measured Computed 
Co 56.5; V 43.5 8.843 4.586 
0.189 0.15 0.075 0.078 
Co 35.7; V 64.3 9.032 4.661 
Mn 87.1; V 12.9 8.906 4.612 
0.018 0.039 0.007 0.02 
Mn 75.6; V 24.4 8.924 4.619 
Co 47.7; Cr 52.3 8.743 4.536 
0.032 0.013 0 0.007 
Co 38.0; Cr 62.0 8.775 4.536 
Co 56.5; V 43.5 8.843 4.586 
0.058 0.063 0.013 0.033 
Mn 19.9; Co 37.2; V 42.9 8.901 4.599 
Fe 66.0; V 34.0 8.866 4.598 
0.112 0.117 0.031 0.061 
Fe 47.0; V 53.0 8.978 4.629 
Co 47.5; Mo 21.5; Cr 31.0 8.916 4.627 
0.173 0.178 0.091 0.092 
Co 47.7; Cr 52.3 8.743 4.536 
Ni 42.5; V 57.5 8.954 4.635 
0.042 0.047 0.018 0.024 
Ni 36.8; V 63.2 8.996 4.653 
Co 14.5; Fe 44.9; V 40.6 8.884 4.600 
0.067 0.031 0.024 0.016 
Co 59.4; V 40.6 8.817 4.576 


‘‘nearest neighbor’’ proposed in’® has to be used with 
caution where atomic radii are discussed. 

Table I shows that the distance from an E-atom to 
the next E-atom is considerably shorter than that to 
any. other atom in the lattice. Therefore, in the tra- 
ditional sense, the E-atom has only two nearest 
neighbors. If the influence of the other 12 neighbor- 
ing atoms is considered less, but somewhat in- 
fluential on the size of the E-atom, (by counting them 
all together as only two ‘‘effective’’ nearest neigh- 
bors), the E-atom has a total of only four ‘‘effective’’ 
nearest neighbors. This would give it an atomic size 
just small enough so that no ‘‘contraction’’ would 
have to be accounted for. 

In either way the E-positions would not be com- 
parable to the C-positions (with which they were sup- 
posed to have in common the coordination number 
14), representing instead a special feature of the 
structure. This seems to agree with the ideas of 
Aronsson” who particularly stresses the importance 
of the rows of E-atoms in his comparison of the o 
phase with other structures. 

Table II shows several pairs of alloys, each of 
which spans a concentration difference within one 
binary or ternary o-phase field. These measure- 
ments are entered in Figs. 2 and 3 as straight lines 
between two points. They also fit the trend well. In 
detail, Table II contains the Aa- and Ac-values as 
measured and computed. The agreement is reason- 
ably good, considering that the small differences 
between the measured values depend sensitively on 
the error of measurement, while the differences 
between computed values depend on the uncertainty 
of the alloy compositions and of the Goldschmidt 
radii. It may be significant that the best agreement 
between measurement and computation for both Aa 
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and Ac is reached in the system Co-Mo-Cr which is 
also the only case among those investigated where 
one atom (Cr) is replaced by another atom (Mo) of 
the same group. 

Aronsson and Lundstrém” investigated the Fe-Cr- 
Si system and reported the lattice parameters given 
in the first two lines of Table If. The variation of 
the c-value, Fig.3, fits quite well the trend estab- 
lished by the other systems, but the a-value changes 
in a direction opposite to that expected. This start- 
ling effect seems to give a further indication for the 
relative independence from each other of the a- and 
c-values. Therefore, a few more systems containing 
Si were investigated. The results are summarized in 
Table III. The same anomaly has been found in all 
examples, except Ni-V-Si where the difference in 
lattice parameter between the two components lies 
within the limits of error. Aronsson concludes that 
the Si-atoms prefer the E-positions. If this is true, 
the expansion of the c-axis with increasing Si-con- 
tent would still be much too small and the shrinking 
of the a-axis would remain unexplained. A possible 
answer to that might be that the Si contributes over- 
proportionally to the total electron gas, thereby 
causing a total shrinkage of the unit cell. This 
shrinkage would be more than compensated for in 
the c-axis by the introduction of the larger Si-atoms. 
In order to test such a hypothesis, however, more 
detailed information on the ordering in o-phases 
containing Si would be desirable. 


SUMMARY 


The description of the o phase as a structure with 
sphere packing works well for computing the lattice 
parameter a and its variation with concentration. 
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Table Ill. Concentration Dependence of Lattice Parameters in @ Phases Containing Si 


° ° 


ainA cinA Aa Ac 
Composition in At. Pct +0.003 +0.002 Measured Computed Measured Computed 
(Fe 50; Cr 50 8.798 4.558 
~0.040 0.062 0.022 0.032 
Si 14; Fe 43; Cr 43 8.758 4.580 


Si 5; Cr 65; Ni 30 8.789 4.568 


Si 13; Cr 62; Ni 25 


8.782 4.574 


Si 10; Mn 70; Cr 20 8.825 4.603 


Mn 75; Cr 25 8.860 


4.590 


Si 20; Co 30; Cr 50 


8.736 4.561 


Co 38; Cr 62 8.775 4.536 


8.950 
8.978 


Si 10; Fe 40; V 50 4.641 


Fe 47; V 53 4.629 


Si 8; Ni 34; V 58 9.000 


8.996 


4.654 


Ni 36.8; V 63.2 4.653 


*See reference 11. 


The c-parameter and its variation with concentration 
can be better described by giving the atoms in the 
E-position an ‘‘effective’’ coordination number 4 in- 
stead of 14 which would mean that they are in direct 
contact only with each other. 

The description does not work for the concentra- 
tion dependence of the a-parameter of o phases con- 
taining Si. It is suggested that electronic interaction 
may be responsible for this effect. 
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G. R. Wilms 


In a recent investigation’ on the properties of 
chromium, and of Cr-10 wt pct W and Cr-5 wt pct 
Mo alloys at elevated temperatures, it was found 
that intercrystalline cavities developed in all of 
these materials during tensile creep at 950°C, and 
that the cavities led to intercrystalline fracture. 
There were some interesting differences, however, 
between the cavities produced in the pure metal and 
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Intercrystalline Fracture in Creep of Chromium and Some Chromium Alloys 
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Technical Note 


those in the alloys; these differences, moreover, 
were associated with a difference in ductility. The 
relevant conditions of creep testing are specified in 
the captions to Figs. 1 and 3. 

Chromium showed the presence of quite large 
intercrystalline cavities, Fig. 1, and these were 
more or less randomly distributed around the 
boundaries. The chromium alloys, on the other hand, 
showed the presence of both small cavities and 
cracks at the grain boundaries, Fig. 3; it is apparent 
that the cracks are formed by the linking together of 
the small cavities. Moreover, the cavities and 
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Fig. 1—Longitudinal section of a Fig. 2—Same specimen as in Fig. 1, Fig. 3—Longitudinal section of a 

chromium specimen, showing inter- showing large holes near fracture. chromium-10 wt pct W alloy specimen, 

crystalline cavities after fracture X100. showing intercrystalline cavities and : 
(27 pet) during creep in air at 950°C 
under a constant tensile load of 6,720 
Ib per sq in. X250. Reduced approxi- 
mately 18 pct for reproduction. 


cracks after fracture (4 pct) during 

creep in air at 950°C under a constant 

tensile load of 13,440 Ib per sq in. ( 
X250. 


boundaries; examples of this are indicated by the 

arrows in Fig. 1. Observations on other materials 

have also shown that impurities or second phases *’* 
Fig. 4-Same spec- and etch or polishing pits® can have a marked effect 


imen as in Fig. 3, on boundary migration. Accordingly, if parts of the 
showing extensive grain boundaries are prevented from migrating 
Seema __ when boundary sliding occurs, the resulting stress 
concentration at these ‘‘locked’’ points could be 


sufficient to open up a cavity nucleus; the cavities 
then continue to grow, possibly by stress concen- 
tration, and they eventually coalesce leading to the 
disintegration of the chromium at the grain bound- 
aries. It should be pointed out that although some 
a of the cavities appear to be associated with grain 
corners, their appearance is quite different from 


Direction of applied stress 


A 


cracks in the alloys were located mainly in bound- the type ascribed to grain boundary triple points 
aries transverse to the applied tensile stress axis. in the sharp 
In the zone of fracture, the cavities in chromium cracks.®” 


have coalesced to form large holes, Fig. 2, which 
appear to be mainly intercrystalline, whereas the 


cracks in the ailoys have become more extensive, 
and the material has finally parted along the a AOR 
transverse boundaries, Fig. 4. The elongation to It has been found’ that during creep the alloys show 
fracture in chromium was 27 pct, but the chromium both coarse slip and cell subgrains. Again, it was 
alloys showed considerably less ductility, fracture not possible to make observations on the original FE 
occurring after 4 to 8 pct. The minimum creep rate surface due to oxidation. However, for reasons al- ] 
was 3.2 x 10 ‘in. per in. per hr for chromium, 0.68 ready stated in the case of chromium, it may be str 
x 10-‘*in. per in. per hr for the Cr-10 wt pct W alloy, assumed that some boundary sliding did occur, but cul 
and 0.90 x 107‘ in. per in. per hr for the Cr-5 wt pct _ there was no evidence that boundary migration had thr 
Mo alloy. occurred to any extent. The mechanism proposed sho 
In interpreting these observations, itis necessary by Gifkins® to explain the intergranular cavitation ma 
to have regard to the structural changes which ac- observed by Greenwood et al,® could account for is f 
company creep deformation in these materials. the observations on the chromium alloys also. In whi 
this mechanism, coarse slip in a grain may pro- con 
duce jogs along the boundary, the size of the jogs par 
CHROMIUM depending on the number of dislocations which ef- Fol 
It has been found’ that during creep cell subgrains fectively run through the boundary to initiate ac- Stag 
only are developed within the grains. Although ex- commodating slip in the adjacent grain. The re- ITI ¢ 
amination of the original surface was not possible maining dislocations will remain piled-up, and there The 
due to oxidation, the wavy appearance of the grain will be a stress field around them at the boundary; if var 
boundaries in Figs. 1 and 2 shows that appreciable boundary sliding occurs concomitantly, the surfaces wor 
boundary migration had occurred. It may be as- at the jogs may be separated to form intercrystalline *A 
sumed ‘that boundary sliding also occurred, since voids. The collapse of voids formed in this way ina =< 
for other metals, for example, aluminum,” when cell transverse boundary is prevented by the applied, 
subgrains were formed boundary sliding was also stress, but would be assisted in a longitudinal bound- S. 
observed. There is evidence that the chromium- ary. Voids once formed are then capable of enlarge- “~ 
oxide particles inhibited the migration of grain ment by stress concentration. 
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The Third Stage of Work Hardening in Aluminum 


Crystals Deformed at 196°K 


Tensile tests have been performed on aluminum single crys- 
tals of 99.99 pct purity at 196°K. The resolved shear stress when 
the stress-strain curve becomes concave to the strain axis de- 
pends on orientation, being always higher for crystals with an 
initial orientation close to the sides of the unit triangle. 

Observations have been made, with the optical microscope, of 
the appearance of slip lines on polished surfaces of the crystals. 
Particular attention has been paid to the first appearance of cross- 
slip. It is confirmed that marked cross-slip is first seen when the 
stress-strain curve becomes concave to the strain axis. Meas- 
urements are reported of the lengths of the slip lines observed on 
top and side faces of the crystals at various stages of the defor- 
mation. The lengths of the slip lines vary inversely as the flow 
stress for all crystals, independent of crystal orientation. From 
measurements of the lengths and separations of the slip traces it 


is possible to estimate the number of dislocations which are an- 
nthilated at each cross-slip site. It is concluded that the an- 
nihilation of screw dislocations of opposite sign is the most im- 


portant cross-slip process occurring. 


Friepeu! recently pointed out that the stress- 
strain curve of many pure metals of face-centered- 
cubic structure can be considered as composed of 
three stages. Plastic flow commences with a region 
showing a small rate of hardening which is approxi- 
mately linear. This has been called “easy glide”. It 
is followed by a region of more rapid hardening in 
which the slope of the curve is again approximately 
constant and this, in turn, is superseded by a final 
part of the curve which is concave to the strain axis. 
Following Diehl? we may designate these regions as 
stages I, II, and III respectively. The onset of stage 
III occurs at lower stresses at higher temperatures. 
The appearance of the slip lines formed during these 
various stages has been described by a number of 
workers.*°* 


*A very detailed account has recently appeared in A. Seeger: Hand- 
buch der Physik, vol. VII, Springer-Verlag, Berlin, 1958. 


S. SATO and A. KELLY, Junior Member AIME, are associated with 
the Department of Metallurgy, Northwestern University, Evanston, Ill. 
Manuscript submitted May 19, 1958. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


S. Sato 
A. Kelly 


The object of the present work was to make de- 
tailed observations of the lengths and separations of 
slip lines for a number of crystals of different 
orientations deformed at the same temperature and 
strain rate. Although much previous work has been 
published on the deformation of aluminum single 
crystals the importance of measurements of these 
quantities has only recently been realized—they are 
essential for experimental tests of recent theories 
of work hardening.” ° 

In aluminum, deformed at room temperature, 
stage II of the stress-strain curve is very weakly 
marked, as the stress for the onset of stage III is 
attained soon after the end of easy glide. In the 
present experiments it was decided to use a tem- 
perature lower than room temperature so that stage 
II of the curve was better developed. However, at 
temperatures as low as 90°K slip lines are not 
measured easily with the optical microscope.*® For 
this reason 196°K was chosen as a suitable tempera- 
ture. Even at 196°K, however, stage III of the curve 
commences at glide strains of 6 to 10 pct and hence 
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the majority of the measurements reported here 
were obtained in the third stage of work hardening. 


EXPERIMENTAL DETAILS 


Shouldered tensile specimens were produced from 
aluminum of 99.99 pct purity supplied by the Alumi- 
num Company of America. These were of rectangu- 
lar cross section of dimensions in the reduced gage 
section of 2 by 0.3 by 0.1 in. They were converted 
into single crystals by the strain-anneal method and 
the orientation found from X-ray back-reflection 
photographs. The orientation of the crystals ex- 
amined is shown in Fig. 1. 

Certain of these crystals were strained in tension 
at 196°K to establish the stress-strain curve at this 
temperature. Others were selected which were of 
orientation such that the <110> of maximum re- 
solved shear stress lay parallel (within 5 deg) to one 
of the flat faces of the specimen. These were used 
for examination of the slip lines. Under these con- 
ditions dislocations emerging through the crystal 
face parallel to the slip vector (side surface) are of 
predominantly screw character and those emerging 
through the other plane face (top surface) are of 
predominantly edge character. Corresponding to 
each of the crystals selected for the examination of 
slip lines there was always another crystal of the 
same orientation, within 2 deg, which was pulled 
continuously in tension to establish the stress-strain 
curve. 

The appearance of the slip lines produced at dif- 
ferent stages of the deformation was quite dissimi- 
lar. The following procedure for examining the slip 
lines was adopted. Polished specimens were de- 
formed to 1 pct elongation, unloaded, and removed 
from the tensile machine. The surfaces of the 
specimen were then examined at a variety of mag- 
nifications under the optical microscope and a de- 
tailed idea of the slip-line pattern obtained. Meas- 
urements of the separation of deformation bands 
observed on the side surfaces of the crystals were 


Fig. 1—Orientation of crystals studied. 
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made directly under the microscope using a cali- 
brated eyepiece. Five photographs were then taken 
of the top surface at a magnification of X200 and one 
photograph of the side surface. Measurements of slip 
trace length, separation of slip lines, and number of 
cross-slip sites (see below) were then made from the 
plates, independently by the two observers. The 
specimen was then further deformed to about 5 pct 
elongation, unloaded and repolished, and again de- 
formed 1 pct and the above procedure repeated. 
Measurements of the slip-line pattern produced by 

1 pct elongation at a variety of stress levels were 
thus obtained. 

Specimens were electropolished in a bath of 95 pct 
acetic acid and 5 pct perchloric acid cooled in ice, 
using a voltage of 30. They were deformed in tension 
at a strain rate of 10~* sec™ in an Instron Tensile 
Testing Machine. The temperature of the specimen 
was maintained at 196° + 2°K by immersing it in a 
Slush of solid carbon dioxide and acetone. 

Values of the resolved shear stress and glide 
strain were obtained for the crystals strained con- 
tinuously and for those subjected to the interrupted 
tests from the values of load and elongation re- 
corded directly by the tensile machine. The equa- 
tions used were those given by Schmid and Boas.” 


RESULTS 


a) Stress-Strain Curves—The stress-strain curves 
of those crystals deformed continuously are shown in 
Fig. 2. The orientation dependence of the various 
curves is in excellent agreement with similar curves 
obtained by other workers for pure aluminum de- 
formed at room temperature.®~° The stress values 
are always, of course, higher in these crystals de- 
formed at 196°K at corresponding strain values. The 
values of the critical resolved shear stress vary be- 
tween 80 and 140 g per sq mm with an average value 
of 113 g per sq mm. This agrees closely with an 
average value quoted by Jaoul of 100 g per sq mm. at 
196°K. Stage I of the stress-strain curve extends at 
most to strains of 3 pct. This is presumably because 
of the rather large size of the specimens used here 
(11). 

The stress for the onset of stage III is marked on 
each curve in Figs. 2 (a), (b), and (c). The values 
found fall into two groups. Crystals of which the 
initial orientation is close to [100] or approaches the 
[110] - [111] boundary show high values— 600-850 g 
per sq mm; other crystals show values varying be- 
tween 300 and 550 g per sq mm. This variation with 
orientation is the same as that shown by Staubwasser 
and by Liicke and Lange® for crystals deformed at 
room temperature. Jaoul”® states that for crystals 
deformed at 196°K the average stress for the onset 
of stage III determined on a number of crystals was 
550 g per sq mm. It may be remarked here that the 
orientation dependence of the stress for the onset of 
stage III is not the same in detail as that found in 
copper at room temperature by Diehl.” 

b) Examination of Slip Lines—The general fea- 
tures shown by all the crystals examined may be 
summarized as follows. After ~ 2 pct strain the 
slip lines observed on both top and side surfaces 
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Fig. 2—(a)(b)(c) —Stress-strain curves of crystals de- 
formed in tension. The short horizontal line on each 
curve marks the onset of stage III. 


are long and very straight, Figs. 3 and 4. These 
lines are faint and the weaker ones are not clearly 
resolved. As deformation is increased a number of 
stronger slip lines appear and these often show 
sharp ends. Weakly marked deformation bands are 
observed on the side surface of the crystals. 

After about 10 pct strain the top and side surfaces 


Fig. 4—Side surface—crystal 7, after 
4.6 pct glide strain. Increment visible 
2.5 pet glide strain. X200. Reduced 
approximately 43 pct for reproduction. 
production. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 5—Top surface—crystal 7, after 
16.9 pct glide strain. Increment visi- 
ble 2.3 pct glide strain. X200. Re- 
duced approximately 43 pct for re- 


Fig. 3—Top sur- 
face—crystal 7, 
after 2.1 pct glide 
strain. X200. 
Reduced approxi- 
mately 43 pct for 
reproduction. 


show quite different appearances. On the top sur- 
face, Fig. 5, the majority of slip lines are strong and 
easily observed and the ends of these strong lines 
are in some cases linked by cross-slips. These 
strong lines are much shorter than the traces ob- 
served after ~ 2 pct strain. The cross-slip traces 
appear weaker than the slip lines themselves and do 
not appear to follow a definite crystallographic plane. 
When cross-slip is first seen it does not occur at the 
end of every strong slip line. On the side surface 
deformation bands can be seen clearly, Fig. 6, but 
the slip lines are all quite straight and appear to run 
from deformation band to deformation band, and very 
few slip lines stop in between. On both surfaces the 
number of weak faint lines is much reduced com- 
pared with the appearance after ~ 2 pct strain and 
strong easily seen lines predominate. 

At higher values of the strain the lengths of the 
straight slip traces on the top surface continue to 
decrease and cross slip is eventually observed at the 
end of every trace. All the lines are strong and no 
weak ones are observed, Fig. 7. Similarly on the 
side surface, only strong lines appear and these are 
quite straight between the deformation bands. How- 
ever, the distance between deformation bands de- 
creases throughout the deformation, and these are 
more easily seen as the angle of bend increases, 
compare Fig. 6 and Fig. 8. The traces of the deforma- 
tion bands can then be seen on the top face and from 
a two-surface analysis the deformation bands are 
found to lie approximately in the {110} plane perpen- 
dicular to the slip vector. 

As well as deformation-bands, regions are ob- 
served on both top and side surface in which few slip 
lines can be seen. These run in bands at an angle of 
5 to 10 deg to the slip traces in all crystals, Fig. 9. 
Using X-rays it has been checked that the crystal 
lattice within these bands is misoriented with re- 


Fig. 6—Side surface—crystal 7, after 
16.9 pct glide strain. Increment visi- 
ble 2.3 pet glide strain. X200. Re- 
duced approximately 43 pct for re- 
production. 
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Fig. 7—Top surface—crystal 7, after 
46.3 pet glide strain. Increment visi- 
ble 2.0 pct glide strain. X200. Re- 
duced approximately 43 pct for re- 


production. production. 


spect to regions on either side. It should be noted 
that the surface area occupied by them is very small 
and measurements of slip-trace lengths were made 
outside these bands. It appears these bands are 
similar to those described by Honeycombe”™ as 
“bands of secondary slip” because after large de- 
formations slip on another system is observed 
within them. 

Crystal 22 had an orientation close to [100]. In this 
case after an extension of ~ 23 pct the slip lines of 
the first slip system disappeared completely and so 
measurements on this crystal were then discon- 
tinued. When the slip lines of the new slip system 
(conjugate system) completely replaced those of the 
primary system it was found that the rate of harden- 
ing increased. This was the only case found when 
the rate of hardening did not decrease continuously 
in stage III with increasing strain. 

To provide quantitative information on the distri- 
bution of slip, deduced from these observations, the 
following parameters were measured at each stage of 
deformation. On the top surface: 1) the number of 
cross-slip sites per unit area, 2) the lengths of slip 
traces, i.e., the individual lengths of straight slip 
lines observed at X200, 3) the average separation of 
Slip lines measured normal to their length. This last 
was accomplished by laying a straight edge on the 
photographic plates in a direction perpendicular to 
the slip lines and measuring the number of slip lines 
intersected by the straight edge. From the known 
orientation of the crystal faces this measurement 
was converted into the mean separation of active slip 
lines in a direction normal to the slip plane. On the 
side surface a measurement was made corresponding 
to measurement 3 on the top face and the distance 
between deformation bands was also measured di- 
rectly under the microscope. The reason for this 
was that the separation of the deformation bands was 
such that at a magnification of X200 too few were 
included on a photographic plate to measure the 
separation accurately. As the slip lines run between 
deformation bands this measurement corresponds to 
a measure of the length of slip trace on the side 
surface. 

The various parameters measured are illustrated 
in Fig. 10 and the measurements of slip-trace lengths 
and separations are given in Table I. The various 
measurements will now be described separately. 
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Fig. 8—Side surface—crystal 7, after 
46.3 pet glide strain. Increment visi- 
ble 2.0 pct glide strain. X200. Re- 
duced approximately 43 pct for re- 


Fig. 9—Top surface-—crystal 10, after 
27.4 pet glide strain. Increment visi- 
ble 11.5 pct glide strain. X80. Show- 
ing deformation bands and bands of 
little slip. Reduced approximately 43 
pet for reproduction. 


Observation of Cross-Slip—After each increment of 
deformation a very careful search of the faces of the 
crystals was made for the appearance of cross-slip. 
Even at the smallest deformations one or two iso- 
lated cross-slips were found after a careful search 
of the top surface. The area of this surface was 
~ 3.6 sq cm. The number of cross-slip sites ob- 
served per unit area of the top face (N,) is plotted 
against shear stress in Fig. 11. Values of N, cor- 
responding to less than one cross-slip site per 
photographic plate have been omitted from this 
figure. Above a certain stress the values of N, in- 
crease rapidly with increasing stress. The stress at 
which this rapid increase begins, 400 to 600 g per sq 
mm, corresponds to that at which the uninterrupted 
stress-strain curve of crystals of similar orientation 
first becomes concave to the strain axis, see Fig. 2. 

Lengths of Slip Traces(l)— After each small incre- 
ment of strain the length of about 300 individual slip 
traces appearing on the surfaces of the crystals were 
measured from the photographic plates. After 
strains of > 10 pct this measurement was easily 
carried out since the slip lines were sharp and clear, 
Fig. 5. At smaller deformations the faint nature of 
the slip traces led to difficulty in distinguishing 
clearly the ends of these and the measurements are 
likely to give an underestimate since sharp lines 
which are easily measured appear to be shorter than 
the faint lines. 

It has been customary to plot the reciprocal of the 
average value of / against glide strain.*~° How- 
ever, from the present observations a histogram of 
the measured values is skew especially after large 
deformations and the arithmetic mean of the values 


TOP TENSILE 
SIDE AXIS 


Fig. 10—Measured quantities (schematic). 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


of 
lon 
eve 
thi: 
fre 
f aga 
of Sy aga 
FY, app 
ind 
ban 
THE 


of 


Table | 
Incre- Average Average Average 
ment of Length Separation Separation 
Glide Glide of Slip of Deforma- of Slip 
Crystal Strain Strain Traces tion Bands Lines 
(a) (Aa) @ (d) (x) 
Pct Pct 107° cm 10% cm =10™° cm 
3.4 3.4 21.0 
10.4 yey 9.3 1.50 
55.7 7.6 19.5 
8 18.0 2.3 6.6 0.85 
27.9 14.4 
30.1 2.2 5.0 0.76 
50.4 22.5 6.6 
52.3 1.9 4.0 1.18 
2:2 19.9 
8.6 2.6 10.4 
12 14.7 8.4 1.15 
26.5 2.0 6.7 42.1 1.07 
44.6 20.1 *9.2 
46.5 1.9 5.4 1.24 
8.5 1.9 
13.5 | Se 0.93 
5 18.4 2.2 Sf 27.0 0.93 
41.9 at a 0.81 
ack 2.1 26.3 
4.6 a5 13.8 
8.6 6.5 15.9 
10.8 y | 1.12 
7 14.6 6.0 15.4 
16.9 1.05 
26.9 12.3 10.3 
29.0 | 4.1 0.83 
44.3 17.4 6.7 
46.3 2.8 0.90 
2.3 20.8 
8.2 44 8.8 
14.4 8.2 22.0 
15 16.5 y Ih | 5.6 1.20 
25.8 11.4 
27.8 2.0 S23 1.03 
43.4 17.6 8.4 
45.4 1.9 4.0 1.09 
a2 
4.0 1.8 16.2 
9.6 2.1 1.23 
15.4 7.7 41.6 
17 17.6 2.2 6.6 1.10 
27.1 18.7 21,2 
29.0 1.9 4.7 0.90 
47.0 19.9 7.8 
48.8 1.8 33 1.02 
| | 29.5 
4.3 20.7 0.86 
8.2 6.0 53.9 
10.3 9.6 0.82 
10 15.9 25.5 
17.9 2.0 5.6 0.79 
27.4 11.5 10.8 
48.0 20.6 9.2 
49.8 1.8 3.4 0.85 


of 2 is a poor approximation to the most frequently 
occurring value of J, especially if a few lines much 
longer than the average are observed. We have 
evaluated the average value of 1/1, i.e. <1/] > since 
this agrees closely with the reciprocal of the most 
frequently occurring value of /. The values of 
<1/l> are plotted against glide strain in Fig. 12 and 
against shear stress in Fig. 13. When plotted 
against shear stress the values for all the crystals 
follow closely the same line—thus a linear relation 
appears to exist between <1// > and shear stress, 
independent of crystal orientation. 

Separation of Deformation Bands (d)—Deformation 
bands are most easily observed when a large number 
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Fig. 11—Density of cross-slip sites on top surface as a 
function of shear stress. 


of slip lines are present on the crystal surface. For 
this reason the values of the separation of deforma- 
tion bands were usually obtained after the large in- 
crement of strain prior to repolishing. The values of 
d decrease continuously with increasing deformation 
and are usually larger than the values of / by a factor 
of two to three, see Table I. The reciprocal of the 
average value of d plotted against shear stress also 
gives a linear relation for all the crystals indepen- 
dent of orientation—similar to that found for <1//>. 
Separation of Slip Lines—Measurements of the 
average separation of active slip lines were made 
after each small increment of strain of about 2 pct on 
both top and side surfaces. The values obtained from 
each surface agreed excellently after correction for 
the orientation of the face to give the value of the 
average separation of active slip lines measured 
perpendicular to the slip plane (x). From the values 
given in Table I it is seen that the value of x for 
2 pet strain varies very little with deformation and 
that the values obtained from-the various crystals 
are closely the same, all giving a value of about 107° 
cm. 
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Fig. 12—Plot of <1// > against glide strain. 
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Fig. 13—Plot of <1// > against resolved shear stress. 


DISC USSION 


It is not proposed to give here a detailed discus- 
sion of work hardening in aluminum, since due 
mainly to the recent work of Friedel” *° and of 
Seeger and collaborators’ a consistent picture of 
work hardening in all face-centered-cubic metals 
appears to be emerging. We shall confine ourselves 
to remarking how the results presented here fit in 
with these ideas and particularly to stage III of the 
stress-strain curve. 

The present results show that the slip distance of 
dislocations is decreased continuously throughout 
the deformation and that stage ITI of the stress- 
strain curve is associated with the appearance of 
visible cross-slips. Further, measurement of the 
quantities d and / show that the edge components of 
a dislocation loop expanding in the slip plane move 


two to three times farther than the screw components 


and the edge dislocations come to rest almost en- 
tirely in deformation bands. It is usually supposed 
that the reduction in slip distance is due to the for- 
mation of Lomer-Cottrell barriers. A discussion 
of the expected slip-line pattern if the formation of 
Lomer-Cottrell barriers is the sole means of ar- 
resting dislocation motion is given in the appendix. 
It is concluded there that the most likely arrange- 
ment of barriers is that suggested by Friedel.’ This 
would give equal lengths of slip traces on top and 
side surfaces of the crystal, and hence is not in 
accord with that found. 

In view of this discrepancy we suggest that in 
stage III of the stress-strain curve the main 
barrier to the motion of dislocation loops is pro- 
vided by the elastic interaction between groups of 
dislocations of opposite sign. The formation of 
Lomer-Cottrell barriers has then only a sort of 
catalytic effect producing a few initial barriers 
against which dislocations are piled up. These pile- 
ups produce further slips to relieve their stress 
fields and this slip is confined entirely to the 
primary slip system for crystals well within the 
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unit triangle. The evidence for this picture is as 
follows. 

During stage III of the stress-strain curve, 
measurements have been made of the lengths of 
the slip lines produced on the top surface (/) and of 
the separation of these (x). From Fig. 2 it is seen 
that during an increment of strain of 0-02 the flow 
stress increases by at most 0.1 kg sq mm. Letn 
equal number of dislocations emitted by each active 
source during an increment of glide strain Aa. 
Then 

nb 
where b is the Burgers vector. x has been found to 
be constant during stage III, for constant Aa, and 
~ 10cm. Thus for Aa = 0-02, ~ 1000. This 
value is in excellent agreement with that found from 
electron microscope observations of the displace- 
ment at individual slip bands in aluminum during 
stage ** 

If we assume these dislocations are piled up at 
the ends of the slip lines and that the slip lines are 
randomly arranged we may write for the increment 
in average internal stress (Ac). 


~nGb 

G = shear modulus. Throughout stage III / varies be- 
tween 125y and 30. Taking = x = cm, 
G = 2-5.10" dynes per sq cm, b = 2-8.10~* cm, and 
n= 1000, Ao = 5-0 kg per sq mm-—fifty times 
greater than the observed increase in flow stress. 
Since the value of ” is certainly correct Ao must be 
reduced by slip on other systems or by slip on the 
main slip system. If slip occurs on other slip sys- 


TRACE OF TOP SURFACE 


[101] 


TRACE OF 
SIDE SURFACE 


[O11] [110] 


Fig. 14—View normal to (111) showing directions along 
which Lomer-Cottrell dislocations can be formed. (111), 
{101} is the slip system of maximum resolved shear 
stress. 
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tems at least 49/50 x 1000 = 980 dislocations must 
move on these to reduce Ao to the measured value. 
Except for the observation of cross-slips, slip is 
not observed on slip systems other than the main 
one. The evidence is that slip occurs on the main 
slip system ahead of the pileup producing a pileup 
of screw dislocations of opposite sign with the re- 
sultant formation of a dipole. We would then have 


Ao = 2nGb_ 1 [2] 

27 
where ? is the separation of the two piledup groups 
forming the dipole. Now p cannot be less than 1 yu, 
i.e., X/10 without assuming an unreasonably large 
number of sources in the material. Taking p/x 
= 1/10 we have Ao = 0:5 kg per sq mm. The evidence 
is that the ends of adjacent slip traces observed on 
the top surface are linked by cross-slips indicating 
the annihilation of screw dislocations of opposite 
sign. In order to reduce the value of Ao to the 
measured value we assume at least 4/5 x 1000 
= 800 of the dislocations released are annihilated 
and that at most 200 remain. It is likely that less 
than 200 dislocations remain since the value taken 
for p/x in evaluating Eq. [2] was a minimum. If this 
picture is correct one should observe on the top 
surface slip traces on the main slip system linked 
by short cross-slips and this array should spread 
sideways (i.e., in a direction normal to the primary 
slip direction) as the stress on the crystal is in- 
creased. This is exactly what is observed in Chen 
and Ponds’ films of slip in aluminum.” 

In the above discussion the edge components of the 
loops have been neglected. This is because no 
marked change occurs on the side surface of the 
crystals when stage III commences and as the vast 
majority of the edge components are situated in 
deformation bands, it is not expected that their 
stress fields contribute greatly to work hardening.”® 

We have found a linear relation between the re- 
ciprocal of active slip-trace length and flow stress 
throughout the deformation, independent of crystal 
orientation. Rebstock”’ and Mader” find in copper 
crystals a linear dependence between 1// and strain. 
It is interesting to note that if Mader’s values are 
plotted against stress a linear plot results in stage 
III of the stress-strain curve. When cross-slip oc- 
curs the number of screw dislocations piledup will 
be expected to be constant independent of applied 
stress. If this is so, and we identify the flow stress 
with the average stress in the crystal due to a set of 
(i x;)-1 dipoles per unit area each containing 7 
dislocations of both signs separated by a distance /,, 
we may write 


Here 1 will be the average length of slip trace pro- 
duced at a flow stress o and p; and x; are the 
values of these quantities produced by the total de- 
formation to the point on the stress-strain curve 
where the flow stress is o. If now the ratio p, /x; 
remains constant throughout the deformation o will 
depend linearly on 1/1 as is observed. From the 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


slope of the straight line in Fig. 13 0/< 1/l> 
= 5-5.10° dynes per cm. Since Gb = 7-15.10° dynes 
percm we have 
2n 
x; 


= 177 


The value of »;/x; is unknown but from observation 
of the photographs a value of approximately unity 
would not be unreasonable. In this case n ~ 120 
which on this model represents the number of dislo- 
cations remaining in the piled up groups, during 
stage III of the stress-strain curve. 


APPENDIX 


The Formation of Lomer-Cottrell Sessile Dislo- 
cations — We follow the ideas of Friedel’ and of 
Seeger et al.° Lomer-Cottrell barriers are formed 
by the interaction of dislocations moving on inter- 
secting {111} planes in a face-centered-cubic lattice. 
They are formed along <110> directions. If we take 
[101] (111) as the primary slip system, barriers of 
this type can be formed along [011], [101] and [110], 
lying in the primary slip plane. To account for the 
fact that the observed slip traces are much shorter 
on the top surface than on the side surface of the 
crystals many more barriers must be formed along 
[101] than along either of the other two directions, 
see Fig. 14. We shall now show that barriers are 
least likely to be formed along [101] and hence we 
conclude that the formation of Lomer-Cottrell bar- 
riers alone does not determine the observed dis- 
tribution of slip. 

The dislocations capable of forming barriers 
along the three <110> directions in the primary 
Slip plane are: 


Along [011] 
"/2 [101] on (111) interacts with */2 [110] on (111) 
“2 [110] on (111) interacts with '/2 [101] on (111) 
Along [101] 
‘/2 [011] on (111) interacts with */2 [110] on (111) 
*/e [110] on (111) interacts with */2 [011] on (111) 
Along [110] 
*/2 [101] on (111) interacts with */2 [011] on (111) 
*/2 [011] on (111) interacts with */ [101] on (111) 


These pairs of dislocations always attract each 
other at large distances. Each member of a pair 
may be dissociated into half dislocations and hence 
the members of each pair can approach one 

another in one of four ways corresponding to dif- 
ferent combinations of the two leading half dislo- 
cations being closest to one another. Examining 
these four ways we find the two leading half dis- 
locations always attract each other, the attraction 
being greatest when these two are such as to form 
directly the lowest energy configuration correspond- 
ing to the most stable barrier. The two members 

of each of the pairs of total dislocations then attract 
each other at all distances. 
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The six pairs of dislocations above correspond to tions" [110] and [oii] the probability is a little greater y 
dislocations moving on different slip systems in the for [110]. t 
crystal. Dislocations of the primary slip system can Friedel assumes sessile dislocations are formed a 
then only form barriers along [011] and [110]. To along [110] and [011] and hence the average lengths of 0 
form barriers along [101] dislocations moving on two _ slip traces on top and side surfaces should be very C 
secondary slip systems must move and interact. nearly the same. t 
Since many more dislocations move on the primary a 
slip system than on any secondary system we con- REFERENCES b 
clude that barriers are least likely to be formed 1J, Friedel: Philosophical Magazine, 1955, vol. 46, p. 1169. tl 

In an attempt to make this argument quantitative <i ee Blewitt, R. R. Coltman, and J. K. Redman: Rep. Conf. Defects in : 
we assume that the probability of forming a bar- Crystalline Selide Physical Geolaty 
rier along a given direction is proportional to the CA; Seeger, J. Diedl, §. Mader, ead H. Rebstock: Philosophical Magazine, tl 
product of the resolved shear stresses on each of the vis Py pt Bene: Plasticity of Crystals, Hughes (London), 1950. c 
slip systems which must be active so that the par- 
ticular sessile be formed. The resolved shear 1B. Jaoul: Compte Rendus, 1956, vol. 242, p. 3039. 
stresses on all slip systems in a face-centered-cubic ug’ W. K Sioneycomber Journal, Institute of Metals, 1951, vol. 80, p. 45. a 
erystal for a given orientation of the tensile axis ai 
have been given. Using these figures one finds, for be 
the crystals examined here, the probability of form- ti 
ing Lomer-Cottrell barriers is about five times Mader Zeitschift fir Physik, 1987, vol. 78 tt 
greater for the directions [110] and [011] than it is ag and W. Staubwasser: Zeitschrift fiir OI 
for forming them along [101]; and of the two direc- 2], Friedel: Proceedings, Royal Society, 1957, vol. A242, p. 147. ps 
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Role of Oxide Plasticity in the Oxidation Mechanism 7 
of Pure Copper F 
ca 

The mechanism of the oxidation of high-purity copper has he 
been studied at temperatures from 500° to 981°C employing at 
gravimetric, high-temperature microscopic and inert marker en 
techniques. An investigation of the adhesion of copper oxides was pe 
also made. 

The oxidation of copper is found to be parabolic at all tem- 0. 
peratures. It is concluded that the controlling mechanism is the We 
outward diffusion of Cut ions through the Cuz0 layer, but the ba 
mechanism of diffusion is modified by the state of compressive tir 
stress in the oxide layer at the oxidation temperature. At tem-— in 
peratures below the transition from elastic to plastic behavior of att 
Cu,0O the growth stresses reach a value sufficiently high to cause : 
CuO whiskers to be extruded. The extrusion of whiskers results tré 
in the injection of a large number of vacancies into the CuO. The nic 
Cu,O layer grows by the advance of the CuzO/CuO interface into Ox: 
vacancy-rich CuO. Since there is an adequate supply of non- Se 
thermally created vacancies, the activation energy for oxidation J. A. Sartell ear 
is that required to move the Cut ion through the appropriate lay 
saddle point to a neighboring vacancy, which has been determined R. J. Stokes us¢ 
to be 20,000 cal per mole. At temperatures at which the CuzO S. H. Bendel Spé 
can deform plastically the stresses are never high enough to oh by 
cause whiskers to form, thus vacancies must be supplied by T. L. Johnston spe 
thermal activation and as a result the activation energy increases ‘ pre 
to 40,000 cal per mole. Cc. Li spt 

fou 

tic! 

we: 

A.THouGH extensive studies of the oxidation ki- the mechanism has received relatively little atten- tha 
netics of pure copper have been made in the past, tion. As a result, certain features of the kinetic data wel 
J. A. SARTELL, Junior Member AIME, R.J. STOKES, S.H.BENDEL, have not been satisfactorily explained. For example, oxi 
T. L. JOHNSTON, and C. H. LI, Associate Member AIME, are with the | Several workers” * have reported that the activation thic 
Minneapolis-Honeywell Research Center, Hopkins, Minn. energy for oxidation in the range from 500° to 700°C an 
Manuscript submitted June 26, 1958. IMD was about 20,000 cal per mole whereas that above mic 
TRANSACTIONS OF TRA 

420-VOLUME 215, JUNE 1959 THE METALLURGICAL SOCIETY OF AIME THE 


3 


er 


of 


700°C was 40,000 cal per mole. Valensi®* attributed 
this difference to a change in the controlling mech- 
anism from one of Cu**ion migration through the 
outer CuO layer at lower temperatures to one of 

Cut ion movement through the Cu2O layer at higher 
temperatures. This interpretation was based on the 
assumption that the growth of CuO obeys the para- 
bolic law, which led to the conclusion that the ratio of 
the thickness of the CuO and CuO layers at a given 
temperature is independent of time. However, 
Paidassi* found experimentally that CuO grows in a 
‘‘semi-logarithmic’’ manner at low temperatures and 
that the relative thickness of the CuO and Cu,O 
changed with time. These findings leave Valensi’s 
theory in doubt. 

When considering the reason for the difference in 
activation energies, factors such as oxide micro- 
structure and growth morphology have generally 
been neglected. Tylecote®® has studied oxide plas- 
ticity and the effects of stress on the adherence of 
the oxides to the base metal. The effects of stress 
on the growth and transport processes, however, 
have not been considered. For these reasons, a 
further investigation of the oxidation of copper was 
undertaken with particular emphasis on the above 
factors. 


EXPERIMENTAL PROCEDURE 


Copper of 99.999+ pct purity was used. Prior to 
oxidation, the specimens were heat-treated, chemi- 
cally cleaned, and dried with methyl alcohol. The 
heat treatment was carried out in a hydrogen 
atmosphere at a temperature sufficiently high to 
ensure structural stability at the oxidation tem- 
peratures. 

Specimens having dimensions of 3.20 by 1.56 by 
0.05 cm were used for kinetic studies. The reaction 
was measured gravimetrically using a thermo- 
balance of standard design’ having an accuracy es- 
timated to be +0.2 mg. Oxidation was carried out 
in a tube furnace with purified and dried oxygen at 
atmospheric pressure. 

In order to determine the direction of mass 
transfer in the oxide layers, an inert marker tech- 
nique was employed. Since there are two layers of 
oxides (CuO and CuO), it is desirable to employ 
separate markers to determine ion migrations in 
each oxide layer. To study the growth of the Cu,0 
layer, platinum wires of 0.0025 cm diam, were 
used. They were pressure welded to both sides of 
specimens in this case having dimensions of 0.63 
by 0.63 by 0.175 cm. To study the growth of CuO, 
specimens were first oxidized at reduced oxygen 
pressure to form a jacket of Cu20 alone, and then 
sprinkled with Al,O; particles (~40 y). It was 
found at a temperature of 600°C that these par- 
ticles readily bonded to the Cuz0. The specimens 
were then oxidized in an atmosphere Similar to 
that used for kinetic studies. Marker positions 
were noted by examining the cross sections of 
oxidized specimens metallographically and the 
thicknesses of the oxide layers were measured to 
an accuracy of +0.0002 cm with a micrometer- 
microscope arrangement. 
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KINETICS AND MORPHOLOGY OF OXIDE GROWTH 


a) Gravimetric Studies—In terms of the weight 
gain per unit area the overall oxidation obeyed the 
parabolic law at all temperatures from 500° to 
927°C, i.e.: 


(Se) = kot 


where Aw/A is the weight gain per unit area, ¢ is the 
time, and Rp is the parabolic rate constant expressed 
in mg’ per cm‘ per hr. A plot of Inkp vs 1/T yielded 
activation energies of 20,000 cal per mole in the 
temperature range of 500° to 700°C and of 40,000 cal 
per mole in the temperature range of 700° to 1000°C, 
Fig. 1. Previous investigators have reported similar 
results.’ 

b) Growth of the CuO and Cu,O Layers—The oxi- 
dation mechanism cannot be determined solely from 
gravimetric data, therefore individual measure- 
ments were made for the growth of each of the oxide 
layers. The CuO layer was extremely thin (on the 
order of 0.0015 cm max) regardless of the tempera- 
ture investigated, with the result that the measure- 
ments of its isothermal growth showed some scatter. 
In spite of this scatter, the significant deviation from 
linearity in Fig. 2 shows that the isothermal growth 
of CuO was not parabolic. The concurrent observa- 
tion that the growth of CuO at 649°C was more rapid 
than at 704°C showed that the Arrhenius relationship 
between growth rate and temperature was not obeyed. 
Furthermore, in contradiction to Valensi’s theory’ 
the ratio of CuO to Cu20 thickness was not constant 
at constant temperature. These observations are in 
agreement with those of Paidassi.* 


13 12 10 9 8 

1/T x 10% (1/°K) 
Fig. 1—The temperature dependence of the oxidation of 
copper. 
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Measurements of the increase in thickness of the 
Cu,O layer with time showed the growth to be para- 
bolic at all temperatures from 500° to 1000°C, ac- 
cording to the relationship, 


(4 = kot 


where 4 is the increase in thickness of the oxide 
layer, ¢ is the time, and kp is the parabolic rate 
constant expressed in sq cm per hr. 

A plot of lnk/ vs 1/T yielded activation energies of 
about 23,000 cal per mole for temperatures from 
500° to 700°C and 42,000 cal per mole for tempera- 
tures from 700° to 1000°C, Fig. 3. It is important 
to note that these values agree quite well with 
those obtained for the over all oxidation process. 

Metallographic examination of the specimens on 
removal from the furnace showed that the Al,O, 
markers remained at the CuO/Cu,0 interface and 
that the platinum markers were located at the 
Cu/Cu,0 interface. This indicates that the growth 
of both the CuzO and CuO occurs by the outward 
migration of metal ions. (See footnote to the 
section ‘‘Oxide Morphology’’). It should be noted 
that this mechanism is in direct contrast to the 
62 Cu-38 Ni alloy,® on which the Cu,O layer grows 
by the inward movement of oxygen ions. Thus, for 
the oxidation of pure copper there are but two 
kinds of ions, Cut*+ and Cut, responsible for the 
growth of the oxide layers. Since at temperatures 
from 500° to 1000°C only the CuO growth obeys 
the same rate-law as that of the overall oxidation 
of copper, it may be concluded that the migration 
of Cut through CuO is the rate-determining 
process. The reason for the activation energy 
change from 20,000 to 40,000 cal per mole at 700°C 
will be discussed below. 


16r 
4 593°C 
Oo 649°C 
704°C 
2 
a 
oO 
3 
6F 
4 
x 
2r 
ce) 20 40 60 80 100 
TIME (HOURS) 


Fig. 2—Parabolic plot of the growth of the CuO layer at 
various temperatures. 
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Fig. 3—The temperature dependence of the growth of the 
Cu,O layer on copper. 


c) Oxide Morphology—Visual examination of the 
specimen surfaces after oxidation showed the color 
of the oxidized surface to be a function of the oxi- 
dation temperature, Fig. 4. The surface formed at 
temperatures above 700°C had a metallic gray ap- 
pearance while that formed at temperatures below 
700° C was dead black in color. The dull, black 
appearance of the specimens oxidized below 700°C 
was shown by microscopic examination to be 
caused by the occurrence of whiskers, Fig. 5. These 
whiskers were identified as CuO by X-ray diffrac- 
tion. The population density of the whiskers was 
found to be approximately 10° per sq cm, a figure 
which was independent of temperature. The changes 
in the form and color of the CuO take place over the 
same temperature range as the change in the ac- 
tivation energy for oxidation. 

A further change in the character of oxidation was 
manifested at 700°C. The oxide scale which had 
formed at temperatures higher than 700°C remained 
adherent after cooling to room temperature. Scale 
which had formed at temperatures lower than 700°C 
had a tendency to flake off at the Cu/Cu,0O interface. 
High-temperature microscopic observations showed 
that spalling never occurred at the oxidation tem- 
perature. The lower the oxidation temperature the 
greater was the amount of oxide which flaked off. 


649°C 704°C 760°C BI5°C 871°C 


Fig. 4—The change in the appearance of 99.999 pct pure 
copper specimens oxidized at different temperatures. 
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Spalling occurs when the stress in the oxide ex- 
ceeds the cohesive strength of the Cu/Cu.0 inter- 
face. In the absence of any phase changes, there is 
no reason to expect a sudden decrease in bond 
strength at 700°C. The difference in the tendency 
of the oxides to spall should be due to a difference 
in the state of stress in the oxide. Since spalling 
is more complete after oxidation at lower tempera- 
tures, stress due to differential thermal contraction 
cannot be solely responsible for the spalling. In our 
opinion, on a specimen of finite size the large in- 
crease in specific volume (from 14.2 to 23.3) which 
accompanies the formation of CuO is the chief 
source of additional compressive stress in the Cu,O0 
layer. It is not known to what extent the epitaxial 
stresses at the interfaces affect the tendency to 
spall. 

Tylecote® has shown that at sufficiently high 
temperatures Cu,O and CuO undergo a transition 
from elastic to plastic behavior. Above this tran- 
sition temperature the Cu,O will be plastic and 
the stresses resulting from oxide formation will 
be relaxed; but below this transition temperature 
the rate of relaxation will not be great enough to 
relieve the oxidation stresses. 

When cooled, the metal, because of its high ther- 
mal-expansion coefficient, will contract more than 
the Cu,0, thus adding to the compressive stresses 
already present in the oxides. In this way the addi- 
tion of thermal stresses to the oxidation stresses in 
the Cu,0O will result in values high enough to cause 
spalling during or after cooling from the oxidation 
temperature. 

We believe that oxide spalling which occurs on 
cooling from oxidation temperatures of less than 
700°C occurs as a result of the superposition of 
thermal stresses and growth stresses in the CuO. 
The scale remains adherent only if plastic defor- 
mation occurs to relieve the growth stresses in the 
Cu,0. This was confirmed by the fact that a speci- 
men which had been first oxidized for 16 hr at 
649°C then for 1 hr at 871°C possessed a very 
adherent oxide layer after cooling to room tempera- 
ture. This indicates that the stresses resulting 


Fig. 5—CuO whiskers formed on copper oxidized 16 hr 
at 650°C, 
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Fig. 6—Volumetric measurements of the effect of exter- 
nally applied elastic stress on the oxidation kinetics of 
copper at 649°C. 


from low temperature oxide formation had been 
relieved at 871°C. 

A second specimen was oxidized at 871°C for 2 hr, 
then 649°C for 12 hr. The oxides remained adherent 
on cooling, but when the specimen was bent at room 
temperature the oxides flaked off inside the Cu,0 
layer. The line of fracture was located at approxi- 
mately the thickness attained by the oxides at 871°C; 
that is, at the boundary between the high and low- 
temperature oxides. This shows that while the 
oxides formed at 871°C were free of stress, the 
Cu,0 formed subsequently at 649°C could not re- 
lieve the stresses as rapidly as they are built up by 
oxidation. The low-temperature oxide is thus ina 
stressed condition and spalls readily when at room 
temperature.* 


*These results also show that the Cu,O grows by the outward move- 
ment of the Cu,O0/CuO interface and offer additional evidence of a tran- 
sition from elastic to plastic behavior of the Cu,O. 


Further experiments were designed to demonstrate 
that stresses also play a significant role in the oxi- 
dation mechanism of copper. Specimens of copper 
sheet were clad on one side with gold foil and then 
bent into the shape of open cylinders so that the foil 
was on the outside of one specimen and on the inside 
of another. Closing the cylinder under an external 
stress placed the inner surface under compression 
and the outer surface under tension. On removal 
from the furnace, spring-back restored the cylinder 
to its original shape, indicating that the specimen 
had been stressed elastically at the oxidation tem- 
perature. 

Fig. 6 shows that when two such cylinders were 
oxidized at 649°C the specimen whose unclad side 
was under compression oxidized more rapidly. The 
curve for the specimen under compression shows 
some deviation from a parabola which indicates 
some cracking in the oxide. On cooling to room 
temperature, the oxides on this specimen spalled 
seriously, making accurate measurement of the 
relative thickness of the CuO and Cu,O impossible. 
In addition, a very dense growth of CuO whiskers 
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was found on the surface oxidized under compres- 
sion, while no whiskers were found on that oxidized 
in tension. Compressive stresses in the oxide 
layer, therefore, affect not only the rate of oxida- 
tion but also control the formation of whiskers. 


A PROPOSED OXIDATION MECHANISM 


In this section we will attempt to correlate oxide 
plasticity with the appearance of CuO whiskers and 
discuss the way in which this modifies the activa- 
tion energy for the growth of Cu20. 


Observations on adhesion indicate that below 700°C 


high compressive stresses exist in the oxide at the 
oxidation temperature. The outer CuO layer is 
under compression principally by virtue of the 
growth stresses in the Cu,0. It is proposed here 
that this stress extrudes CuO whiskers in the 
manner demonstrated experimentally by Fisher, 
Darken, and Carroll’ on tin. This is further sub- 
staintiated by observations with the high-tempera- 
ture microscope which showed that development 
virtually ceased after an initial period of very 
rapid growth. Vapor deposition cannot be expected 
to result in this type of growth behavior. 

Frank” has proposed that a whisker can be 
created by the cyclic motion of a dislocation around 
a groove at the base of a surface projection. This 
results in the addition of a new layer to the base 
of the projection for each cycle. An important 
feature of this mechanism is the injection into the 
material of a volume of vacancies equal to that 
of the extruded whisker. In this way the concen- 
tration of vacancies in the CuO layer following 
whisker extrusion will be greatly increased. It 
should be pointed out that the stresses considered 
to form the CuO whiskers are relaxed only if 
these vacancies diffuse out of the CuO layer. In 
view of the chemical potential gradients which exist 
during oxidation, there will be a tendency for the 
oxygen ion vacancies to diffuse toward the CuO/ 
oxygen interface and for the Cut++ ion vacancies to 
diffuse toward the CuO/Cu.0 interface. If the CuO/ 
Cu,O interface acts as a sink, the condensation of 
such a large volume of vacancies would be expected 
to form voids readily visible under the microscope. 
However, no such voids were observed and since 
the possibility of their collapse by plastic flow must 
be ruled out at the temperatures under considera- 
tion, it can be concluded that the interface does not 
provide an efficient sink. In this instance, the cation 
vacancies must cross the CuO/Cu,0 interface and 
therefore be injected into the advancing Cu,O. 

It has already been concluded that the oxidation 
process is controlled at all temperatures by the 
outward diffusion of Cu+ ions through CuO. The 
activation energy change from 20,000 cal per mole 
to 40,000 cal per mole.at 700°C must therefore be 
associated with the change in activation energy for 
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the diffusion of Cut ions through Cu,0. The activa- 
tion energy for diffusion is the sum of the energy 
required to create a vacancy and the energy re- 
quired to move an ion through the saddle point to 
the vacancy. Above 700°C, where the activation 
energy is 40,000 cal per mole, the creation of 
vacancies is entirely thermal; below 700°C, on the 
other hand, there is a ready source of vacancies in 
the Cu,O since the Cu,O0/CuO interface moves for- 
ward (footnote, p. 9) into vacancy-rich CuO. Con- 
sequently, it is unnecessary to create vacancies 
thermally. Under these conditions the activation 
energy drops to 20,000 cal per mole, which repre- 
sents the energy required to move the Cut ion 
through its saddle point. 

A decrease in activation energy can also be 
brought about by a change from bulk to grain bound- 
ary diffusion. It is very unlikely that a switch from 
bulk to grain boundary diffusion is responsible be- 
cause metallographic examination showed the re- 
action not to be (oxide) grain boundary sensitive. 


SUMMARY 


The oxidation of copper is controlled by the out- 
ward diffusion of Cut ions in the Cu,O layer. The 
mechanism of diffusion is modified by the state of 
stress existing in the oxide layer at the oxidation 
temperature. At low oxidation temperatures the 
compressive growth stresses in Cu,O result in the 
extrusion of CuO whiskers which effectively in- 
creases the concentration of vacancies in the Cu,0. 
Since vacancies need not be thermally activated 
for the diffusion process, the activation energy 
(20,000 cal per mole) is that required for the Cut 
ion to pass through the saddle position to a neighbor- 
ing vacancy. Above the temperature at which Cu,0 
can plastically deform, the growth stresses in Cu,O0 
never attain a value great enough to cause whisker 
growth. Under these conditions vacancies are 
thermally activated and the observed activation 
energy for oxidation increases to 40,000 cal per 
mole. 
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The Preparation of High-Purity Uranium Metal by 
the Bomb Reduction of Uranium Tetrafluoride 


with Calcium 


The preparation of massive uranium metal containing very 
low concentrations of a number of light elements by bomb re- 
duction of UF, with calcium is described. Details of procedures 
are given for preparing high-purity ingredients for the bomb re- 
duction. The as-vreduced uranium metal contained, on the aver- 
age, less than the following amounts of light element impurities, 
in ppm: Li, 0.1; Be, 0.1; B, 0.1; C, 25; O, 70; Na, 1; Mg, 3; 
Al, 2; and Si, 7. Other impurities for which the metal was ex- 
amined averaged, in ppm: Ca, < 10; V,< 10; Cr, 2; Mn, 6; 

Fe, 50; Co, < 5; Ni, 8; and Cu, 1. 


R. W. Kewish, R. J. Bard, J. P. Bertino, O. E. Fry, S. W. Hayter, F. J. Hill, B. L. Kelchner, and A. W. Savage, Jr. 


Tue preparation of very high-purity uranium metal 
in massive form for research purposes is of great 
importance. Recently the kilogram-scale prepara- 
tion of uranium metal containing less than 70 ppm 
of detected impurities was accomplished by Blumen- 
thal and coworkers by vacuum remelting of high- 
purity crystals of uranium obtained by fused salt 
electrolysis.’~* Albert and coworkers‘ have re- 
ported successful experiments in lowering the con- 
centrations of certain impurity elements in uranium, 
notably iron, to a few ppm by the zone- melting 
method. The present paper describes the prepara- 
tion of high-purity massive uranium metal by the 
bomb reduction of UF, with calcium. 

Early in 1951 a program was undertaken at the 
Los Alamos Scientific Laboratory to prepare 
uranium metal of very high purity with respect to 
a number of the light elements. The methods con- 
sidered for this purpose were 1) bomb reduction 
of a uranium halide with calcium, 2) electrolysis of 
fused salts, and 3) hot wire decomposition of UI,. 
The first of these processes had been used exten- 
sively at Los Alamos since 1943 (and still is used) 
for the production of uranium metal.° In consider- 
ing the three processes it was evident that either of 
the last two would require an extensive development 
program with no certainty of success. On the other 
hand, a study of available data showed that uranium 
metal of very high purity with respect to some light 
elements had occasionally been made in routine 
processing by the first method. It was therefore 
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decided that an intensive study of the bomb-reduc- 
tion process would be made to see if it could be 
improved to yield uranium metal with very low con- 
centrations of light elements. 


DEVELOPMENT OF PROCEDURES 


The bomb-reduction process used at Los Alamos 
consists of reducing UF, with calcium, using iodine 
as a booster. The reaction is carried out ina 
magnesium-oxide crucible enclosed in a steel bomb. 
Argon is used in the bomb to avoid objectionable 
side reactions which would occur in the presence 
of air. 

All ingredients for this bomb-reduction process 
were examined as possible sources of light ele- 
ments. It was known that high-purity UF, was re- 
quired. The calcium used in the reductions was a 
source of carbon and magnesium. The magnesium- 
oxide crucibles were sources of boron, silicon, and 
magnesium. The iodine did not appear to be a 
source of any impurities. 

Pure UF,—The UF, for bomb reduction is pre- 
pared from U,0O, by successive reduction to UO, 
with hydrogen and hydrofluorination of the UO, with 
anhydrous HF. Since it was known that no impuri- 
ties were normally introduced during the gas-solid 
reactions, effort was directed toward the prepara- 
tion of high-purity U,O,. Of the many possible 
procedures for the purification of uranium solutions 
the following were investigated: 

1) Precipitation of uranium peroxide. (Two pro- 
cedures were tried. The first consisted of simul- 
taneously adding hydrogen-peroxide and ammonium- 
hydroxide solutions to a uranyl-nitrate solution, 
containing citric and malonic acids, at such relative 
rates that precipitation was carried out at a constant 
pH of 1.5 The second consisted of simultaneously 
adding uranyl-nitrate, ammonium-hydroxide, and 
hydrogen-peroxide solutions to an aqueous solution 
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of citric and malonic acids, again at such relative 
rates that precipitation was carried out at a con- 
stant pH of 1.5.) 

2) Solvent extraction of uranyl nitrate using 
either diethyl ether or 15 pct tributyl phosphate— 
85 pct Gulf BT. 

3) Precipitation of uranyl oxalate from uranyl- 
nitrate solution by direct addition of oxalic acid or 
by using ethyl oxalate as the precipitant (the method 
of homogeneous precipitation). 

4) Precipitation of ammonium diuranate from 
uranyl nitrate solution by the addition of ammonium 
hydroxide to a pH of 8.0. 

5) Recrystallization of uranyl nitrate. 

These procedures were tested by determining 
their effectiveness in removing impurities added 
to a uranyl-nitrate solution. Experimental results 
rapidly narrowed the choice of procedure to the 
peroxide and oxalate precipitations. The final 
choice was the first peroxide method followed by 
the first oxalate method. Since both methods had 
points of superiority with respect to certain ele- 
ments, it was felt that the combined procedure 
might have advantages over a double precipitation 
by either individual procedure. The order peroxide- 
oxalate was chosen since results indicated that the 
peroxide precipitation gave a more complete initial 
cleanup of impurities. 

A study was made of the purity of the reagents 
used in the peroxide and oxalate precipitations. It 
was found that the reagents contained significant 
amounts of certain impurity elements, notably boron 
and sodium, but results did not indicate that these 
impurities were transferred to the oxide in the 
course of its preparation. 

Studies of equipment and materials of construc- 
tion were made. In general the results obtained 
were somewhat inconclusive. Carrying out the pre- 
cipitations, filtrations, and sampling in a complete 
enclosure appeared to improve the results. Gold- 
plated copper proved to be unsatisfactory for the 
precipitation vessels, and so forth, because of pin- 
holes in the plate. A combination of stainless steel 
ware and platinum ware resulted in a decrease of 
silicon in the product as compared with results ob- 
tained in Pyrex ware, but caused a large increase 
in the boron content of the product. It was con- 
cluded that there were no advantages in the use of 
nonglass equipment. 

Pure Calcium—The purest calcium available at 
the inception of this work was that supplied to Los 
Alamos by the Union Carbide Nuclear Co., Y-12 
Plant, Oak Ridge, Tenn. It contained at least 
300 ppm of Mg and about 100 ppm of C. Other 
impurities were quite low from the point of view 
of this work. It was evident that such calcium 
could contribute substantial amounts of carbon and 
magnesium to the product uranium and that calcium 
of higher purity was desirable. Distillation appeared 
to be the logical method to use for obtaining calcium 
of higher purity.® 

The distillations were performed in Type 347 
stainless steel apparatus under argon at 1.5 to 
2 mm of Hg pressure. Fractionation was obtained 
by removing the distillate, collected on a cold fin- 
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ger, at intervals during the distillation. Metal 
containing less than 5 ppm of Mg and less than 

25 ppm of C was obtained in 35 to 40 pct yield. De- 
tails of the preparation of low-magnesium, high- 
purity calcium are given in a separate paper by 
W. J. McCreary.’ 

Calcium Oxide Crucibles—One of the require- 
ments for a crucible material to be substituted for 
MgO was that it be capable of easy dissolution so 
that any uranium which soaked into the crucible 
could be recovered. This requirement, in addition 
to a consideration of the elements to be avoided, 
rapidly narrowed the choice of materials to calcium 
oxide. 

A method of preparing dry-pressed, sintered 
calcium oxide crucibles was developed at Los Ala- 
mos.° High-purity calcium oxide for use in crucible 
preparation was initially prepared from analytical 
grade CaCl, by precipitation of calcium oxalate, 
which was then calcined to CaO. Subsequently out- 
side sources of adequately pure CaO were found. 

The initial uranium metal prepared using CaO 
crucibles was found to contain as much as 1300 ppm 
of C. Analyses ofehe crucibles showed that the CaO 
contained nearly 2000 ppm of C. Heating the cru- 
cibles in vacuum to 900°C usually reduced the car- 
bon (evidently present as CaCO,) to less than 
200 ppm. The use of such vacuum-heated CaO 
crucibles, together with high-purity UF, and cal- 
cium, resulted in uranium metal containing about 
25 ppm of C. 

It should be mentioned that CaO crucibles deteri- 
orate rather rapidly in ordinary air and to be pre- 
served must be stored over a desiccant. 


PROCEDURES 


1) A.uranyl nitrate solution is prepared contain- 
ing 250 g of U in 2 liters. If the solution is quite 
acid, the pH is adjusted to about 1.5 with dilute (1:1) 
ammonium hydroxide. Twenty g of malonic acid 
and 4 g of citric acid are added and the pH is re- 
adjusted to 1.5. A 30 pct excess of 30 pct H,O, is 
added at a rate of 10 ml per min while dilute (1:1) 
ammonium hydroxide is simultaneously added to 
maintain the pH at 1.5. The additions are accom- 


a 


Fig. 1—250-g reduction equipment and pickled urani 
button. 
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Table |. Results of Analyses of Materials and Product for Three Typical Uranium Reductions* 


Material Li Be B ¢ fe) F Na Mg Al Si Fe 
No. 1 
U,O, <0.1 <0.1 0.1 <25 - - <j 3 1 15 3 
UF, <0.1 <0.1 - 25 - - 10 1 2 - 10 
CaO crucible 0.1 <1 20 150 - - 100 5000-10000 50 1 150 
Ca <0.1 <1 <1 40 - - 1 <2 <1 3 
U <0.1 <0.01 <0.1 20-30 50-50 10 <1 2 <2 6 >100 
No. 2 
U,O, <0.1 <0.1 0.1 <25 - - <1 3 1 15 3 
UF, <0.1 <0.1 - 25 - - 10 1 2 - 10 
CaO crucible <0.1 <1 30 280 - - 50 300 30 100 30 
Ca <0.1 <1 <1 <25 - - 0.3 2 2 1 5 
U <0.1 <0.01 <0.1 <25 70-60 4 <1 4 <2 6 35 
No. 3 
U,O, <0.1 <0.1 0.1 <25 - - 1 2 2 20 2 
UF, <0.1 <0.1 - <20 - - <1 2 2 - 8 
CaO crucible <0.1 <1 20 190 -_ - 80 300 40 100 20 
Ca <0.1 <l <1 25 ~ - 0.2 1 <2 <1 3 
U <0.1 <0.01 <0.1 30-40 50-40 5 <1 5 <2 <6 >100 


*All data are given in parts per million (ppm). With respect to elements other than those listed above the composition of the uranium metal from the 
ten reductions was: 


Element: Ca Vv Cr Mn Co Ni Cu 
Ppm, average: <10 <10 2 6 <s 8 1 
Ppm, range: <10-24 <10 <1-5 3-12 <5 <5-12 0.5-4 


All analyses except for carbon, oxygen, and fluorine were by spectrographic methods. The spectrographic method for uranium and uranium compounds 
was based on that of Scribner and Mullen’ Analyses of U,O,, CaO, calcium and uranium for carbon were done by direct combustion methods.'® UF, 
was analyzed for carbon by direct combustion in the presence of pretreated MgO to react with liberated fluorine.*' Uranium metal was analyzed for 
oxygen by the platinum fusion-capillary trap method’? and for fluorine by a microchemical method.'* 


panied by vigorous mechanical stirring. The pre- grade I, per mole of UF, and a 25 pct excess of the 
cipitate is allowed to settle for about 10 min, The high-purity calcium, and the mixture is transferred 
supernatant solution is decanted off, and the pre- to a CaO crucible. The crucible is placed ina 
cipitate is transferred to a 500-ml medium fritted clean, flanged steel bomb (SAE 1020 steel) provided 
glass filter funnel and washed with three 100-ml with a copper gasket and a bolted-on lid. The copper 
portions of distilled water. After being sucked gasket is softened by heating to redness and quench- 
fairly dry, the precipitate is transferred to a ing in water and is cleaned in nitric acid solution, 
platinum boat and calcined for 10 hr at 300°C, A knife-edge on the lid cuts into the gasket to form 
2) The product is taken up in water and nitric a seal. The lid is provided with a small port which 
acid to yield 500 ml of solution approximately 1 N can be closed with a machine screw and a copper 
in acid. The solution is filtered, A 25 pct solution gasket. By means of this port the bomb is evacu- 
of oxalic acid in 10 pct excess is used as the pre- ated, filled with argon, reevacuated, and refilled 
cipitant. Both solutions are heated to 85° to 90°C with argon; the port is then closed. Firing is ac- 
and the oxalic acid is added, with stirring, over a complished in an induction furnace. Since a new 
3- to 5-min period. The mixture is allowed to cool bomb is usually coated with oil, it is necessary to 
to room temperature with stirring. The time al- clean it thoroughly and to heat it strongly in the 
lowed is 3 to 5hr. The precipitate is transferred furnace before it may be used in a reduction. The 
to a fritted glass filter funnel using only enough button of metal is easily separated from the slag 
wash water to complete the transfer. The filter and is cleaned by pickling in dilute acetic acid. 
cake is transferred to a platinum boat and calcined Yields in the bomb reduction step generally are 
overnight at 900°C. (Alternatively, the peroxide higher than 99 pct. Fig. 1 shows a 250-g reduction 
precipitation may be used, using one-half the bomb, CaO reduction crucible, and pickled uranium 
amounts of citric and malonic acids and calcining button, 


the precipitate at 900°C.) 
3) The U,O, is transferred to a smaller platinum 


boat, which is placed in a nickel reactor in a 3-in. RESULTS AND DISCUSSION 


diam tube furnace. It is reduced at 700°C for 1 hr Table I presents the analytical data for the ma- 
using hydrogen at 2 liters per min. The UO, product terials used in, and the product of, three 250-g 
is then reacted with anhydrous HF at 200 g per hr reductions. These three reductions are typical of 
for 5’/2 hr at 550°C, followed by 2 hr at 825°C, with a group of ten reductions made as the culmination 
a reducing atmosphere being maintained by a hydro-__ of the study. Samples were taken from the uranium 
gen flow of ’/. liter per min. Tank electrolytic hy- metal buttons by drilling under distilled water with 
drogen is used without purification. Argon or he-: high-speed steel drills. Prior to analysis the drill 
lium, which is purified by passage over uranium turnings were pickled in 1:1 nitric acid, washed 
turnings at 750°C, is used during heating and with distilled water, washed with alcohol and ace- 
cooling. tone, and air dried. 

4) The UF, is mixed with 0.2 mole of reagent The principal impurities reported for these as- 
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Fig. 2—As-reduced uranium metal 
from button No. 2, electropolished 30 


g CrO; in 60 ml H,0O) plus 3 parts 
glacial acetic acid. Bright-field illu- 
mination. X150. Reduced approxi- 
mately 48 pct for reproduction. 


reduced buttons were oxygen and iron. At the time 
this work was done such concentrations of oxygen 
and iron were considered acceptable and the matter 
was not pursued further. Some 3 years after the 
buttons were prepared, by which time most of the 
buttons had been used in research work of various 
kinds, a metallographic study of the metal in two of 
the buttons (Nos. 2 and 3) was made by C.0O. 
Matthews, formerly of this laboratory. Special 
sampling techniques were used in preparing sam- 
ples of metal for analysis. For metal from button 
No, 2 oxygen and iron were determined as 15 ppm 
and 4 ppm, respectively; for metal from button 

No. 3 oxygen and iron were determined as 10 to 

15 ppm and 60 ppm, respectively.’* In view of these 
results, it seems likely that the high analyses for 
oxygen and iron originally obtained, as listed in 


Fig. 5—Same as 
Fig. 4 except in 
polarized light. 
X150. Reduced 
approximately 48 
pet for reproduc- 
duction. 
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Fig. 3—Same as Fig. 2 except in po- 
larized light. X150. Reduced approxi- 
sec at 25 vin 1 part chromic acid (50 mately 48 pct for reproduction. 


Fig. 4—Same electropolishing treat- 
ment as in Fig. 2, plus an electro-etch 
for 1 min at 1 v in 50 pet nitric acid. 
Bright-field illumination. X150. Re- 
duced approximately 48 pct for re- 
production. 


Table I, were due to the method of sample prepara- 
tion and that as-reduced uranium metal of overall 
high purity can be prepared by reduction of high- 
purity UF, with high-purity calcium in CaO liners. 

Figs. 2 through 5 are photomicrographs taken by 
C. O. Matthews of as-reduced uranium metal from 
button No. 


SUMMARY 


1) Massive high-purity uranium metal, containing 
very low concentrations of a number of light ele- 
ments, was prepared on the 250-g scale by bomb 
reduction of high-purity UF, with high-purity cal- 
cium in calcium-oxide crucibles. Analyses of the 
ten as-reduced metal buttons prepared as the cul- 
mination of this study showed that the metal con- 
tained, on the average, less than the following con- 
centrations of light element impurities: 


Element Ppm Element Ppm 
Li 0.1 Na 1 
B 0.1 
25 
O 70 Si 7 


Analyses for other impurities for which the metal 
was examined averaged, in ppm: Ca, < 10; V, < 10; 
Cr, 2; Mn, 6; Fe, 50; Co, < 5; Ni, 8; and Cu, 1. 

2) Precipitating uranium as the peroxide or pre- 
cipitating uranium as the oxalate were found to be 
more effective than extracting uranyl nitrate with 
diethyl ether or tributyl phosphate, precipitating 
uranium as ammonium diuranate, or recrystallizing 
uranyl nitrate in separating uranium from light 
element impurities for the preparation of high- 
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purity U,O, to be used in making UF,. 

3) Calcium containing less than 5 ppm of Mg and 
less than 25 ppm of C was prepared in 35 to 40 pct 
yield by fractionally distilling calcium which had 
been previously purified by distillation. 

4) A vacuum heat treatment of CaO crucibles, 
prepared from high-purity CaO, was found to be 
necessary to reduce the carbon content of the cru- 
cibles to a sufficiently low value. 
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The Constitution of Aluminum-Rich Alloys of the 


Aluminum-Chromium-Manganese System 


An equilibrium isotherm at 550°C is given for ternary alloys 
rich in aluminum containing 0 to 15 wt pct Cr and 0 to 20 wt pet Mn. 
Phases encountered are: aluminum solid solution; 6; n; a stable 
ternary compound G; and MnAl,. In addition, a limited number of 
alloys were annealed at 450°C to check for differences from the 
550°C isotherm. These experiments limited the composition of 


the G phase at 550°C and further experiments established that 


the G phase is not stable above 590 +1°C. 


Raynor and Little’ established several equilibrium 
isotherms using aluminum-rich alloys containing up 
to 5 pct of the elements chromium and manganese. 
These isotherms showed that, in addition to an a 
solid solution and the two binary intermediate com- 
pounds 6 and MnAle, a stable ternary compound ex- 
isted in the system. This phase was called the 

G phase because of its ghostly appearance in micro- 
sections. 

Little, Raynor, and Hume-Rothery’ found a similar 
phase in binary aluminum-manganese alloys and, as 
a result of their experiments, concluded that the 
G phase was a metastable phase existing in the 
aluminum-manganese system. This phase was 
Stabilized by the addition of chromium. 

The constitutional work of Raynor and Little,’ al- 
though showing the existence of the G phase in the 
aluminum-chromium-manganese system, did not 
establish precisely the composition limits of the 
phase or the temperature above which the phase be- 
came unstable and disappeared from the system. 

The work described in this paper was undertaken to 
provide this information. 

An examination of the previous work’ showed that 
an isotherm at 550°C would provide the required data 
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regarding composition in the shortest possible time, 
as the (a + G) phase field narrows considerably at 
higher temperatures. The same work showed that 
the G phase ceased to exist between 580° and 595°C. 
A more precise estimate of the transformation tem- 
perature would therefore be obtained by annealing 
selected alloys at successively higher temperatures 
beginning at 580°C. 


EXPERIMENTAL PROCEDURE 


1) Materials Used—The experimental alloys were 
prepared from four master alloys containing 15.00 wt 
pet Cr, 15.28 wt pct Cr, 19.80 wt pct Mn, and 19.38 
wt pct Mn which were made from super-purity 
aluminum, electrolytic chromium, and electrolytic 
manganese. The aluminum was of 99.996 pct purity, 
the principal impurities being copper, iron, and 
silicon. The chromium and manganese were 99.9 pct 
pure, the principal impurities being antimony, 
calcium, and magnesium. 

2) Preparation of the Experimental Alloys—The 


alloys were prepared in 20-g quantities by melting 
together the requisite amounts of master alloy and 
aluminum in an alumina-lined crucible and, after 
thorough stirring with an alumina rod, cast into a 
cold copper mold to give ingots 1/4 in. in diam and 
3 in. in length. 
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3) Heat Treatment— Alloys for heat treatment 
were sealed in evacuated glass tubes, reaction be- 
tween the alloy and the glass being prevented by en- 
closing the specimen in an alumina sheath. Annealing 
was carried out in horizontal resistance furnaces and 
the alloys were quenched from these furnaces by 
hand into ice-cold water where the glass tubes 
shattered immediately. Throughout the annealing 
periods, which lasted from 20 to 60 days, tempera- 
ture checks were taken using a platinum/platinum- 
13 pct Rh thermocouple which was located on the 
center of the sealed specimens by means of a fixed 
silica thermocouple sheath. The temperature fluc- 
tuations over the periods stated were found to be no 
worse than + 5°C and in most cases considerably 
better. 

4) Metallographic Examination—After being ground 
on successively finer emery papers lubricated with 
paraffin, the alloys were polished successively on a 
“Brasso” pad, a Selvyt cloth coated with a suspension 
of diamond dust in paraffin, and a Selvyt-coated 
wheel containing light magnesia. It was extremely 
difficult to prepare a good metallographic finish with 
alloys containing large quantities of the G phase due 
to the presence of a considerable amount of porosity 
within the G phase and to the brittle nature of the 
phase itself. 

Most of the phases were easily identified in the 
unetched condition and Table I records the char- 
acteristics displayed when viewed with ordinary light. 

Distinction between 6 and 7 was not possible using 
either ordinary or polarized light. It has been re- 
ported® that a satisfactory differentiation is possible 
by etching but both constituents were equally attacked 
when the recommended etchant was used with the 
annealed alloys, although differentiation was possible 
in a slowly cooled binary alloy containing both phases 
in fairly massive form. Where necessary, the crys- 
tals were extracted and identified by an X-ray exam- 
ination. 

5) Crystal Extraction—It was necessary to identify 


the minor constituent present in a few alloys by 
electrolytically extracting the constituent and sub- 


Table |. Characteristics of Phases When Viewed with Ordinary Light 


Phase Description 
aluminum White 
solid solution 
Pale grey, flat, level with the a-solid solution, 
G ghostly, and never outlined 


Pale blue, usually rounded in relief, outlined, 


MnAl, and often present at the G-solid solution 
interface 
6—n Pale pink, usually in slight relief, and often 


sheathed with G 


jecting the extract to an X-ray examination. The ex- 
traction method used was a similar technique to that 
of Harding and Raynor.* A current of about 0.1 amp 
was maintained through the cell causing the matrix 
to dissolve leaving the unidentified compound to 

drop into a smooth paper funnel. In addition, stand- 
ard samples of 6 and 7 were extracted from slowly 
cooled aluminum-chromium alloys; in every case the 
electrolyte used was 5 pct hydrochloric acid. 

6) X-ray Examination—An X-ray examination of a 
limited number of alloys was necessary to distin- 
guish between: 6 and 7. Powder specimens were 
produced from extracted crystals using 0.1 to 0.2- 
mm diam glass fibers coated with shellac. The 
photographs were taken on a 6-cm Unicam “Stubbins” 
camera using chromium Ka radiation. 


EXPERIMENTAL RESULTS 


Throughout this work nominal compositions are 
quoted. Check analyses showed that the care exer- 
cised in producing homogeneous master alloys and 
subsequent alloys was such that the nominal figures 
could be relied upon. As an example of the accuracy 
obtained an alloy made to the composition 8.9 pct Mn 
and 2.9 pct Cr was found on analysis to contain 8.87 
pet Mn and 2.95 pct Cr. 

1) Constitution after Annealing at 550°C— The 
isotherm shown in Fig. 1 was constructed after an- 
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Fig. 1—Isothermal section at 550°C. 
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Fig. 2/1. 0/9.0) annealed 60 days at 
582°C. a(white matrix) + MnAl, (dark 
grey, rounded, and outlined) + G (pale 
grey). 

*(1.0/9.0) refers to an alloy of composition 1.0 pct Cr, 9.0 pct Mn, 
remainder Al. 


nealing fifty-two aluminum-chromium-manganese 
alloys for 34 to 47 days at 550+ 2°C. The exact lo- 
cation of the phase boundaries was determined by 
taking into account the relative amounts of the 
phases present in alloys near to the boundaries. The 
composition of the G-phase was found to lie between 
85.5 pct Al-2.5 pct Cr-12.0 pct Mn and 85.5 pct Al- 
4.6 pct Cr-9.9 pct Mn. A narrow field is thought to 
extend between these two limits but an accurate 
assessment is difficult due to the fact that the a- 
solid solution and MnAle or @ become isolated from 
each other by the G phase and consequently reaction 
between them is extremely slow. 

Figs. 2 to 8* show typical microstructures observed 


*Figs. 2 and 3 are actually of alloys annealed at 582 + 5°C but are 
identical with appropriate alloys annealed to 550°C. 


during the construction of the isotherm. The char- 
acteristics of the phases, previously described in 
Table I, are shown up well with the possible excep- 
tion of 6. In the photographs this does not appear in 
very much relief and might be mistaken for the 

G phase. However, the G phase seldom appeared in 
a characteristic form, but was usually present in 
flat, round patches and could thus be easily recog- 
nized. In addition, there was a definite color dif- 


Fig. 5—(10.0/6.6) annealed 34 days at 
550°C. a(white) + 6 (dark grey). 


Fig. 3—(2.2/7.8) annealed 60 days at 
582°C. a(white) + G (pale grey). 


Fig. 6—(3.3/10.0) annealed 34 hha at 
550°C. G + little retained a. 


Fig. 4—(5.0/5.0) annealed 35 tae at 
550°C. a(white) + G (pale grey) + @ 


(dark grey). 


ference which is shown even in the black-and-white 
contrast of a photograph. 

A photograph from the (G + 6 + 7) region is not 
included, due to the difficulty of distinguishing be- 
tween @ and 7. This similarity is evident when the 
two two-phase alloys shown in Figs. 7 and 8 are 
compared. X-ray powder patterns of primary crys- 
tals of these phases also showed a great similarity 
to one another. Extracted residues from two alloys 
in this doubtful region (5.0 pct Cr, 13 pct Mn and 
7.5 pet Cr, 9.7 pct Mn) were used to produce powder 
patterns which were then compared with the standard 
patterns. The G vhase was still the predominating 
pattern in both samples in spite of the extraction 
process. The comparison showed 7 to be present in 
the first alloy but, although showing the presence of 
a second phase, was inconclusive in the second. It 
is, however, certain that this latter alloy contained 
6 as itis very near to the (a + G + 9) phase field 
which has been firmly established. The main point 
arising from this part of the work—the existence 
of 7 in equilibrium in the region—enables the re- 
maining phase boundaries to be indicated by dotted 
lines in Fig. 1. The fact that 7 is present in the 
isotherm is to be expected, as Raynor and Little’ 
showed that both the @ and the 7 phase fields (the 
latter more so) can extend well out into the a 


Fig. .0/13 annealed 34 days at 
550°C. G (pale grey matrix) +7 (darker 
grey) + porosity (black). 


All photomicrographs unetched. X400. Enlarged approximately 10 pet for reproduction, 
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Fig. 8—(7.2/10.0) 
© annealed 35 days at 
m 550°C. G (pale grey 
matrix) + 6 (darker 
grey) + porosity 
(black). 


Fig. 9—(5.0/13.0) 
As-cast. Showing 
lack of porosity 
(compare with 


Fig. 7). 


All photomicrographs unetched. X400. Enlarged approximately 10 pct for reproduction. 


An interesting feature of alloys containing large 
quantities of the G phase is the presence of a con- 
siderable amount of porosity within the G phase it- 
self, see Figs. 3, 7, and 8. Although this would ap- 
pear to indicate a volume contraction had occurred 
during the formation of the G phase, a theoretical 
calculation based on the volume occupied by MnAle, 
aluminum, and the G phase indicates a very slight 
expansion is necessary. An examination of the as- 
cast alloys showed that some porosity was generally 
present in the center of the ingots but not in the 
main body of the specimens as with annealed alloys, 
see Fig. 9 to compare with Fig. 7. 

2) A Limited Investigation of the Constitution at 
450°C—Individual chill-cast specimens from several 
alloys known to be in the region of the G-phase field 
at 550°C were annealed for 56 days at 450 +1°C. In 


605 @ PRESENT - 
G UNSTABLE. 


+4 TEMPERATURE LIMITS WITHIN 
589°C, WHICH THE G-PHASE DISAPPEARS. 


ANNEALING EXPERIMENT NUMBER 
Fig. 10—Graphical representation of experiments to estab- 
lish the upper temperature limit of the G phase. 
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every case the microstructures were identical to 
those obtained with similar alloys annealed at 550°C, 
and it is concluded that the 450°C isotherm is very 
similar to the 550°C isotherm, which verifies the 
previous findings’ that isotherms up to and including 
550°C are almost identical. 

3) The Upper Temperature Limit of the G Phase— 
The work of Raynor and Little’ showed that a hori- 
zontal temperature ‘roof’ exists between 580° and 
595°C in the system, above which the G phase be- 
comes unstable and completely disappears. The 
object of this part of the investigation was to deter- 
mine more closely this temperature horizontal. 

Alloys in the center of the (a + G) and (a+G 
+ MnAle) phase fields at 95 and 90 pct Al were 
chosen for this investigation as these alloys should 
at equilibrium become [a + MnAle + (6 or 7)| above 
the temperature horizontal in question. This means 
that the formation or appearance of @ or 7 in any of 
the alloys after annealing indicates conclusively that 
the transformation temperature has been exceeded 
during the anneal. Previous work’ has shown that 
(a + MnAle + @) was the phase field formed above 
this temperature and this was confirmed in the 
present experiments. 

Seven annealing experiments lasting between 30 
and 60 days were undertaken, the results of which 
are given in Fig. 10. Alloys of experiments 1 and 3 
contained either (a + MnAle + G) or (a + G), see 
Figs. 2 and 3; alloys of experiments 2 and 4 con- 
tained (a + MnAle + G + @), not true equilibrium; 


Fig. 11—(2.2/7.8) © 
annealed 32 days — 
at 5931/4°C. = 
a(white matrix) 

+ 6(grey needles) 

+ MnAl, (dark 

grey, rounded). 
Unetched. X400. 
Enlarged approxi- 
mately 10 pct for 
reproduction. 
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while alloys of experiments 5, 6, and 7 contained 
(a+ MnAle + 4), see Fig. 11. It can be seen that 
the first three experiments are the most important 
in spite of the fact that the temperature control was 
not good in the first two experiments. These ex- 
periments show the upper temperature limit of the 
G phase to be 590 + 1°C; the remaining experi- 
ments merely confirm that the G phase is not stable 
above 591°C. 


CONCLUSIONS 


The work described has shown the G phase to be 
stable up to 590 + 1°C in the aluminum-chromium- 
manganese system. The G phase field at 550°C is 
restricted and lies on a line of constant aluminum 
content at 85.5 pct. This represents a straight 
atom-for-atom replacement of manganese by 
chromium and the basic composition of the G phase 


Recovery of Decarburized Mild Steel 


is therefore (Mn, Cr) Ali. This is in agreement with 
the X-ray results of Adam and Rich® who showed the 
structure of the ternary G phase was very similar to 
that of WAli2z and MoAlw. 


ACKNOWLEDGEMENTS 


The author wishes to thank Dr. A. R. Harding for 
his advice and guidance throughout the course of the 
work and Mr. G. N. Williams for assistance with the 
experimental work. Acknowledgement is also made 
to Aluminum Laboratories Ltd. for permission to 
publish this paper. 


REFERENCES 


4G. V. Raynor and K. Little: Journal, Institute of Metals, 1945, vol. 71, 

p. 493. 
2K. Little, G. V. Raynor, and W. Hume-Rothery: ibid., 1947, vol. 73, p. 83. 
3K. Little, H. J. Axon, and W. Hume-Rothery: ibid., 1948-49, vol. 75, p. 39. 
“A, R. Harding and G. V. Raynor: ibid., 1951-52, vol. 80, p. 435. 
5J. Adam and J. B. Rich: Acta. Cryst., 1954, vol. 7, p. 813. 


In decarburized mild steel, the strain hardening arising from 
1/2 pct strain can be partly recovered by subsequent heating, even 
though recrystallization or grain growth does not occur. This re- 
covery varies from 5 pct in an hour at room temperature to 70 pet 
at 800°C. The variation with temperature was qualitatively similar 
to that reported for copper, but occurred at lower temperatures. 

Except for the initial portion (Bauschinger effect), the stress- 
strain curve following recovery can be superimposed on the origi- 
nal curve by shifting it to the left. In other words, the tensile be- 
havior is essentially the same after straining and heating as if 
there had been less strain and no heating. The importance of this 
observation in understanding simultaneous deformation and re- 


H. L. Couch 


covery is explained. 


An earlier investigation’ on copper showed that 
strengthening due to strain hardening was augmented 
by heating at moderate temperatures, but was di- 
minished by heating at higher temperatures, Fig. 1. 
Auxiliary experiments’ indicated that recovery and 
strain aging are independent processes, which may 
proceed simultaneously, and whose effects are ad- 
ditive as indicated in Fig. 1. In order to study re- 
covery by itself, similar tests were made on de- 
carburized mild steel, where strain-aging effects 
are known’ to be absent. 


MATERIAL, TESTING PROCEDURE 


The specimens were made from rimmed, hot- 
rolled SAE 1020 steel 0.040 in. thick, by stamping 
out rectangular blanks and end holes, Fig. 2, and pack 
milling the reduced section. These were wet-hydro- 
gen treated’ for 16 hr at'720°C to remove carbon and 
nitrogen completely and then heated 1 hr at 850°C in 
vacuum to stabilize the grain size. Auxiliary ex- 
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periments showed that heating up to 800°C will not 
cause grain growth. They were prestrained 5 to 7.5 
mils per in. using the special grips shown in Fig. 2. 
Such small strains are less than the ‘‘critical’’ 
strain for recrystallization and, therefore, will not 
cause recrystallization, even at high temperature. 
The recovery treatment after prestraining and be- 
fore the retesting consisted of heating for 1 hr in wet 
hydrogen at the desired temperature. In one test, 
Huggenberger gages were used to define more ac- 
curately the loading and unloading curves. Fig. 3 
illustrates the creep during the early stages of un- 
loading, the hysteresis due to cold stretching, and 
removal of hysteresis by heating. 


RESULTS 


The load-deflection curves had rather widely dif- 
fering shapes for different specimens, both before 
and after the recovery treatment. Some specimens 
showed perfectly smooth curves, Fig. 4, while 
others exhibited an inflection more or less sug- 
gestive of a yield point (Fig. 4 shows an extreme 
case). Some curves were much steeper than others; 
Fig. 5 shows two extremes. Some additional ex- 
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TEMPERATURE OF HEAT TREATMENT —- °C 
Fig. 1—Effect of heating for 1 hr at various temperatures 
on the deformation resistance of copper previously cold 
stretched about 0.6 pct. 


perimentation did not disclose the reason for these 
variations. 

For immediate reloading, Fig. 6, the retesting 
curve followed an extension of the prestrain curve 
except for a slight rounding of the corner, or 
Bauschinger Effect.* For elevated recovery tem- 
peratures, and even to a small degree for holding 
at room temperature for 1 hr, the retesting curve 
was shifted downward with respect to the extension 
of the prestrain curve. This represents a softening, 
or loss of strain hardening (recovery). Dorn® has 
called this downward shift ‘‘orthorecovery.’’ There 
was usually more rounding-off of the corner after 
elevated temperature recovery than after immediate 
reloading. This rounding has been called ‘‘metare- 
covery’’ by Dorn. If one takes the yield strength 
minus the elastic limit on retesting as a measure 
of the rounding-off effect, the values show great 
scattering, but no definite trend with recovery tem- 
perature, Fig. 7. The downward shift, on the con- 
trary, ihcreased progressively with increasing re- 
covery temperature, as illustrated in Fig. 8. 

The results of all the tests are summarized in 
Fig. 9, which shows recovery as a function of re- 
covery temperature. In this figure, recovery is 


CONVENTIONAL STRESS -1000 PSI. 


ONE HOUR 


| 


Fig. 2—Grip assembly for strip specimens. Uniform, 
reduced section of specimen is 0.357 in. wide by 2 3/8 in. 
long. 


expressed as a downward shift at 0.001 plastic 
retesting strain divided by the strain hardening* 
*Increase in stress above the 0.001 yield strength. 


during prestraining. A value of 100 pct would cor- 
respond to complete recovery, or a return to the 
properties of the annealed metal.* The highest 

*Ref. 6 shows an example of complete recovery without recrystaliza- 
tion. 
temperature (800°C) that would not result in any 
noticeable* grain growth caused about 70 pct 

*The technique for establishing the absence of any grain growth is 
discussed in Ref. 6. 
recovery. 

If the retesting curve could be made to coincide 
(except for the initial rounding-off effect) with the 
prestrain curve by shifting the retesting curve to 
the left, one could alternatively consider recovery 
as reducing the ‘‘effective strain,’’ 7.e., as causing 
the same effect as though there had been less strain 
introduced in the first place, and no recovery treat- 
ment. Dorn’ states that he did not get such coinci- 
dence in his tests; the retesting curve was too flat to 


Fig. 3—Details of loading and unloading 
curves as determined by Huggenberger 
extensometers. 


0! 0.2 109 11.0 
STRAIN - MILS PER INCH 


434—VOLUME 215, JUNE 1959 


13 114 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


STRESS 


ax 


. 
“6 NZ — 
| -6 
12 
: 10 
8 
= 7 O 
eje 
6 e e 
e e 
5 
e 
4 
49 50 515 952 53 54 
3 
‘ome 
ene 
2 dd 
AT 800 Th AP 


a 
WwW 
a 
| HR. AT 200°C | HR. AT 400 °C 
4 
° 2 a 6 8 10 12 14 


CONVENTIONAL STRAIN-MILS PER INCH 


Fig. 4—Two examples of test results showing extremes of 
the degree of inflection for different specimens. Strains 
measured with O. S. Peters microformer-type extensome- 
ter. 
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Fig. 6—Tensile behavior following unloading and immedi- 
ate reloading. 

fit. In the present investigation, such coincidence 
was obtained; the retesting curve was too flat to fit 
in three instances, too steep in five cases, but 
uSually (fifteen tests) of approximately the same 
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Fig. 8—Retesting 
curves after var- 
ious recovery 
treatments ex- 
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Fig. 5—Two examples of test results showing extremes 
of curve slope for different specimens. 
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Fig. 7—Effect of recovery temperature on the “rounding- 
off” of the reloading curve. 


slope. Fig. 10 shows representative examples. Now 
recovery may be defined as the horizontal shift re- 
quired to obtain coincidence, divided by the plastic 

prestrain. This quantity, Fig. 11, is very nearly the 
same function of recovery temperature as in Fig. 9. 


DISC USSION 


Recovery defined in terms of a loss of effective 
strain is convenient for calculating deformation be- 
havior under conditions where recovery occurs con- 
currently with the deformation. For example, if one 
assumes that there is no rate-history effect in the 
absence of recovery (see Refs. 7 and 8) and that re- 
covery rate (percent loss of effective strain per unit 
time) is a unique function of the current effective 
strain, then the increase in effective strain during a 
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Fig. 9—Effect of temperature on recovery defined in 
terms of loss of strength, or decrease in strain hard- 
ening (see text). 
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Fig. 11—Effect of temperature on recovery defined in 
terms of reduction of the effective strain (see text). 


small time interval could be calculated by subtracting 
the loss of effective strain due to recovery from the 
actual strain introduced. 

Figs. 9 and 11 show the same kind of variation of 
recovery with temperature as the hypothetical re- 
covery behavior indicated in Fig. 1. Apparently re- 
covery is qualitatively similar in OFHC copper and 
in decarburized mild steel. The temperature at 
which the recovery becomes significant, however, 
is about 400°C higher in the copper than in the de- 
carburized steel. 
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Effect of Surface Condition on the Initiation 


of Plastic Flow in Magnesium Oxide 


Dislocation half-loops, artificially introduced by sprinkling 
with carborundum, were subjected to stress using three-point 
loading. The different stages of loop expansion and multiplica- 
tion were then correlated with the macroscopic stress-deflec- 
tion curve. Loop expansion started at approximately one-third 


of the ‘‘yield stress,’’ defined here as the motivation stress. 
Above one-half of the ‘‘yield stress’’ simple multiplication 
commenced while about two-thirds of the yield stress gross 
multiplication developed short slip-line segments. These 
values were not affected by the age of surfaces exposed to both 


dry and wet air. 


Slip was not detected on unsprinkled crystals below two- 
thirds of the ‘‘yield stress.’’ Thus the stress to activate 


intrinsic sources, defined here as the activation stress, was 
approximately twice the motivation stress. This relationship 


was independent of the strain rate used. 


It is concluded that lattice resistance takes the form of a 
viscous drag rather than a static type of force. 


Tue importance of surface condition and environ- 
ment as one of the more significant factors con- 
trolling the mechanical properties of ionic solids 
has recently received renewed attention.‘~* In some 
materials, notably the alkali halides, exposing 
freshly cleaved specimens to the atmosphere re- 
sults in a progressive hardening and embrittlement 
of the crystals. This has been attributed to the sur- 
face layer becoming ‘‘aged,’’ thereby restricting the 
motion of dislocations in such a way that pileup and 
eventually fracture results. It is necessary there- 
fore in studying the mechanical properties of ionic 
crystals to inquire first into the density and dis- 
tribution of dislocations in the normal cleaved sur- 
face and to understand the role these dislocations 
play in the onset of plastic flow. Knowledge of the 
effect of environment on this behavior will then 
assist in understanding the mechanism of embrittle- 
ment on aging. 

In the work reported here a method is described 
for studying the initiation of plastic flow from dis- 
location sources in the surface of magnesium oxide 
crystals. Preliminary results are described of the 
influence of surface age on this behavior. 


EXPERIMENTAL TECHNIQUES 


The magnesium oxide used in this investigation 
was obtained from the Norton Co. and had a nominal 
purity of 99.5 pct. Single-crystal specimens, having 
dimensions typically 1/4 by 1/8 in. cross section 
and 1 in. in length, were prepared by cleavage over 
{100} planes from the parent crystal. They were de- 
formed under three-point loading with 3/4 in. spac- 
ing between the two end supports and a constant rate 


R. J. STOKES, T. L. JOHNSTON, Member AIME, and C. H. LI, 
Associate Member AIME, are associated with Honeywell Research 
Center, Hopkins, Minn. 

Manuscript submitted August 27, 1958. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


R. J. Stokes 
T. L. Johnston 


of deflection at the center of 0.001 in. per min. The 
maximum strain rate therefore was 1.5 x 10” sec”. 
Reasons for choosing this particular form of loading 
will become apparent in a later section. In addition, 
a number of confirmatory type tests have been per- 
formed at higher loading rates where the maximum 
strain rate was increased to 1 x 10°* sec” 

Following deformation the crystals were etched to 
reveal the dislocation distribution. In a previous 
paper’ we described a satisfactory etching solution 
consisting of 5 parts of saturated ammonium chlo- 
ride, one part of sulfuric acid, and one part distilled 
water. Immersion of the crystals for 1/4 hr at room 
temperature developed reproducible conical etch pits 
at the points where dislocations emerged through the 
surface. It should be mentioned that dislocations 
freshly introduced by room temperature deformation 
gave sharply pointed etch pits which generally dis- 
tinguished them from the almost flat-bottomed pits 
obtained on ‘‘grown-in’’ dislocations. The distinction 
is obvious in the photomicrograph included in 
Fig. 5(b). Annealing crystals at 1000°C for 12 hr on 
the other hand gave sharper etch pits on the grown-in 
dislocations and the distinction was no longer pos- 
sible; a similar observation has been reported for 
lithium fluoride.° 

We have succeeded furthermore in chemically 
polishing magnesium-oxide crystals. Boiling in fresh 
85 pct ortho-phosphoric acid for only 1 min resulted 
in a microscopically smooth surface which could 
again be etched to reexamine the dislocation distri- 
bution. This boiling time was sufficient to remove 
the surface damage introduced by cleavage (see next 
section). 


SURFACE DISLOCATION SOURCES 


There are a number of ways by which dislocations 
may be introduced into cleaved surfaces to act later 


VOLUME 215, JUNE 1959-437 


3 

¢ 
: 
+ 
> 
4 
é 


reproduction. 


as sources for slip. In this section we will discuss 
their occurrence in magnesium oxide and later the 
manner in which they contribute to the initiation of 
plastic flow. 

a) Dislocations Introduced by Impact— For the 
major part of the work reported here, dislocation 
half-loops were introduced into the crystal surface 
by sprinkling with carborundum. It proved very im- 
portant to distinguish between the nature of surface 
dislocations obtained with carborundum particles of 
different size. As we have previously reported,° 
when 46-mesh carborundum particles were sprinkled 
from a height of 3 in. dislocations were so disposed 
around the point of impact as to form a ‘‘rosette’’ on 
etching. The individual rosettes took the form shown 
in Fig. 1(a), where slip had occurred over all six 
possible riot planes. Progressive etching revealed 
that dislocation half-loops over those {110} planes at 
45 deg to the impacted (001) surface (henceforward to 
be referred to as (110),, planes, see Fig. 2) extended 
further into the crystal than dislocation half-loops 
over {110} planes at 90 deg to the surface (hence- 
forward to be referred to as (110)90). Sprinkling with 
200-mesh carborundum from the same height, on the 
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Fig. 2—Orientation of the slip planes and dislocation half- 
loops with respect to the cleaved tension surface. (a) (110)4s 
slip planes. (6) (110)g99 slip planes. 
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Fig. 1—Dislocations introduced by im- 
pact. (a2) A “rosette” produced by sprink- 
ling with 46-mesh carborundum. X500. 
(b) “Impact half-loops” produced by 
sprinkling with 200-mesh carborundum. 
X500. Reduced approximately 12 pct for 


(6) 


other hand, introduced half-loops over (110)45 planes 
only. Each impact produced only two or three shal- 
low loops, estimated to be 3 y deep at the most. In 
view of this simple form we have termed these dis- 
locations ‘‘impact half-loops,’’ examples of which 
are included in Fig. 1(b). 

The slip vector for magnesium oxide is a/2 [110], 
so that dislocation half-loops in (110),, planes 
emerge through the surface as screw dislocations 
and those in (110)90 planes as edge dislocations, see 
Fig. 2. The different directions along which these 
two sets of planes intersect the cleaved surface un- 
der examination provides a simple means for dis- 
tinguishing between the screw and edge dislocation 
components. Thus, introducing ‘‘impact half-loops’’ 
enables us to study sources where only the screw 
dislocation component emerges at the surface, 
whereas ‘‘rosettes’’ enable us to study both the 
screw and the edge dislocation component. We have 
not developed a controlled method whereby (110)s0 
slip plane sources and thus edge dislocation com- 
ponents alone may be studied. 

b) Dislocations Introduced by Cleavage—The act 
of cleavage itself generated dislocations in the 
crystal surface in two ways. First, there was con- 
siderable plastic deformation in the region of tear 
lines produced by the rupture of the thin ribbon of 
material left as a cleavage crack propagated on 
adjacent planes. As a result, some dislocation loops 
were injected into the surface; however, their 
orientation could not be predicted. 

Second, the high stresses at the tip of a slowly 
moving crack nucleated dislocations in the form 
of simple half-loops. The manner in which this 
occurred in magnesium oxide was rather different 
to previously reported examples in lithium 
fluoride’ and will be discussed in detail elsewhere.® 
When the crack slowed down dislocation half-loops 
were nucleated over the two (110)4s5 planes whose 
common direction in the cleavage plane was most 
nearly orthogonal to the crack front. In contrast 
to lithium fluoride, once a loop had been so 
nucleated it acted as a trigger for further loops in 
the same slip plane with the result that rows of dis- 
location half-loops were left in the cleaved surface. 
For the particular geometry of the specimen used 
here the rows lay parallel to the length of the 


specimen, a typical example being included in Fig. 3. 


EFFECT OF STRESS ON SURFACE DISLOCATIONS 


Sources on (110)45 Slip Planes—a) Impact Half- 
Loops—To follow the development of slip from the 
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Fig. 3—Rows of dislocation half- -loops introduced by a 
slowly moving cleavage crack. X50. 


impact half-loops, use was made of the stress 
gradients along the tension surface of a crystal sub- 
jected to three-point bending. The stress in the ten- 
sion surface decreased from a maximum under the 
center support to zero at the two end supports. For 
a given specimen, therefore, it was possible to make 
two estimates of the stress at which the various 
stages occurred, one on each side of the center sup- 
port as in Fig. 4. To calculate the tension stress 

(o) at the outer surface the simple beam formula; 


_Mc 


was used. M is the bending moment (which decreases 


linearly along the beam), c half the beam thickness, 
and J the moment of inertia of its cross section. For 


the particular orientation of the single crystal beams 


used here only two of the four possible (110) 45 slip 
planes had a shear stress acting over them, the re- 
maining two lay parallel to the direction of tension 
and the shear stress was zero. Thus, in Fig. 2(a) 
only the two (110)45 planes having the common [010] 
line of intersection with the (001) tension surface 
were subjected to a shear stress (7) equal to o cos 


45 deg sin 45 deg or 0/2. Likewise, only impact half- 


loops lying in these (110)45 planes experienced a 
driving force. All observations in this section refer 
to slip over these particular planes and the shear 
stresses quoted have been derived using the above 
expression for 


In a typical experiment, specimens which contained 


impact half-loops in the tension surface were loaded 
so that the maximum shear stress reached a pre- 


determined value in the ‘‘elastic’’ range of the stress 


deflection curve. In a few cases they were deformed 
to fracture. Etching these crystals for 1 1/2 hr in 

the solution prescribed in a previous section made it 
possible to distinguish between dislocation half-loops 


produced by impact alone and those later expanded by 


the applied stress. The former dislocation loops 
were completely removed leaving only shallow flat- 
bottomed pits, Fig. 5(a). Expanded half-loops, on the 
other hand, left a pair of sharp conical pits at their 


points of emergence which stood out from the general 


background. Figs. 5(a) and 5(b) show the contrast 
which could be provided. 

To identify the stages involved in the initiation of 
plastic flow, a crystal having the above treatment 
was first oriented with its edge parallel to a direc- 
tion of traverse on the metallograph stage. A micro- 
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scopic survey was then made along the whole length 
of the tension surface to determine the distribution 
and extent of expansion of the impact half-loop 
sources. The number of activated sources were 
counted in a narrow strip, 0.015 in. in width, across 
the specimen and correlated with the stress cor- 
responding to the position along the specimen. These 
stress levels were then compared with the macro- 
scopic stress-deflection curves obtained under 
identical conditions on other crystals cleaved from 
the same bulk crystal* 

*While the stress-deflection curves for a number of specimens from 
the same parent crystal showed the same yield stress and form, the 
over-all ductility suffered considerable scatter. This scatter was not an 
important parameter in the present investigation however. 

Typical results of such a survey are included in 
Fig. 6. As the stress increased along the specimen, 
several important changes were noted. First, as 
shown in Fig. 6(a), the density of expanded impact 
half-loops increased almost linearly over a certain 
stress range (between 4000 and 6500 psi in the 
figure) eventually reaching a maximum value. Over 
this stress range, only isolated single half-loops 
were observed [of the kind photographed in Fig. 
5(b)],whereas at the maximum 2, 3, or 4 loops (and 
thus 4, 6, or 8 pits) were symmetrically disposed 
about the source. The impact half-loops introduced 
by sprinkling were fairly uniformly distributed, so 
that the linear increase in density was a direct con- 
sequence of the imposed stress gradient. 

Raising the stress also increased the total area 
swept out by a given half-loop. This was shown by 
first measuring the average spacing of the pits, d 
in Fig. 2(a) along the specimen, which increased 
with stress as in Fig. 6(6). It was further demon- 
strated by taking surveys along a specimen after 
successive layers had been removed by etching to 
give some measure of the depth of the loops, / in 
Fig. 2(a). Only those etch pit pairs retaining sharp 
conical pits after each etch were counted in the 
surveys plotted in Fig. 7. As was to be expected, 
the deepest dislocation loops were observed towards 
the center where the stress was a maximum. 

It was significant that - the total number of 
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Fig. 4— Variation of the stress along the tension surface 
of a crystal subjected to three-point loading. 
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impact half-loops. (b) Simple half-loop expansion. (c) Symmetrical multiplica- 


» 4 
| a Fig. 5—Expansion and multiplication of “impact half-loops”. (2) Unexpanded 


a for reproduction. 
(d) 
half-loops counted in each survey decreased after 
reetching, the slope of the curves in Fig. 7 re- 
mained the same. This meant that shallow disloca- 
tion half-loops were being removed equally all along 
the activated part of the specimen during each etch. 
These observations taken together showed that as 
the stress increased in the early stages, two proc- 
esses occurred; first, half-loops which had been al- 
ready expanded further increased their diameter, 
while second, more impact half-loops continuously 
came into operation. Even at the maximum density of 
Fig. 6(a) not all of the impact half-loops had been 
expanded. Of the remainder a large proportion lay 
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Fig. 6—Effect of stress on impact half-loop expansion. 
Upper: (2) Increase in density of expanded half-loops with 
stress. Lower: (5) Increase in half-loop diameter with 
stress. 
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tion. Note: Flat-bottomed pits at center define originating impact half-loop. 
(¢) Unsymmetrical multiplication to form short slip-line segments. All photo- 
micrographs taken after 1 1/2 hr etching. X500. Reduced approximately 35 pct 


in those (110),, planes over which the shear stress 
was zero. 

In Fig. 8 the lowest stress at which simple loop 
expansion was observed on a number of specimens 
(defined as the motivation stress) is compared with 
the macroscopic stress-deflection curve. Loop ex- 
pansion began at a stress level only one-third of that 
stress at which the curve showed a distinct break- 
away from the linear relationship (hereafter referred 
to as the ‘‘yield stress’’ and for these crystals 
14,000 psi). The fact that a dislocation half-loop ex- 
pands under comparatively low shear stresses and 
increases its diameter slowly as the stress is raised 
may be interpreted in terms of the same viscous lat- 
tice resistance theory proposed by Gilman and John- 
ston? toexplain their observations on lithium fluoride. 

For higher stress (i.e., approximately one-half of 
the yield stress and above) the number of active 
half-loop sources was greatly increased by means of 
the multiplication mechanism.” At first, multiplica- 
tion took the simple form of Fig. 5(c) with the etch 
pits situated symmetrically about the originating 
impact half-loops. More than eight etch pits were 
rarely observed in a symmetrical array, however. 
Later, new loops appeared in the region of, but not 
necessarily symmetric with, the originating loop as 
shown by Fig. 5(d). The short slip line segments so 
formed became longer with increasing stress, 
crossing the whole specimen at about two-thirds of 
the yield stress. 
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Fig. 7—Effect of removing surface layers on the number 
of expanded half-loops remaining in the surface. 
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.002" 
DEFLECTION AT CENTER OF BEAM 
Fig. 8—Relation of the stress-deflection curve to the ex- 
pansion and multiplication of impact half-loops. Dashed 
lines represent maximum stress in the “elastic” region 
to which specimens were loaded. 


According to dislocation theory, the plastic strain 
rate, €, is given by, 


anbv 


where 7 is the density of active dislocation half- 
loops, 
b is the Burgers vector, and 
v the velocity of the dislocation through the 
lattice. 

In the range of the stress-deflection curve below 
the yield stress, € was very much less than the strain 
rate imposed by the machine and the stress-deflec- 
tion curve was still apparently ‘‘elastic.’’ 

In terms of our observations, however, there was 
no detectable plastic flow until the stress reached 
one-third of the yield stress, the level at which im- 
pact half-loops started to expand. Over the simple 
loop expansion range the parameter 7 increased with 
the number of activated impact half-loops, as in 
Fig. 6(a), while for higher stresses it increased ex- 
tremely rapidly by the multiplication mechanism. In 
view of the viscous nature of the lattice resistance 
the dislocation velocity v also increased with the 
stress, although we have no direct measurement of 
this parameter. At the yield stress the plastic 
strain rate, €, which is a function of the product of 
n and v, almost matched that imposed by the machine. 

Changing the machine strain rate had little effect 
on the different stages involved in the initiation of 
plastic flow. Crystals containing impact half-loops 
were loaded into the ‘‘elastic’’ range at a rate 100 
times greater than normal and then immediately un- 
loaded in order to avoid any effects of ‘‘dead’’ load- 
ing. The stresses at which expansion and unsym- 
metrical multiplication were first measured were 
only slightly raised by this treatment. 

For those cleaved specimens which contained no 
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Fig. 9—Initiation 
of plastic flow in 
the vicinity of a 
tear line produced 
during cleavage. 
X500. Reduced 
approximately 30 
pet for reproduc- 
tion. 


impact half-loops, dislocation half-loop sources in 
the vicinity of tear lines gave a similar pattern of 
behavior. An example of dislocation motion and 
multiplication about a tear line is given in Fig. 9. 
On the other hand, dislocations generated by the 
tension stresses at the tip of the cleavage crack 
played no part in the initiation of slip. This was be- 
cause the geometry of the crystals was such that 
the rows of dislocation half-loops lay parallel to 
the length of the crystal and thus to the direction 
[100] of Fig. 2(2). The corresponding dislocation 
sources therefore lay in (110)4; planes over which 
the shear stress was zero. 

b) Intrinsic Sources—A marked difference in the 
initiation of plastic flow was found for those cleaved 
crystals which were unsprinkled and contained no 
tear lines. Here the first manifestation of slip 
over (110)45 planes took the form of short slip-line 
segments. The gradual transition described for 
impact half-loops, involving the stages of simple 
expansion and symmetrical multiplication, was 
never observed. 

In Fig. 10 the stress levels measured for the 
initiation of plastic flow are compared for sprinkled 
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Fig. 10—Relation of the stress-deflection curve to the 
initiation of plastic flow in unsprinkled and sprinkled 
crystals. “(110)99 slip” and “(110),4; slip” refers to the 
lowest stress level at which slip on these two systems 
was detected. 
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Fig. 11—Initiation of plastic flow in (2) unsprinkled 
and (b) sprinkled sections of the same crystal. X60. 
Reduced approximately 40 pct for reproduction. 


and unsprinkled crystals. It was particularly signifi- 
cant that the slip segments on the unsprinkled crys- 
tals first appeared at about two-thirds of the yield 
stress. This was precisely the same stress range 
that the impact half-loops underwent gross multipli- 
cation. (The yield stresses for sprinkled and un- 
sprinkled crystals of the same source were identi- 
cal.) 

Similar microscopic features have been observed 
on crystals which were first chemically polished.* 

*While qualitatively there were no microscopic differences in the 
initiation of plastic flow, there were macroscopic differences in the 
stress-deflection curves. Chemically polished specimens had a slightly 
higher yield stress often followed by a yield drop and jerky flow. 


Details of the effect of surface condition on their macroscopic flow 
behavior are currently under investigation and will be published later. 


The clear distinction in behavior between sprinkled 
and unsprinkled surfaces is demonstrated by Fig. 11. 
These photomicrographs were taken on the tension 
surface of a polished specimen which had been 
sprinkled along one-half of its length while the other 
half was protected. They were both photographed in 
the same stress region on the same side of the 
center support; in fact, the lines of etch pits indi- 
cated in the figure were continuous across the cen- 
tral region omitted in publication. This contrast in 
behavior was likewise found to be independent of the 
rate at which the crystals were loaded. 

The exact nature of the intrinsic sources respon- 
sible for the initiation of plastic flow in a polished 
crystal is by no means well understood. From the 
results we can conclude, however, that the stress 
to activate them (defined as the activation stress) is 
approximately twice the stress to move freshly in- 
troduced dislocations against the lattice resistance 
(the motivation stress). Thus, once intrinsic dislo- 
cation sources are activated they are immediately 
subjected to a stress at which the dislocations can 
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expand and multiply rapidly, so leading to the ob- 
served slip-line segments. Isolated dislocation half- 
loops cannot be produced by plastically bending 
magnesium oxide at room temperature as has been 
reported to be the case for lithium fluoride at liquid- 
nitrogen temperature.” Presumably the activation 
stress for lithium fluoride is not much greater than 
the motivation stress at these temperatures. 

Sources on (110)0 Slip Planes—a) Intrinsic Sources 
--In addition to the (110)4s systems already con- 
sidered there was slip over both (110)9o slip planes. 
The easiest way to appreciate that slip over (110)so 
can contribute to plastic bending is to consider a 
thin layer at the tension surface as in Fig. 2(b). The 
resolved shear stress (7) over these planes, 0/2, is 
equal in magnitude to that over the active (110)4s 
planes, and slip, on a microscopic scale at least, is 
equally favored. 

It should be pointed out that (110) 0 slip planes 
intersect the (001) surface along lines at 45 deg to 
the edge of the specimen, so that a given slip plane 
experiences a stress gradient along itself even at the 
surface. This is in contrast to the (110)4s slip planes 
which intersect along a line at 90 deg to the specimen 
edge and the stress remains constant at the surface. 
There is, of course, a stress gradient along all 
planes towards the neutral axis. 

Fig. 12 shows the general features of (110)90 slip 
on a polished specimen. In all cases the lines of 
etch pits extended continuously from the high-stress 
region down to the low-stress region; there were no 
short isolated lines, see also Fig. 11. The density of 
etch pits was highest at the maximum stress and de- 
creased until individual pits could be resolved at the 
lower stresses. Furthermore, as Fig. 13 illustrates, 
the etch pits were frequently flat-bottomed towards 
the low-stress extremity which suggests that the 
associated half-loops were very shallow. 

The observations could again be interpreted if it 
was assumed that the stress to activate intrinsic 
sources was much greater than that to move the 
dislocations. Thus each line of dislocations in Fig. 
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Fig. 12—Distribution of (110)g9 slip on typical polished 
specimen. X10. Reduced approximately 8 pct for repro- 
duction. 
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12 had its origin at an intrinsic source in the high- 
stress region. Dislocations generated by this source 
moved down the slip plane to lower stresses and at 
the same time multiplied profusely to form many 
more dislocations, later to be revealed as a dense 
line of etch pits. Fig. 12 shows that the origin was 
always above a certain stress level, which can be 
taken as the activation stress. Significantly, this 
stress level coincided approximately with the ac- 
tivation stress for (110)4s slip on the polished speci- 
men. In addition, the dislocations moved down the 
slip plane to a stress level no lower than a certain 
minimum value as shown in Fig. 12. This defined 
the motivation stress and has been plotted for a 
number of specimens in Fig. 10. Irrespective of 
whether these specimens contained impact half- 
loops or not the level was the same, 6,000 psi. 
Likewise this agreed very well with the motivation 
stress required to expand impact half-loops. 

b) Rosettes—Crystals containing impact half-loops 
would be expected to behave the same as unsprinkled 
crystals as far as (110)s0 slip was concerned, since 
they provided artificial sources for (110)4s slip only. 
With ‘‘rosettes ,’’ however, sources were present for 
all slip systems and dislocations on both (110) 90 and 
(110)4s planes originated from each rosette upon 
loading even at low stresses. Fig. 14 was taken in 
the low or motivation stress region of a lightly 
strained crystal. A detailed study of the dislocation 
multiplication mechanism on the (110)90 slip planes 
was not possible in view of the complexity of the 
originating rosette. 

It is interesting to note that the observations re- 
ported in these sections on the activation of surface 
dislocation sources do not apply exclusively to 
specimens subjected to three-point loading. Under 
three-point loading the tension stress is a maximum 
at the surface and the effects of surface condition 
may become overemphasized. A few tension tests 


Fig. 13—Form of 

etch pits produced 
at low stress ex- 

tremity of (110) 9 

slip planes. X250. 
Reduced approxi- 

mately 15 pct for 

reproduction. 
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Fig. 14—Initiation of plastic flow on both (110)g9 and (110),; 


slip planes from “rosettes” in the low stress region (~6000 
psi). X150. Reduced approximately 8 pct for reproduction. 


have been performed on specimens having a cross 
section 0.1 in. sq and 3/4 in. gage length which con- 
tained impact half-loops and rosettes. Again slip 
started preferentially from these artificial surface 
sources. 


EFFECT OF SURFACE AGE ON THE GENERATION 
AND MOVEMENT OF DISLOCATIONS 


At the outset of this work it was intended to use the 
activation of surface dislocation sources as a tech- 
nique for studying the effect of age and environment 
on the movement of dislocations through the surface 
layers. Since this time it has become apparent that 
magnesium oxide is not so susceptible to surface 
aging as are other ionic solids, the alkali halides for 
example, and likewise we have been unable to find 
any effect on the individual dislocations. 

We have performed two types of experiments. In 
the first, impact half-loops were introduced into a 
crystal surface immediately after cleavage, i.e., 
within 15 sec, while its matching cleaved surface 
was sprinkled after aging. In some experiments this 
aging consisted of periods as long as 1 month in an 
environment of desiccated or humid air. On etching, 
both surfaces had the same density of impact half- 
loops indicating that the nucleation of surface dis- 
locations was not affected by the aging period. 

In the second type of experiment all crystals 
were sprinkled immediately after cleavage and then 
aged in wet and dry air for periods up to 3 months at 
room temperature. When these aged crystals were 
subjected to three-point bending, exactly the same 
pattern of behavior and the same relative stress 
levels were observed as for impact half-loops ac- 
tivated on the freshly treated specimens reported 
in earlier sections. 

We conclude therefore that aging magnesium oxide 
has no effect on the mobility of dislocations through 
the surface layer. 


SUMMARY 
1) By comparing the behavior of chemically 
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polished magnesium-oxide surfaces with surfaces 
containing artificially introduced dislocation loops, 
it has been shown that the activation stress for 
intrinsic dislocation sources is much greater than 
(approximately twice) the motivation stress to move 
a dislocation against the lattice resistance. This 
has been shown for both screw (using ‘‘impact half- 
loops’’ for artificial sources) and for edge (using 
‘‘rosettes’’ for artificial sources) dislocation com- 
ponents and presumably applies for all sections of 
a dislocation loop. Furthermore, the results are 
essentially independent of the applied strain rates 
used. 

2) The manner in which impact half-loops expand 
at a low stress suggests that they experience a 
lattice resistance in the form of a viscous drag 
rather than a static or Peierls-Nabarro type of 
force. 

3) The results are not exclusive to three-point 
loaded specimens where the stress is a maximum 
at the surface but also apply qualitatively for tensile 
specimens. We have found ‘‘impact half-loops’’ and 
‘frosettes’’ to provide preferential sources for slip 
in crystals under tension. 

4) The age of the cleaved surface layer has no 


effect on the generation and motion of dislocations 
through the surface of magnesium oxide crystals. 
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Solubility of Thorium Dihydride in Thorium Metal 


The saturation solubility of thorium dihydride in thorium was 
studied by saturation of samples and subsequent analysis. The 
solubility increased from about 1 at. pct at 300°C to above 20 at. 
pct at 800°C. Over this temperature range the log of the solubility 
was a linear function of the reciprocal absolute temperature for 


thorium of good purity. The heat of solution of thorium dihydride 
was found to be 7.9 kcal per atom of hydrogen in crystal bar thorium 
and 6.6 kcal per atom of hydrogen in Ames thorium. 


Tue important effect of hydrogen on the physical 
and mechanical properties of many metals is re- 
ceiving increasing recognition. The basic physical 
and chemical data necessary to help explain the ob- 
served effects of hydrogen on the mechanical proper- 
ties of metals are all too often not available. The 
solubility of hydrogen in thorium metal was de- 
termined to provide a portion of this basic data for 
the thorium-hydrogen system. 

The absorption of hydrogen by thorium metal and 
the formation of thorium hydrides was studied by 
several investigators, beginning in 1891, and their 
work is summarized in Gmelin’s Handbuch.’ No 
effort was made to determine the extent of solid 
solubility in the metal in these early investigations 
and the impure metal available made interpretation 
of the results uncertain. Nottorf* reported the re- 
sults of a careful study of pressure-composition 
isotherms for the thorium-hydrogen system. The 
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principal interest in this work was in the compo- 
sition and dissociation pressures of the thorium 
hydrides. Mallett and Campbell’ reported the pres- 
sure-composition isotherms for the thorium- 
hydrogen system up to the composition of thorium 
dihydride. The saturation solubility of thorium 
dihydride in thorium was reported to be 13 at. pct 
at 650°C and 23 at. pct at about 900°C. Mallett and 
Campbell used thorium metal which had been pre- 
pared by the calcium reduction of thorium tetra- 
fluoride or thorium oxide. The results obtained with 
thorium of these two types agreed within the ex- 
perimental error. 


PROCEDURE AND MATERIALS 


Procedure—The method used to determine the 
solubility was to saturate a sample of thorium with 
hydrogen and analyze a portion of the saturated 
sample. This method was chosen rather than a de- 
termination of pressure-composition isotherms 
since it was much less time consuming and could 
be applied at temperatures at which the equilibrium 
hydrogen pressure was too low to measure. The 
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Fig. 1—Thorium-thorium hyride sample showing pene- 
tration of hyride into the core. The hydride layer is on the 
left. The dark inclusions are ThO,. As-polished. X250. 
Reduced approximately 10 pct for reproduction. 


sample was prepared by charging a piece of thorium, 
approximately 3 by 5 by 10 mm, with hydrogen until 
a layer of thorium hydride was formed on the sur- 
face. The sample was held at temperature for 3 to 
24 hr depending on the temperature until the core 
was saturated. The thorium-dihydride layer was re- 
moved by grinding and the core cut into several 
portions for analysis. It was necessary to add the 
hydrogen in a number of increments in the charging 
step. If all of the hydrogen were added at once, 
thorium hydride would penetrate into the core of the 
sample since the reaction did not occur uniformly 
over the surface. Fig. 1 is a photomicrograph of a 
sample in which the thorium hydride penetrated 
deeply into the core of the sample. Fig. 2 is a 
photomicrograph of a properly charged sample with 
a layer of thorium dihydride on the surface and 
precipitated thorium dihydride within the saturated 
core. The slow addition of hydrogen to the thorium 
samples was also necessary to prevent an excessive 
temperature rise of the sample as a result of the 
heat of reaction. The heat of formation of thorium 
dihydride* is 34.3 kcal per mole, and the rapid 
adsorption of hydrogen could easily heat the sample 
above the furnace temperature and cause saturation 
of the sample to occur at a higher temperature. 

The layer of thorium hydride was removed from 
the cooled sample by grinding the sample on a 
metallurgical grinding wheel. For analysis purposes 
the core was cut with a silicon carbide cut-off 
wheel into sections weighing about 0.3 g. Whenever 
possible, at least one sample was taken from the 
center of the core and one from the outer portion of 
the core to check the uniformity of the specimen. 
Eight such cases were investigated and the average 
difference between the two analyses was 2.1 pct of 
the amount of hydrogen found. 

The samples were analyzed for hydrogen by a 
warm extraction method. This consisted of heating 
the sample to 840°C in a quartz tube and pumping the 
hydrogen into a calibrated collection volume with a 
three-stage mercury diffusion pump. The pressure 
in this volume was measured with a McLeod gage 
and the amount of hydrogen calculated from the ob- 
served pressure and known volume. The hydrogen 
was evolved rapidly and completely at 840°C. Most 
of the hydrogen was evolved in 10 min but the gases 
were collected for a total time of 20 min to assure 
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Fig. 2—Thorium-thorium hydride sample properly satu- 
rated with hydride layer on the left and ThH, precipitation 
from the saturated core. As-polished. X250. Reduced 
approximately 10 pet for reproduction. 


maximum recovery. The blank rate for thi vacuum 
furnace was negligible and no blank correction was 
necessary. The complete recovery of the hydrogen 
content of the sample was checked by analyzing 
several thorium samples to which known amounts of 
hydrogen had been added. The recovery of the 
hydrogen was complete within the limits of the 
accuracy of charging of the samples. 

Materials— Thorium metal prepared by two dif- 
ferent methods and differing in purity was used to 
determine whether the solubility changed with 
metal purity. The thorium prepared by the crystal 
bar method was obtained from Battelle Memorial 
Institute. The metal was arc-melted under an inert 
atmosphere on a copper hearth and was used in the 
as-melted condition. The Ames thorium was pre- 
pared by calcium reduction of thorium tetrafluoride 
and was melted in a beryllia crucible under vacuum 
and cast into a graphite mold. The ingot was cold- 
rolled to 1/2-in. diam rod and annealed at 800°C for 
1 hr. Ames thorium was also arc-melted with high- 
purity graphite chips to produce a sample with a 
higher carbon content. This metal was used in the 
as-melted condition. The principal difference in 
purity between the Ames thorium and the crystal, 
bar thorium, as shown in Table I, was in the higher 
oxygen and carbon content of Ames thorium. Most 
of the metallic impurities were either not detected 
or were present in similar amounts in both types of 
metal. The Ames thorium to which carbon was added 
analyzed slightly lower in oxygen than the original 
metal. No explanation for this difference is known. 
Carbon was determined by combustion in oxygen, 
nitrogen was determined by the Kjehldahl method and 
oxygen was determined by weighing the hydrochloric 
acid insoluble residue as thorium oxide. The 


Table |. Analysis of Thorium Metal 


Ames Th with 


Element Crystal Bar Th Ames Th Added Carbon 
Cc 170 ppm 660 ppm 2500 ppm 
N 62 ppm 70 ppm 37 ppm 
O 200 ppm 2100 ppm 1600 ppm 
Fe 135 ppm 220 ppm 190 ppm 
Mn 20 ppm 20 ppm 20 ppm 
Ce 20 ppm 20 ppm 50 ppm 
Ni 20 ppm 20 ppm 20 ppm 
Hardness Dph 42 76 204 
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Fig. 3—The solubility of ThH, in thorium at various 


temperatures. The effect of impurities in increasing the 
solubility is obvious from the displacement of the curves. 


metallic impurities were determined by spectro- 
graphic analysis. 


RESULTS AND DISCUSSION 


The solubility of thorium dihydride in thorium at 
various temperatures is shown in Fig. 3 for thorium 
of all three purity levels. The solubility was quite 
low at 300°C and was nearly the same regardless of 
purity. The solubility increased rapidly with tem- 
perature and the differences in solubility in thorium 
of various impurity levels became much larger. The 
apparent decrease in the effect of carbon on the 
solubility at higher temperature may be explained by 
the number of impurity atoms becoming insignificant 
compared to the number of hydrogen atoms in solu- 
tion. 

The solubility investigation was not extended to 
lower temperatures because the thorium samples 
did not absorb hydrogen easily at 200°C, and at 
lower temperatures did not absorb measureable 
amounts of hydrogen even after several days ex- 
posure. At temperatures above 800°C, the solu- 
bility results were not reproducible. This may have 
been due to the very rapid absorption and evolution 
of hydrogen above 800°C which made cooling of the 
sample to room temperature without changing the 
composition very difficult. 

The logarithm of the solubility in at. pct is plotted 
against the reciprocal absolute temperature in 
Fig. 4. The results for crystal bar thorium and 
Ames thorium fall quite well on straight lines. Such 
a simple relationship would not be expected for the 
thorium-0.25 pct C samples as these were really 
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ternary compositions. The solubility of thorium 
dihydride in crystal bar thorium from 300° to 800°C 
can be expressed by Log C = -1732/T + 2.966, 
where C is the at. pct H. This expression was ob- 
tained by a least-squares treatment of the solubility 
data. The temperature dependence of the solubility 
gave a value of 7.9 kcal per atom of hydrogen for the 
heat of solution of thorium dihydride in thorium 
metal of crystal bar purity and 6.6 kcal for the heat 
of solution in Ames thorium. 

The temperature dependence of the solubility can 
be calculated from the heat of formation of thorium 
dihydride and the partial molar heat of solution of 
hydrogen in thorium. If the partial molar heat of 
solution is constant over the temperature range of 
interest and if it does not change with composition, 
the calculation is very simple. Sievert’s Law was 
found by Mallett and Campbell, and by this investi- 
gation, to be obeyed for the thorium-hydrogen 
system. Hence, the square root of the hydrogen 
pressure, up to the saturation point, equals a con- 
stant times the atomic fraction or atomic percentage 
of hydrogen. At the saturation limit, the pressure of 
hydrogen over thorium dihydride must equal the 
hydrogen pressure over the saturated solution. The 
variation of the hydrogen pressure with temperature 
is given by: 


A Hy = Heat of formation of thorium dihydride from 
the saturated thorium solid solution. 


Since P 2 =. KN, 
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Fig. 4—Log solubility plotted against reciprocal degrees 
Kelvin. 
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1/2 Ln P, = Ln R, + Ln N, 


However, at constant composition, 


4A = Partial molar heat of solution of H in the 


thorium solid solution 
and 


AH, = Heat of solution of thorium dihydride in the 
saturated thorium solid solution and N = at pct. 


From this it follows that MHo/2 = AH/2 - AHs, 

The heat of formation of ThH, was given by Mallett 
and Campbell as —34.3 kcal and was constant from 
650° to 850°C. The partial molar heat of solution of 
hydrogen in thorium was given as —21.7 kcal by 
Mallett and Campbell. This value also was constant 
from 650° to 850°C and was determined at 4.95 at. 


The Origin of the Preferred Orientation 


pct and 9.0 at. pct hydrogen. The heat of solution of 
thorium dihydride obtained for Ames thorium in this 
investigation was 6.6 kcal. The calculated value of 
6.3 kcal appears to be in excellent agreement. 


CONCLUSIONS 


Hydrogen was found to be quite soluble in thorium 
metal above 200°C. The solubility increased rapidly 
with temperature and the logarithm of the solubility 
gave a straight line when plotted against the recipro- 
cal absolute temperature. The purity of the thorium 
was found to influence the solubility of thorium 
dihydride. In particular, addition of carbon to 
thorium caused a considerable increase in the 
solubility. 
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in the Columnar Zone of Ingots 


A preferred orientation is known to occur frequently in the 
columnar zone of castings. This has been attributed to a preferred 
direction of growth. However, no satisfactory mechanism was pro- 
posed by which the preferred direction of growth led to the pre- 
ferred orientation. The purpose of this work has been to establish 
this mechanism, It has been found that in general the observed 
preferred orientations only develop when the preferred directions 
of growth reveal themselves by dendritic growth. A mechanism 
based on this premise is found to be in agreement with the ex- 
perimental data obtained in the course of this work. 


When a liquid metal is allowed to solidify ina 
mold, it usually freezes in three stages, distin- 
guished from each other by the size and shape of the 
grains. The first zone to freeze (the chill zone near 
the mold wall) consists of relatively fine grains that 
are equiaxed in shape and random in orientation. The 
next zone consists of crystals that are elongated in 
the direction of heat flow, i.e., normal to mold wall. 
These crystals are much larger in cross section than 
the crystals of the chill zone and have a very strongly 
preferred orientation. This is the columnar zone. 
The final zone, which is absent in very pure metals, 
is again equiaxed and randomly oriented, but usually 
has a much coarser grain size than the chill zone. 
The purpose of this study is to describe and account 
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for the crystal size and orientation in the columnar 
zone. 

The occurrence of a preferred orientation in the 
columnar zone is well known, and in 1940, Greninger’ 
suggested that it is apparently related to dendritic 
growth although at that time the only data were for 
metals with the face-centered-cubic structure. 
Table I shows that the direction of dendritic growth 
and the crystal axis that follows the heat flow direc- 
tion coincide in all cases so far studied. 

The term ‘‘dendritic growth’’ is used here to 
represent the branched type of morphology that is 
characteristic of growth into supercooled melts.” 

In addition to the supercooling which is necessary 
before nucleation will occur at the mold wall, the 
necessary supercooling for continued dendritic 
growth can be provided in a mold by heat flow into 
the already formed solid at an interface whose 
liquidus temperature is depressed by an accumula- 
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Table | 


Axis of 
Dendrite Direction Preferred 
Metal Structure Observed Expected Orientation 
Fe-Si Bcc <100> <100> 
— Bcc <100> <100> 
a Bec <100> <100> 
Al Fcc <100> <100> <100> 
Cu Fcc <100> 
Ag Fee <100> <100> 
Au Fcc <100> <100> 
Pb Fcc <100> <100> <100> 
Cd Cph <210 <210> 
Zn Cph <210> <210> <210> 
Mg Cph <210> uncertain 
Bi Rhombohedral <111> 
B-Sn Tetragonal <110> <110> <110> 


tion of solute rejected by the freezing metal. The 
former may be classified as ‘‘thermal’’ and the 
latter as ‘‘constitutional’’ supercooling. 

Previous work had suggested that the preferred 
orientation is produced by the selective elimination 
of unfavorably oriented crystals, and not by the 
selective nucleation of crystals with the appropriate 
orientation. The elimination of unfavorably oriented 
grains takes place by the formation of crystal 
boundaries in directions that deviate from the normal 
to the freezing interface. 


EXPERIMENTAL 


The experimental work was in two parts: 1)a 
quantitative investigation of the development of 
preferred orientation and of the increase of grain 
size in the columnar zone with distance from the 
mold wall and 2) a study of the direction of forma- 
tion of the boundary between two crystals growing 
side by side from a melt. 

Experiments on Polycrystalline Samples— The 
effect of growth conditions on the preferred orienta- 
tion was studied in chill castings of lead and alumi- 
num. The lead was cast in a graphite mold. Rather 
than attempt to section the ingot and remove the 
cold-worked metal by etching, the remaining liquid 
metal was decanted before the casting was com- 
pletely solid. A sufficiently flat surface was ob- 
tained for the X-ray work since the ingot was large 
compared with the area used in determining the 
preferred orientation. The degree of preferred 
orientation was then determined. The aluminum was 
chill cast in a mold, shown in Fig. 1, made of a fur- 
nace core heated to the pouring temperature, which 
was placed on a water-cooled aluminum plate. With 
this apparatus freezing took place with a plane inter- 
face which was parallel to the aluminum plate. The 
castings were sectioned and then etched to remove 
the cold-worked metal so that the preferred orienta- 
tion could be determined. 

The degree of preferred orientation involves a 
knowledge of the angular distribution of <100> 
directions about the normal to the interface (in this 
case the mold wall). Since the grain size was large, 
this was done by determining the orientations of a 
representative number of grains on the sample sur- 
face. To accomplish this a General Electric XRD 
V X-ray diffractometer was set up to receive second- 
order reflections from the (200) planes. A poly- 
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crystalline section which had been taken normal to 
the columnar region was then rotated in such a way 
that reflections were obtained from a representative 
number of crystals (not less than thirty and not more 
than 100). As a grain of the polycrystalline sample 
came into a reflecting position (i.e., when a <100> 
direction in the grain bisected the angle between the 
incident X-ray beam and what becomes the reflected 
beam), a knowledge of the specimen rotations neces- 
sary to produce this situation gave the direction of 
the <100> axis of the reflecting grain with respect to 
the surface of the section. The position of the grain 
in the specimen was not known, but this information 
was not required. Two rotations were sufficient to 
accomplish this: one of these was chosen normal to 
the surface of the section (A), the other was obtained 
by rocking the specimen about an axis parallel to the 
surface of the section (B). A special specimen holder 
was constructed for this purpose and is shown in 

Fig. 2. It is shown in position in the diffractometer 
in Fig. 3. 

To scan the specimen the value of B was fixed, and 
A varied. When a reflection was obtained it was 
plotted on polar graph paper. A is the number of de- 
grees from an arbitrary zero on a circle whichis B 
degrees from the center. In this way pole figures 
were obtained which revealed the distribution of 
<100> directions among the columnar grains of the 
sample. B was varied between 0 and 45 deg; since 
the <100> directions are 90 deg apart in f.c.c. metals 
there would be a chance of counting two <100> di- 
rections from the same grain if values of B had been 
used which were larger than 45 deg. 

It should be emphasized that the intensity of the 
reflection played no part in the pole-figure plot; as 
long as the intensity of the reflection was more than 
twice the background intensity a reflection was con- 
sidered to have occurred. Thus the pole figure was 
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Fig. 1—Mold used for casting aluminum ingots. 
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not affected by the grain-size distribution. The dif- 
fractometer was operated with no receiving slit 
(apart from the Soller slits) so the intensity of the 
reflected beam was a function of the size of the re- 
flecting grain. The grain-size distribution would be 
affected by grain growth behind the interface which 
could occur by a mechanism different from the one 
mainly responsible for the preferred orientation. 
Experiment showed that the preferred orientation 
revealed itself by reflections ceasing to be obtained 
at a certain value of B, i.e., the pole figure had a 
well-defined boundary beyond which no reflections 
were obtained. Therefore, the width of the pole 
figure was taken as the degree of preferred orien- 


tation, and called @. @ does not always have the same 


value in all directions on the pole figure; however, 
the smallest value of 6 will represent the most ef- 
fective operation of the selective process. 

Most of the preferred orientation developed in the 
first few millimeters from the mold wall. From 
then on a more gradual sharpening of the preferred 
orientation can be observed, see Figs. 4, 5, and 6. 
The mold wall in this case was the water-cooled 
aluminum plate. 

Solute accelerates the appearance of the preferred 
orientation in aluminum, which is demonstrated by 
the difference between Figs. 4 and 6. Table II shows 
that a similar effect occurs in lead. 

Although no preferred orientation was produced in 
pure lead, a considerable preferred orientation oc- 
curred in pure aluminum, see Table II and Fig. 4, 
respectively. However, the preferred orientation in 


4 


Fig. 2—Goniometer used to determine preferred orienta- 
tion. 
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Fig. 3—XRD V spectrogoniometer with specimen gonio- 
meter in place. 


the aluminum was almost entirely suppressed by 
raising the pouring temperature to 860°C. A series 
of histograms are shown in Fig. 7. These histograms 
were plotted by taking the average pole density 
between B and B + 10 deg and then plotting it against 


B 
The pure lead sample which revealed no preferred 


orientation after solidifying for 1.4 cm was found to 
be growing with a cellular interface. The cells were 
not well developed, however. A photograph of this 
interface is shown in Fig. 8. This lead was reported 
to be 99.999 pct pure. 

The experiment was repeated with lead estimated 
to be 99.99 pct pure which showed well developed 
cells on decanting; no preferred orientation appeared 
at 1.4 cm from the mold wall. The decanted inter- 
face is shown in Fig. 9. 

When 1 pct Sn was added to the 99.999 pct Pb, the ay 
interface exhibited a marked dendritic morphology 
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Fig. 4—Change in preferred orientation with distance 
from the mold wall for pure aluminum poured at the 
freezing point. 
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Distance from 
Material Mold Wall 6 


99.999 pct Pb 


99.99 pct Pb 
Pb + 1 pct Sn 


on D 
x 


Pb +5 pct Sn 


Sw 
an 

33 


and a preferred orientation developed (¢@= 26 deg at 
1.4 cm), i.e., all the grains had a 100 axis within 

13 deg of the normal to the sample surface. With 5 
pet Sn 6 was 20 deg after growing a distance of 0.75 
cm. A photograph of the decanted interface is shown 
in Fig. 10. 

Since the sections used for the measurement of 6 
were readily adaptable to grain-size measurement, 
some observations were made on grain coarsening. 
The grain-size variation with distance from the 
mold wall is plotted in Figs. 11 and 12. These grain 
sizes were determined by counting the number of 
grains in an area of standard size, a technique 
which has been described in detail elsewhere.° It is 
apparent that the grain-size changes in roughly the 
same way as @, Fig. 11 corresponds to Fig. 4, and 
Fig. 12 corresponds to Fig. 6. 

Some grain coarsening also occurred when the 
pure aluminum was poured with enough superheat to 
suppress the preferred orientation. However, the 
mechanism by which the grain sizes changed in this 
latter case was found to differ somewhat from the 
mechanism when dendritic growth occurred. By 
taking photographs of successive sections taken 
parallel to the mold wall it was possible to observe 
in detail the way in which the grain boundary plane 
deviated from the heat-flow direction. In the 
aluminum poured with the high superheat, no grain 
boundary deviated in a direction which would be 
away from a curved grain boundary’s center of 
curvature; also, those grains which grew larger 
had an average number of sides greater than six. 
This indicates that the mechanism of grain coarsen- 
ing is analogous to grain growth in its accepted 
sense. In the case of the Al +2 pct Ag alloy which 
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Fig. 5—Change in preferred orientation with distance 
from the mold wall for pure aluminum poured at 860°C. 
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Fig. 6—Change in preferred orientation with distance 
from the mold wall for an Al +2 pct Ag alloy poured at 
the freezing point. 


was known to be growing dendritically, the change 
in grain size appeared to be haphazard with grains 
growing small and then larger, and with apparent 
grain boundary motion away from their centers of 
curvature. It should be pointed out that decanting 
established that the 99.99 pct pure aluminum 
poured with the high superheat was growing with a 
cellular interface, whereas the alloy was growing 
dendritically. 

Experiments on Single Boundaries— The study of 
individual boundaries was made by the following 
methods: 

Lead and lead-silver alloy bicrystals of controlled 
orientation were frozen from one end of a horizontal 
graphite boat to observe the effect of the interface 
morphology on the direction of the grain boundary 
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Fig. 7—Histograms for pure aluminum poured at 860°C 
showing the change in the point-density distribution with 
distance from the mold wall. 
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Fig. 8— Photograph of ‘the decanted in- 


Fig. 9—Photograph‘of the decanted in- Fig. 10— of the in- 


terface of a 99.999 pct pure Pb casting terface of a 99.999 pct pure lead cast- _ terface of a lead +5 pct Sn casting de- 


decanted after growing 1.4 cm. X100. 
Reduced approximately 23 pct for re- 


production. for reproduction. 


plane in the boat. Freezing was accomplished by the 
slow removal of the furnace used to melt the lead. 
Provision was made for decanting the liquid metal 
before solidification was complete for observation 
of the solid liquid interface. This technique has been 
described elsewhere.* It was found that branching, 
and therefore dendritic growth, could be detected on 
the top surface before it was apparent on the inter- 
face after decanting. This was undoubtedly due to 
the surface tension of the liquid metal preventing 
its complete removal from the interdendritic spaces 
during decantation. 

By changing the amount of solute (silver), varying 
the temperature gradient, and varying the freezing 
rate, it was possible to control the interface 
morphology. A plane, a cellular, or a dendritic 
interface could be obtained at will. The dendrites, 
in this case, were produced by constitutional super- 
cooling. 

The results of these experiments are illustrated 
in Figs. 13 through 16. Fig. 13 is a photograph of 
the top surface of a bicrystal grown under conditions 
which would result in the interface being dendritic. 
One crystal was oriented so that its dendrite direc- 
tion was parallel to the heat-flow direction, and the 
dendrite direction in its neighbor diverged from that 
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X100. Reduced approximately 23 pct 


canted after growing 0.75 cm. X100. 
Reduced approximately 23 pct for re- 
production. 


of the first crystal by an angle of 30 deg. It is clear 
that the grain boundary deviates in such a way that 
the first crystal will grow larger. No grain boundary 
deviation occurred when the seeds of the bicrystal 
shown in Fig. 13 were reversed, and the same growth 
conditions employed to produce the bicrystal shown 
in Fig. 14. In Fig. 15 the same geometrical arrange- 
ment of the seeds was used as in Fig. 13, but the 
growth conditions were changed by increasing the 
temperature gradient and decreasing the rate of 
growth, thereby decreasing the tendency for the 
liquid ahead of the interface to be constitutionally 
supercooled. The grain boundary deviation was 
suppressed. Finally, for the bicrystal shown in 

Fig. 16 the amount of solute was chosen so that it 
was possible to vary the interface structure from 
cells to dendrites with the temperature gradients 

and rates of growth available. The first half of the 
bicrystal was grown very slowly at about 0.006 cm 
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Fig. 11—Increase in grain size with distance from the 
mold wall for pure aluminum poured at the freezing 
point. 
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Fig. 12—Increase in grain size with distance from the 
mold wall for an Al +2 pct Ag alloy poured at the freez- 
ing point. 
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Fig. 13—Top surface of Pb +107? pct 


with low temperature gradient. X25. 
Reduced approximately 23 pct for re- 
production. 


per sec, with the bottom of the boat cooled by an 
air jet to obtain a high-temperature gradient. After 
the bicrystal was about half frozen, the air-cooling 
was interrupted and the rate of furnace removal 
speeded up to about 0.06 cm per sec. This pro- 
cedure produced a bicrystal, part of which had 
grown with a cellular interface, and part with a 
dendritic interface. That the first part was cellular 
can be seen from the corrugation lines in the heat- 
flow direction (corrugations tend to follow the 
heat-flow direction).° The last part was dendritic 
since branching was observed on the top surface, 
and the direction of the surface markings coincides 
with the dendrite direction (the magnification in the 
photograph is insufficient to show the branching). 
There is a sharp change in direction of the boundary 
which was found to correspond to the appearance of 
well-developed branches. 

In other experiments, similarly, grain boundary 
deviation did not occur if the interface was cellular. 
If the interface was plane, some deviation was found 
but it was erratic and small; in no case was the 
angle between the boundary plane and the normal to 
the interface larger than 5 deg. 

In the work referred to above, supercooling was of 
the type described as constitutional supercooling. To 
observe the effect of dendritic growth due to thermal 
supercooling* the following experiment was per- 

*The difference between the two types is that a temperature 


gradient must exist with constitutional supercooling but not with 
thermal supercooling. 


formed: a tricrystal was grown from a melt of lead 
whose purity was reported to be 99.999 pct. The 
orientations of the three crystals in the heat-flow 
direction were the following: on either side <100>, 
the center <111>. As soon’as the three seeds had 
grown together to form the tricrystal the furnace was 
removed completely. The liquid ahead of the inter- 
face having been allowed to supercool, dendritic 
growth occurred, resulting in the center crystal 


452-VOLUME 215, JUNE 1959 


Fig. 14—Top surface of Pb +107? pct 
Ag bicrystal grown at 0.01 cm per sec Ag bicrystal grown under the same 
conditions as the bicrystal shown in 
Fig. 13. X25. Reduced approximately 
23 pet for reproduction. 


Fig. 15—Top surface of Pb +107? pct 
Ag bicrystal grown at 0.001 cm per 
sec with a high temperature gradient. 
X25. Reduced approximately 23 pct 
for reproduction. 


being eliminated, as shown in Fig. 17. 


DISC USSION 


In the experimental work outlined above a definite 
relationship has been observed between dendritic 
growth and the kind of grain boundary deviation which 
will yield a preferred orientation. This evidence 
suggests that the mechanisms involved in producing 
a preferred orientation involve dendritic growth. 
Since most commercial castings freeze dendritically 
at some time in the solidification process the ex- 
planations which will be presented below should be 
adequate for an understanding of the texture which 
has been observed so often in the past. The fact that 
only lead and aluminum were used in this work 
should not detract from the generality of the con- 
clusions, which depend only on the occurrence of 
dendritic freezing. 

The dendrite growth is caused by supercooling, 
which can be ‘‘thermal’’ or ‘‘constitutional.’’ The 
detailed mechanism by which selection takes place 
appears to be different in these two cases which, in 
turn, is probably due to a difference in the geometry 
of the dendrites. When the supercooling is thermal, 
the dendrites are likely to be large and more widely 
spaced. This is not due to any inherent difference in 
mechanism, but rather to the fact that less but more 
uniform supercooling is obtained thermally than 
constitutionally. 


THE MECHANISM BY WHICH A PREFERRED 
ORIENTATION CAN BE PRODUCED 


Dendritic Growth due to Thermal Supercooling— 
When the molten metal is first poured into the mold 
it cools until a temperature is reached at which 
nucleation takes place. Nucleation cannot take place 
without a certain amount of supercooling and the 
temperature distribution ahead of the mold wall will 
be like the one shown in Fig. 18. Nucleation, whether 
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Fig. 16—Top 
surface of Pb + 5 
x 1073 pet Ag 
bicrystal showing 
change in boundary 
direction produced 
by changing growth 
conditions during 
growth. X3. 
Reduced approxi- 
mately 23 pct for 
reproduction. 


heterogeneous or homogeneous, will take place near 
the mold wall since this is the coldest part of the 
system. Immediately after nucleation has taken 
place the temperature distribution should be like the 
one shown in Fig. 19, because latent heat will be 
liberated during nucleation; this raises the tempera- 
ture of the liquid and solid at the mold wall. The 
nucleii are now faced with a thermally supercooled 
layer into which they can grow, and they do so den- 
dritically. It has been shown experimentally that 
dendritic growth under these conditions favors den- 
drites growing in the heat-flow direction. 

The mechanism by which the dendrites in the heat- 
flow direction eliminate their unfavorably directed 
neighbors could be the following: the velocity with 
which a dendrite will advance is proportional to some 
function of the supercooling, 7.e., the greater the 
supercooling, the faster the dendrite will advance. 
When growth begins the dendrites start out at 
roughly the same supercooling, therefore, the one 
that is more favorably oriented must soon be ahead 
of the one that is less favorably oriented since they 
are initially growing at the same rate. A dendrite 
growing at an angle to the heat-flow direction must 
grow faster to have a component of velocity in the 
heat-flow direction equal to that of a dendrite grow- 
ing in the heat-flow direction. Therefore, it must 
grow at a greater supercooling than the most favor- 
ably directed dendrite. This is impossible, however, 
since the two dendrites are not only growing into a 
region of increasing supercooling, i.e., the tem- 
perature decreases into the ingot, but the latent heat 
evolved by whichever dendrite is furthest ahead will 
serve to slow down its neighbor. 

When growth starts forward from the equiaxed 
region it occurs at a relatively small amount of 
supercooling, and lateral growth of dendrite 
branches is not only slow, but is impeded by the 
latent heat evolved by nearby main dendrite stalks. 
As growth proceeds, however, into a region of in- 
creasing supercooling and the more favorably 
oriented dendrites begin to pull ahead, not only does 
the lateral growth of the branches on these dendrites 
become faster due to the increasing supercooling but 
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they are no longer impeded by the presence of the 
less favorably oriented neighbors, which have fallen 
behind. The result is that the less favorably oriented 
neighbors can be completely eliminated. 

The question which arises now is whether or not 
there is actually enough initial supercooling for this 
mechanism to operate. Experimental results re- 
ported by Turnbull and Cech® indicated that aluminum 
will nucleate on its oxide at 4842 deg supercooling. 
It is clear that more favorable nucleating centers can 
exist because when molten aluminum was cooled 
slowly in the melting crucible only about 1°C super- 
cooling was observed. It is probable, however, that 
only a few of these favorable nucleating centers are 
present. This is borne out by the extremely large 
grains (of the order of 1 cm) obtained when freezing 
is slow. 

In the Appendix an approximate calculation is 
shown for the temperature distribution at the mold 
wall as a function of time. This calculation indicates 
that the temperature of the liquid at the mold wall 
drops to the probable nucleating temperature (48°C 
below the equilibrium freezing temperature) from 
the freezing temperature in about 0.02 sec. This 
does not allow enough time for growth from the more 
favorable nucleating centers and the less favored 
ones will also operate yielding a considerably finer 
initial grain size. 

Calculation also indicates that when the nucleating 
temperature for aluminum oxide is reached the 
supercooled region extends for 5 mm ahead of the 
mold wall. (At 4.5 mm from the mold wall the super- 
cooling is 0.5°C) It must be emphasized that these 
calculations are only approximate and their main 
purpose is to show that the thermal situation is not 
inconsistent with the theory. 

An attempt was made to detect the presence of 
dendrites at this early stage and result is shown in 
Fig. 20. The small peaks that can be seen do not 
exhibit the characteristic dendrite morphology, but 
this could be due to the high surface tension of 
liquid aluminum which would prevent removal of all 
the liquid upon decanting. 


If the superheat is raised to say 200°C the calcu- 


Fig. 17—99.999 
pet pure Pb 
tricrystal. 
Dendritic growth 
was produced by 
thermal super- 
cooling. The two 
outside grains 
have the 100 in 
the heat-flow 
direction, the 
center grain has 
the 111 in the 
heat-flow direc- 
tion. X5. Reduced 
approximately 


23 pet for repro- | 
duction. 
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Fig. 18—Temperature distribution in the liquid just be- 
fore nucleation as calculated in the Appendix. 


600 


lations indicate that when the liquid metal at the 
mold wall is at the nucleating temperature, the 
supercooled region extends only 0.5 mm ahead of the 
mold wall. This thin supercooled layer does not 
allow enough time for the unfavorably oriented grains 
to be completely eliminated. It could, however, allow 
the more favorably oriented grains to grow somewhat 
at the expense of those whose orientation is less 
favorable. Freezing now proceeds with a plane inter- 
face between the solid and the liquid. From this 
point on grain growth begins to be effective in elimi- 
nating the smaller grains. But, since there was some 
dendritic growth at the start there is a tendency for 
the larger grains to be of a favorable orientation. A 
preferred orientation begins to develop, since on the 
average the large grains will tend to grow larger 
while the small ones disappear. Nevertheless there 
appears to be only a slight tendency to eliminate the 
most unfavorably oriented grains first. This is 
shown in the series of histograms of Fig. 7. 
Dendritic Growth due to Constitutional Supercool- 
ing—The mechanism by which unfavorably oriented 
grains are eliminated appears to be a different one: 
grain boundary deviation only occurs if the dendrite 
systems are diverging. The movement is away from 
that grain which is most favorably oriented so that it 
will grow at the expense of its neighbors in a bicrys- 
tal experiment. Since the two systems are diverging 
the dendrites at the grain boundary will grow away 
from each other making the production of new den- 
drites necessary in the grain boundary region. The 
probable source of these new dendrites are the sec- 
ondary branches which have grown to partially fill 
the space at the grain boundary. However, if the 
misorientation of one system is higher than that of 
the other, the lateral component of growth is larger 
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for the former than the latter, i.e., the system which 
makes the largest angle with the normal to the inter- 
face will have moved furthest from the original grain 
boundary position. Although the new grain boundary 
is still midway between the two systems it will be 
displaced following the dendrites which had the 
larger lateral movement. To a first approximation 
there is an equal probability of the new dendrite 
arising from either of the systems, however, the 
dendrite will be displaced towards the less favorably 
oriented grain since the spacing between the systems 
has increased to accommodate the new dendrite by a 
larger amount of movement on the part of the less 
favored system. The result will be a net movement 
of the grain boundary away from the more favorably 
oriented grain. The latter will grow laterally at the 
expense of the former. 

When two dendrite systems converge the grain 
boundary, on the average, lies parallel to the den- 
drites in the system which is most favorably 
oriented. The reason for this is that now dendrites 
are eliminated at the grain boundary and the ones 
eliminated will be those belonging to the unfavorably 
oriented grains since they will be growing at a 
greater supercooling than their better oriented 
neighbors. The greater supercooling is due to the 
increased rate of growth necessary for the dendrites 
growing at the greater angle to the interface to keep 
up with their more favorably oriented neighbors. 
Since they are growing at a larger supercooling they 
will be behind the dendrites of the other systems, 
will run into them, and will be stopped by them 
(this can be seen in Fig. 14). 

Edmunds’ has investigated the preferred orienta- 
tions in zinc and cadmium ingots in some detail. It 
is interesting to discuss his results in terms of what 
is now known about the role of dendritic growth in 
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producing a preferred orientation. Edmunds found 
that there were two preferred orientations in zinc 
and cadmium ingots; one at the surface with C-axis 
normal to the mold wall, and one in the columnar 
region with the <210> direction normal to the mold 
wall. (In an intermediate zone Edmunds states that 
there is some tendency for a (101) plane to be 
parallel to the surface.) The way in which the pre- 
ferred orientations were determined would favor 
large grains, and the observed preferred orienta- 
tions could represent a preference for a certain 
orientation on the part of the larger grains. 

Weinberg” has found the dendrite directions in zinc 
to be the six <210> directions lying in the basal 
plane. There are some short branches pointing in 
the <001> direction but growth in this direction is 
small compared to growth in the <210> directions. 
Essentially, then, a small crystal in a supercooled 
melt will grow as a flat plate parallel to the basal 
plane. When the zinc was cast the liquid metal at the 
mold wall would presumably have to supercool some- 
what before nucleation would occur. The nucleii 
which grow parallel to the mold wall would produce 
larger grains than nucleii with other orientations. 
These large grains would have a basal plane 
parallel to the mold wall and a preferred orientation 
could be observed to exist on the ingot surface. It is 
likely, however, that grains of other orientations are 
nucleated and are present at the surface, but these 
would be much smaller. If solidification continued 
with a dendritic interface, however, the preference 
would now be for grains with a <210> direction in 
the growth direction (i.e., normal to the mean inter- 
face). If these were able to grow at the expense of 
other less favorably oriented grains, another pre- 
ferred orientation would be produced. It has been 
shown that selection is possible under these condi- 
tions and takes place by the interaction of the 
dendrite branches. The branches which would mainly 
be responsible in this case would be those lying in 
the basal plane since the <001> branches are so 
poorly developed. One would therefore expect the 
favored grains to grow larger mainly by growth ina 
direction parallel to the basal plane, giving them an 
elongated appearance in a section taken normal to 
the columnar direction. Metallographic samples 
taken by Edmunds in this way do, in fact, show some 
tendency for the grains to be elongated in the later 
stages of growth. 

Dendritic growth requires supercooling. Initially 
it is undoubtedly due to the necessity for supercool- 
ing to be present before nucleation takes place. The 
dendrites produced later probably owe their exis- 
tence to constitutional supercooling. Although the 
zinc used was ‘‘special high grade’’ there is enough 
solute in this grade of zinc to induce dendritic 
growth; the solute is present in minute quantities 
but the distribution coefficients are so small that 
even these small amounts are extremely effective. 


GRAIN COARSENING 


It is inherent in the mechanism proposed for the 
establishment of the preferred orientation that there 
should be some grain coarsening; however, it is 
observed that the number of grains decreases and 
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Fig. 20—Aluminum with no superheat cast into a graphite 
mold and decanted as soon as freezing began. 


their average cross section increases with distance 
from the mold wall even when there is no dendritic 
growth, and sometimes even when there is no in- 
crease in preferred orientation. The observations 
suggest that this coarsening corresponds to a re- 
duction of grain boundary area, since the larger 
grains increase in size with distance and the bound- 
aries, which are curved, deviate towards their 
centers of curvature. These two conditions are 
characteristic of grain growth (in the accepted sense 
of the term). There are two possible mechanisms 
which may contribute to the observed coarsening; 
one is that the boundaries move so as to reduce the 
total boundary area after they are formed. The other 
is that they grow with a deviation in the direction 
that causes progressive decrease in area with dis- 
tance from the mold wall. It is not possible to 
eliminate either of these mechanisms on the basis 
of existing experiments. 


CONCLUSIONS 


The preferred orientation present in the columnar 
zone of castings is due to dendritic growth at some 
time during solidification. The dendritic growth may 
either be due to thermal supercooling or constitu- 
tional supercooling. 

Thermal supercooling must be present because of 
the necessity for providing a driving force before 
nucleation can occur. If the thermally supercooled 
zone is long enough, unfavorably oriented grains may 
be eliminated. The mechanism by which they are 
eliminated depends on the production of latent heat 
by the more favorably oriented dendrites. This 
warms the liquid behind them thereby interfering 
with the growth of the less favorably oriented 
dendrites. The length of the supercooled zone which 
is necessary to do this is proportional to the initial 
grain size. If selection is not complete in this first 
stage due to the solidification process, it can still 
continue as a result of a process analogous to grain 
growth. 

The addition of solute may lead to enough con- 
stitutional supercooling to produce dendritic growth. 
The mechanism by which unfavorably oriented 
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grains are eliminated is a different one in this case 
and depends upon the production of new dendrites at 
a grain boundary between two diverging dendrite 
systems. 

An increase in the solute concentration makes the 
preferred orientation develop faster. There are two 
reasons for this. An increase in solute can make the 
initial grain size smaller. It can also make dendritic 
growth due to constitutional supercooling start 
sooner. 

Increased superheat can shorten the initial therm- 
ally supercooled zone, thereby tending to prevent a 
preferred orientation from developing. It can also 
increase the initial grain size. Further, it can de- 
crease the constitutional supercooling by steepening 
the temperature gradients in the liquid ahead of the 
interface. 

Grain coarsening accompanies the production of a 
preferred orientation. Grain growth may also be 
important in increasing the grain size during and 
after solidification. 

If a casting is made of very pure zinc produced by 
zone-refining, the preferred orientation in the 
columnar zone should remain the same as that at the 
surface since there could be no dendritic growth 
after the initial supercooled region is passed. Some 
superheat would be necessary for this supercooled 
region not to be too long. 


APPENDIX 


Temperature Distribution at the Mold Wall—The 
calculation of the temperature distribution at the 
mold wall at various times during and after pouring 
was undertaken for molten aluminum cast in the 
mold shown in Fig. 1. Heat flow is in one direction 
only so that the equation governing same is 


oT = @ oT 

ot Ox 

Where 7 is the temperature, x is the distance from 
the mold wall, ¢ is time, and a is the thermal dif- 
fusivity. The choice of boundary conditions involved 
some assumptions, and was carried out in the fol- 
lowing manner: the initial temperature distribution 
was chosen by assuming that there would be enough 
liquid movement during pouring to establish the 
steady-state temperature distribution in the water- 
cooled aluminum plate. This steady-state distribu- 
tion would have the top surface at the pouring tem- 
perature and the bottom surface at the water 
temperature with the temperature changing linearly 
between the two. The time required to reach this 
steady state was calculated by assuming that the 
whole plate was initially at the water temperature 
and the top surface was abruptly heated to the pour- 
ing temperature and kept there. This time turned 
out to be between 0.02 and 0.04 sec. The assumption 
that the top surface was heated to the pouring tem- 
perature and held there appears to be justified 
since pouring has just begun and there must be a 
great deal of liquid movement during the first few 
moments when the liquid strikes the water-cooled 
plate. The time required to reach steady state is 
So Small that the situation can be regarded as 
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analogous to the case where the molten metal is 
poured on the plate and is not allowed to collect. 

The assumption was then made that all liquid 
movement stops and the change in the temperature 
distribution with time was calculated. Numerical 
methods were used in performing the calculation. 
The differential equation was replaced by the fol- 
lowing difference equation 


T (x, t+ At) -T (x,t) 


At 
= af T(x x,t) -27(,t) + T(x- Ax, t)} 
(Ax)° 
«1g 
(Ax)? 


the expression becomes T(x, t+ At) 
= 1/2 {T(x+ Ax,t)+T(x- Ax,t)} 


The temperature at a point X ata time ¢+ At 

is the average of the temperature at two points 

x+ Sx and x-— Ax at time ¢. It is extremely con- 
venient to use this equation when solving the heat- 
flow problem graphically: if time ¢ is the ordinate 
and distance x is the abscissa T(x, f+ At) is ob- 
tained by connecting T(x+ A x,¢( and T (x-Ax,t ) 
by a straight line. The intersection with the x co- 
ordinate is T(x, t+ At) 

The difference in thermal conductivity between 
solid and liquid aluminum was neglected so the same 
a was uSed in both the liquid aluminum and the 
aluminum plate. The effect of a region of low thermal 
conductivity due to oxide or poor contact between the 
plate and the liquid metal was also ignored. 

The assumption that there is an abrupt change in 
the amount of liquid movement is probably justified. 
When pouring liquid into a container there appear to 
be two stages: 

1) When the liquid is splashing on the bottom of the 
container. 

2) When the liquid has collected in the container 
and prevents the descending iiquid from striking the 
bottom directly. There is an abrupt change in the 
liquid velocity between stage 1 and stage 2 which can 
be demonstrated by pouring water into a glass. 
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The Separation of Rare Earths by lon Exchange 


A complete review of the use of chelating agents in the sepa- 
ration of rare earths by ion-exchange is given as well as a con- 


cise description of the recent pilot-plant operations of the Ames 
Laboratory. The two chelating agents which show the greatest 
promise are ethylenediamine-N,N,N',N'-tetraacetic acid and 
N'-(2-hydroxyethyl) ethylenediamine-N,N,N'-triacetic acid. 


Tue first successful separations of rare earths by 
ion exchange were reported in a collection of papers 
which appeared in the November, 1947, issue of the 
Journal of the American Chemical Society.'-° Some 
of this work was performed at the Ames Laboratory 
of the A.E.C., the remainder at the Oak Ridge Na- 
tional Laboratory. The processes developed at Oak 
Ridge, as well as some of the early Ames methods, 
employed 5 pct citric acid-ammonium citrate eluant 
at low pH and were carried out on either H*-state 
or NHj-state resin beds. These techniques were 
successful for the separation of small quantities of 
either naturally occurring or radioactive rare 
earths and are still used for the isolation of rare- 
earth activities from fission products. Concentrated 
citrate is not economical, however, for use in mod- 
erate or large-scale rare-earth separations. For 
this reason, the Ames Laboratory turned its atten- 
tion to lower concentrations and higher pH’s in or- 
der to make more effective use of the eluting 
agent.'°-'4 Although elutions have been performed 
successfully over a wide range of conditions, 

0.1 pet citrate at a pH of 8.0 is highly recom- 
mended for use on H+-state resin beds.***® Elu- 
tion with 0.1 pct citrate in the pH range from 5 to 9 
brings about the separation of the constituent rare 
earths into a series of flat-topped elution bands 
which progress down the resin bed, head to tail, 
without actually pulling apart as do the rare-earth 
peaks which develop when trace quantities are 
eluted with 0.25M (5 pct) citrate at low pH’s. Be- 
cause of this, elution with 0.1 pct citrate at pH 8.0 
do not produce pure rare earths unless sufficient 
quantities are present to provide developed bands 
which are at least several inches long on the 
columns. 

Although other eluting agents have proved more 
effective than citrate solutions, articles concerning 
the use of citric acid for separating rare earths 
still appear in the literature occasionally. For ex- 
ample, Ketelle and Boyd’’ reported some further 
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studies on the separation of rare earths with 5 pct 
citrate in 1951. They used 270 to 325 mesh 
Dowex-50 columns at 100°C and a pH of 3.28. 

Vickery’® compared the effectiveness of a number 
of eluants for the separation of rare earths on NH{ - 
state Dowex-50 in 1952. He found that citric acid 
was more efficient than acetic, malic, tartaric, and 
aminoacetic acids. 

In 1953, Mayer and Freiling’® reported that citrate 
was inferior to malate, glycolate, lactate, and EDTA 
for the resolution of Sm-Eu and Y-Tb mixtures on 
250 to 500 mesh, NH;-state, Dowex-50 at 87°C. 
Pinta” used 5 pct citrate in the pH range 2.8 to 3.4 
to obtain some rare earths for analytical work the 
same year. Trombe and Loriers™ reported the use 
of citric acid in their laboratory to separate rare 
earths in kilogram quantities. 

Loriers and Quesney™ reported some separations 
with citrate in 1954. They used 5 pct citrate at 
pH 2.8 to separate yttrium and the yttrium-group 
rare earths from the cerium-group rare earths. 
Loriers™ used 5 pct citrate at pH 3.2 and 90°C as 
late as 1956 to isolate thulium in fair purity. 

For the separation of tracer quantities of rare 
earths, Mayer and Freiling’® have recommended 
pH 5.00, 0.24M lactate at 87°C on 250 to 500 mesh, 
NH{-form Dowex-50. Freiling and Bunney™ have 
also employed lactic acid for the separation of 
fission-product rare earths. Cunninghame, Size- 
land, Willis, Eakins, and Mercer” have reported 
a 4-hr separation of Y, Eu, Sm, Pm, Nd, and Pr 
with 1M lactic acid at pH 3.25 on Zeokarb-225 
at 87°C. 

Stewart, et al.,” reported separation factors 
for rare earths distributing between Dowex-50 and 
0.25M glycolic acid. Stewart” also reported a 
30-min separation of Y, Tm, Er, Tb, and Lu trac- 
ers with buffered, 0.25M glycolic acid containing 
0.05 pet Aerosol OT. The resin bed was 400-mesh 
Dowex-50 (X12). The pH of the ammonia-buffered 
eluant was 3.5. 

Various aminopolyacetic acids have also been 
used to obtain varying degrees of separation of the 
rare earths. In 1951, Fitch and Russell” investi- 
gated iminodiacetic acid (IDA) and nitrilotriacetic 
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acid (NTA) as eluants for rare earths. They ad- 
sorbed a mixture composed mainly of Pr, Nd, and 
Sm with traces of other rare earths on a 20 to 35 
mesh, NHt-state Amberlite IR-120 bed and eluted 
first with 0.5 pet NTA at a pH of 5.0 to remove the 
head elements. They then buffered the eluant so 
that it contained 0.25 pct ammonium acetate in addi- 
tion to the 0.5 pct NTA for more rapid recovery of 
the remaining elements, Sm, Nd, Pr, Ce, and La. 
The separation of these elements appears to be 
comparable to separation with 0.1 pct citrate at 
pH 8.0. 

Vickery’® investigated the use of NTA and ethyl- 
enediamine-N,N,N’,N’-tetraacetic acid (EDTA) in 
1952 and compared the results to those obtained 
with acetic, malic, tartaric, and aminoacetic acids. 
He found that NTA and EDTA precipitated on Ht - 
state resin. Examples cited were the use of 5.2 
x 10°* mole pct EDTA at pH’s of 6.8 and 4.2. 
Vickery noted the oxidation of iron from Fe** to 
Fet++ during elutions with EDTA. He found that 
Fe*t+ eluted between Nd and Pr. He suggests the 
use of Fe*t and other common elements as wedges. 

Loriers and Carminati” used NTA to separate 
mixtures of La, Ce, Pr, Nd, and Sm on Dowex-50 
columns at pH’s ranging from 3 to 8, but obtained 
the best results in the more limited region from 
4 to 6. They cite one example where a concentra- 
tion 14 g of NTA per liter and a pH of 4.0 were used 
with promising results. 

Iya and Loriers™ used 2 pct NTA solutions at pH 4 
to separate scandium from rare earths on NHj{-state 
Dowex-50. EDTA gave similar results. 

Mayer and Freiling’® obtained good resolution of 
Y, Eu, and Sm peaks by elution of radioactive trac- 
ers with 0.026M EDTA at pH 3.62 from 250 to 500 
mesh, NH{-state Dowex-50. The temperature used 
was 87°C, 

Holleck and Hartinger™ studied the separation of 
cerite rare earths on Ht-, Nat-, K*-, and NHt-state 
exchangers using EDTA, 1,2-diaminocyclohexane- 
N,N,N’,N'-tetraacetic acid (DCTA), bis(2-amino- 
ethyl)ether-N,N,N’,N’-tetraacetic acid and ethyl- 
acetic acid. Insolubility of the free-acid species of 
some of these eluants limits their usefulness, but 
bis(2-aminoethyl)ether-N,N,N’,N’-tetraacetic acid 
is sufficiently soluble to be used on Ht-state resin 
beds. 

Spedding, Powell, and Wheelwright in early 1954 
solved the solubility problem in the case of EDTA, 
by using retaining ions which formed soluble EDTA 
complexes. Both Fet*+t ** and Cut* ** were used 
successfully. The function of the retaining ion is to 
cause the redeposition of the rare earths on the 
resin bed and transport the chelating agent off the 
column in soluble form. 

Loriers and Quesney”’ used EDTA to complete 
the purification of yttrium after an initial separa- 
tion with 5 pct citric acid at pH 2.8. Loriers™ used 
0.5 to 1.0 pct EDTA to isolate Tm from monazite. 
In this case, final purification was made with 5 pct 
citrate at 90°C. Loriers also used EDTA to sepa- 
rate other yttrium-group rare earths.** 

Fuger*’ recently proposed the elution of rare 
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earths from metallic-state Dowex-50 with eluants 
containing the metal-EDTA complex. The method 
appears to be most useful when radioactive tracers 
are involved. 

Of all the methods described here, the use of 
EDTA as the eluant and copper as the retaining 
ion has proved to be the most successful. This 
process has been developed to the point where 
columns 30 in. in diam and even larger have been 
used to separate large quantities of rare earths 
rapidly and relatively cheaply.” If uses for spe- 
cific rare earths develop, it seems likely that a 
combination of the EDTA process with the use of 
auxiliary chelating agents for certain difficult 
separations may be more economical than using 
EDTA alone. 


PREDICTION OF ELUTION BEHAVIOR 


Powell and Spedding® have been able to use ratios 
of the stability constants of the individual rare- 
earth chelates with both EDTA and N’-(2-hydroxy- 
ethyl)ethylenediamine-N,N,N’-triacetic acid 
(HEDTA) to satisfactorily predict the behavior of 
rare-earth mixtures during elution. The following 
equations are useful for calculating elation behavior 
of binary mixtures: 


K 
R,Ch 


sep. 


Kr, ch 


log K 
(R /R sep. 
log R,/ = m log Keep, 


= stability constant of first rare-earth 
chelate 
= [Ch=] or 


[R,Ch- [Ch=] 
= stability constant of second rare-earth 


chelate 
= [R,Ch]/[Rf++] [ChE] or 
[R,Ch- ]/[R***] [Ch? ] 

= approximate separation factor 

v = minimum number of displacements of 

adsorbed mixture required to effect 

separation 

amount exceeds one (€ = 

mole fraction of the first rare earth in 

the binary mixture 

(R,/R,), = ratio of R, to R, at some reference point 
in the adsorbed band 

(R,/R,) = ratio of R, to R, at another point m the- 
oretical plates or L centimeters further 
down the resin bed 

m = number of theoretical plates between 
the points where ratios (R,/R, ), and 
(R,/R,),, are observed 

L = distance in centimeters between the 

points where ratios (R,/R,), and 

(R,/R,),, are observed 
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h = height equivalent to a theoretical plate 
in centimeters 


This type of calculation is applicable to other 
chelating agents provided the elution is performed 
using proper retaining ions and conditions of pH, 
flow rate, and so forth, which give a compact-band 
type of elution. The separation factors can be 
computed from the stability constants, but the value 
of h tnust be determined by experiment for the par- 
ticular set of conditions used. 

Fig. 1 is a plot of the stability data available at 
the present time for various rare-earth chelates. 
It can be seen that knowledge regarding the com- 
pounds formed between rare earths and complexing 
agents is limited. Consequently, a great deal of 
work along these lines needs to be done before the 
ultimate separation scheme can be developed. 


COMMENTS CONCERNING VARIOUS AMINOPOLY- 
ACETIC ACIDS AS ELUANTS FOR RARE 
EARTHS 


Nitrilotriacetic Acid (NTA)—The H,Ch species of 
NTA is sparingly soluble in water. In order to per- 
form bulk separations, a retaining ion like Cut* is 
useful, but recycling the eluant would be difficult. 
Although the separation factors are small, NTA 
could be used to separate both light and heavy rare 
earths. From the stability constants one would 
predict that the intermediate rare earths would 
separate poorly and yttrium would elute in the re- 
gion of samarium, europium, and gadolinium. 

In experiments testing the use of Cu** as a re- 
taining ion in elutions with 5 pct NTA, the authors 
have obtained good separations of neodymium from 
praseodymium at pH’s of 6 and 9. 

N '-(2-hydroxyethyl)ethylenediamine-N,N,N’- 
triacetic Acid (HEDTA)—The H,Ch species o 
HEDTA is quite soluble in water permitting the use 
of H* ion as the retaining ion and easy recycling of 
the reagent. Somewhat limited solubility of the RCh 
species at the heavy end of rare-earth series re- 
stricts eluant concentration, generally, to not more 
than 5 g of H,Ch per liter. Separation factors are 
poor in the middle of the series (Sm to Ho), but are 
good at either end. Few common ions fall in the 
rare-earth elution sequence. Excellent resolution 
of lutetium and ytterbium is achieved. Yttrium 
elutes between neodymium and samarium. 

Ethylenediamine-N,N,N’,N’-tetraacetic Acid 
(EDTA)-The H ch species of EDTA is sparingly 
‘soluble in water. A retaining ion such as Cutt is 
necessary for good performance. Concentration of 
the eluant is restricted to less than 0.015M, due to 
only moderate solubilities of both the Cu,Ch and the 
light-rare-earth HRCh species. The heavy HRCh 
species are somewhat more soluble. The pH of the 
eluant is fairly critical when this reagent is used. 
The best pH range for 0.015M solutions is 8.3 to 8.5. 
The separation factors are good, in general, except 
in the case of europium and gadolinium. Although 
the Lu-Yb separation factor is fair, resolution of 
lutetium and ytterbium is not good, probably due to 
a slow exchange rate of the strongly chelated ions. 
A number of common elements fall in the rare- 
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earth elution sequence and must be considered. 
Yttrium elutes between terbium and dysprosium. 
Acid (DCTA)—The H,Ch species of DCTA is spar- 
ingly soluble in water. To perform bulk separations 
a retaining ion like Cut++ would be necessary. Re- 
cycling of the eluant solution would be difficult. 
Separation factors are as good or better than with 
EDTA, but high stability of the chelate species may 
contribute to poor resolution. Yttrium probably 
would elute between terbium and gadolinium. -n 
addition to the above bad features, the cost of 
DCTA is higher than for NTA, EDTA, and so forth. 
Diethylenetriaminepentaacetic Acid (DTPA)—The 
H,Ch species of DTPA is moderately soluble in 
water so that either Cut*+ or H* can be used as the 
retaining ion. The pH of the eluant is not critical. 
The separation factors for the light rare earths are 
good, but inversion of the stability constant se- 
quence occurs at dysprosium.“ This complicates 
separations from samarium to lutetium. Dyspro- 
sium is the first rare-earth element to elute from 
the column, Yttrium elutes between neodymium 
and samarium. 
Bis(2-aminoethyl)ether-N,N,N’,N’-tetraacetic 
Acid—The H,Ch species of bis(2- aminoethyl)ether- 
N,N,N’ ,N’- tetraacetic acid is sufficiently soluble 
to allow H* ion to be used as the retaining ion. 
Consequently, the reagent can be recovered and 
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Fig. 1—Stability constants of various rare-earth chelates. 
The numbers in parentheses are keys to the references 


from which the data was obtained. 
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Fig. 2—Flow of eluant through the pri- 
mary stage of the system during the 
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reused as eluant. While lanthanum, cerium, 
praseodymium, and neodymium separate well 
there is an inversion in the stability constant se- 
quence near the middle of the rare-earth series. 
This causes considerable confusion among the 
members of the group from samarium to lutetium. 
The reagent has not yet been completely evaluated. 
Ethyleneglycol-bis(2-aminoethyl)ether-N,N,N’,N’- 


AMMONIUM SULFATE WASTE SOLUTION OUT 


tetraacetic Acid—This reagent has not been used ex- 
tensively, but elution can be readily carried out on 
Cut+-state resin beds as well as under conditions 
described by Holleck and Hartinger.** The acid is 
only slightly soluble in water so that H* ion should 
not be used as a retaining ion when this reagent is 
used as the eluant. Stability constant data would be 
useful in evaluating the separation potential of this 
chelating agent. 


PRESENT PRACTICES 


If one wishes to prepare pure lanthanum, cerium, 
praseodymium, or neodymium, it is advisable to 
start with a cerium-rich mineral like monazite or 
bastnasite. Although these minerals contain traces 
of all the other rare earths as well as yttrium, they 
cannot be considered prime sources of the heavier 
rare earths. Nevertheless, some of the by-product 
fractions obtained from the commercial production 
of thorium, cerium, and lanthanum from monazite 
contain rather high percentages of samarium, gado- 
linium, dysprosium, and yttrium in addition to 
praseodymium and neodymium. 

On the other hand, if one wishes to prepare the 
less abundant rare earths such as lutetium and 
thulium, or even holmium, erbium, and ytterbium, 
yttrium-rich minerals like xenotime and gadolinite 
are much richer sources than any of the cerium- 
rich minerals. The following account describes the 
operation of a pilot plant used for isolating the in- 
dividual rare-earth components from xenotime. 
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concentration and removai of heavy rare 
earths to an auxiliary resin bed. Columns 
6 to 10 are being regenerated from the 
ammonium to the cupric cycle so that 
elution of the main portion of band can be 
continued on down the system with EDTA. 


Description of the Pilot Plant—~The Ames Labo- 
ratory pilot plant for processing xenotime consists 
of a 50-gal glass-lined Pfaudler reaction vessel 
which is steam-jacketed and equipped with a 100- 
rpm anchor-type agitator, a 300-gal glass-lined 
dissolution tank and a 500-gal rubber-lined storage 
tank. 

The primary stage of the ion-exchange plant 
consists of twelve columns, which are 10 ft high 
and 30 in. in diam, and three auxiliary columns, 
which are 30 in. in diam, but only 4 ft high. These 
columns are all constructed of type 316-ELC stain- 
less steel and are filled with 40 to 50 mesh Amber- 
lite IR-120 (8 pct cross-linked sulfonated styrene- 
divinylbenzene copolymer). The exchange beds are 
about 9 ft tall in the 10-ft columns and about 37/. ft 
tall in the 4-ft columns. Each of these columns is 
equipped with flexible connections so that it can be 
isolated or connected in series, as desired. The 
secondary stage of the ion-exchange plant consists 
of 100 Pyrex columns each 5 ft tall and 6 in. in 
diam. Part of these columns are mounted on per- 
manent bases and the rest are mounted, three to the 
unit, on mobile bases so that they can be moved 
about the plant freely. Each column is filled to a 
height of about 4 ft with 40 to 50 mesh Amberlite 
IR-120. These columns are also equipped with 
flexible connections so that they can either be iso- 
lated or arranged in series. 

The third stage of the plant consists of thirty-two 
4-in. diam Pyrex columns each 5 ft long and filled 
to a height of 4 ft with 40 to 50-mesh Amberlite 
IR-120. These columns are arranged in four banks 
of eight and equipped with flexible connections. 

The eluant and regenerant solutions are prepared 
and stored in a battery of 700-gal stainless steel 
tanks. Constant pressure is maintained in the ion- 
exchange plant by circulating these solutions to con- 
stant head tanks by means of centrifugal pumps. 

Preparation of the Feed Solution—A total of 
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1750 1b of finely pulverized xenotime sand is re- 
quired for each loading of the system and the system 
is reloaded every 60 days. The sand is digested in 
250-1lb batches with 400 lb of 93 pct sulfuric which 
has been preheated to 190°C before addition of the 
sand. After the sand has been added, the tempera- 
ture rises to around 240° to 250°C and is held there 
6 or 8 hr. The digested mass is then flushed into 
the dilution tank where it receives a primary leach- 
ing with about 250 gal of water. All seven batches of 
the material are collected in the dilution tank in 
this way. Then, the whole batch of sludge is 
leached repeatedly to obtain the feed solution for 
the ion-exchange columns. The first leachings are, 
of course, very acidic and must be loaded on the 
system first so that the more neutral subsequent 
leachates will displace the excess hydrogen ion 
from the resin bed. In this way a nearly saturated 
rare-earth band can be laid down on the first four 
beds of the series of twelve 30-in. columns. If the 
columns are loaded in this manner, no H,Ch will 
precipitate when the adsorbed rare earths are 
eluted with EDTA. It is necessary to filter the 

feed solution, of course, but no chemical treatment 
is required prior to loading. 

Regeneration of the Retaining Beds—The rest of 
the 30-in. resin beds, including the shorter auxiliary 
beds, are converted to the Cu++ state with a copper 
sulfate regenerant solution. In order to aid the re- 
tention of lutetium during elution with EDTA, some 
sulfuric acid is added to the copper sulfate which is 
passed through the first retaining column and the 
first auxiliary column upon which the lutetium will 
accumulate before the heavy-rare-earth cut-off is 
made. Unless this precaution is taken, considerable 
losses of lutetium and ytterbium occur by leakage 
through the retaining bed. Apparently, hydrogen ion 
added to the retaining bed increases the rate of ex- 
change between lutetium and cupric ion and sharp- 
ens the overlap region between these ions. When 
present in the copper band, hydrogen ion does not 
cause the formation of H,Ch so that there is no ob- 
jection to using it in this way. 

Elution of the Rare-Earth Mixture—The rare- 
earth mixture is eluted with 0.015M EDTA at a pH 
of 8.4 and a flow rate of 10 liters per minute. This 
causes the adsorbed band to progress down the sys- 
tem at a rate of about 2 ft a day. At the beginning, 
only the four columns of the loading zone, the first 
retaining column and the first auxiliary column, are 
connected in series, see Fig. 2. 

The Heavy-Rare-Earth Cut—After about 6 days all 
of the lutetium, ytterbium, thulium, erbium, and 
about half of the holmium have moved to the front 
part of the adsorbed band and are located on the 
first auxiliary column. It is the usual practice to 
connect three of the 6-in. glass columns in a paral- 
lel arrangement to the bottom of the first auxiliary 
bed in order to determine visually when the stain- 
less steel column is filled with rare earths. When 
the boundary between the copper and the rare earths 
appears on the glass columns, the auxiliary column 
is disconnected from main system and the other 
10-ft columns are connected one after another so 
that development of the main portion of the adsorbed 
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band can continue. The recovery of the heavy rare 
earths, which are adsorbed at this point on the short 
auxiliary column, will be described a little later. 
The Light-Rare-Earth Cut—Elution of the dyspro- 
sium, the yttrium, and the light rare earths is con- 
tinued until the terbium peak” is passing between 


*While the front of the band is moving down the tenth column of the 
series, small amounts of solution are withdrawn at 2-hr intervals from 
the hose that connects columns six and seven. The rare-earth content 
is precipitated by adding oxalic acid and the precipitate is filtered off 
and ignited to the oxide. Terbium is recognized by the brown color of 
its oxide, Tb,O,. The immediate neighbors, yttrium and gadolinium, 
have white oxides. 


the sixth and seventh columns of the main series. 
At this time, the band has moved about one and a 
half times its length down the system and the light 
rare earths, lanthanum through gadolinium, have 
accumulated at the rear edge of the band, 7.e., on 
the sixth column. The eluant feed tube is now 
moved to the top of the seventh column so that the 
light rare earths are left behind while the yttrium, 
dysprosium, and some terbium and holmium are 
eluted on down the system, see Fig. 3. Rather 
than recover the light rare earths at this point, it 
is the practice to couple the sixth column to the 
first column, after the first four columns have been 
reloaded, so that the light rare earths pile up at the 
back edge of the band run after run, see Fig. 3. 
Eventually, sufficient light-rare-earth material is 
accumulated to make its recovery worthwhile and 
fractions are then diverted onto the auxiliary col- 
umns and subsequently onto smaller diameter col- 
umns, so that the individual rare earths can be re- 
covered in high purity. 

The Dysprosium-Holmium Cut and the Recovery 
of Yttrium—After the light and heavy rare earths 
have been cut off, the main band which contains 
yttrium, dysprosium, terbium, and holmium is still 
about 30 ft long. By the time the front edge of what 
remains reaches the bottom of the twelfth column, 
all the holmium and dysprosium, which were not cut 
off with the heavy-rare-earth fraction, will have 
accumulated at the front of the band so that they can 
also be diverted onto an auxiliary column for further 
treatment. After detaching this auxiliary column, 
about 90 pct of the yttrium can be recovered free 
from rare-earth impurities, z.e., as better than 
99.9 pct yttrium. The yttrium eluate is collected 
directly from the twelfth column of the 30-in. series 
in 100-gal fractions and treated with oxalic acid. 
The yttrium oxalate precipitate is filtered off and 
ignited to the oxide for storage. The last few frac- 
tions are either yellow or dark brown, due to the 
terbium which they contain. These can be saved 
for subsequent recovery of terbium or can be added 
to the next charge as recycle material. 

Isolation of the Individual Heavy Rare Earths— 
Meanwhile, the auxiliary column which was used 
to collect the heavy rare earths is coupled to a 
source of HEDTA eluant solution so that the rare 
earths it contains can be eluted down a series of 
6-in. beds. The three glass columns, originally 
connected in a parallel fashion, are reconnected so 
that they are in a series arrangement and connected 
to another series of 6-in. columns which are in the 
hydrogen cycle. The copper remaining on the first 
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Fig. 3—Flow diagram of the elution procedures used in isolating pure rare earths. The first band of rare earths, from 
which the front and rear portions have been diverted, occupies columns 7 to 10 of the main 30-in. set. A new rare-earth 
band has been adsorbed on columns 1 to 4 and column 5 has been regenerated to the cupric cycle. The EDTA eluant is 
entering column 1 via column 6 so that the light-rare-earth fraction from the first run is being combined with the light- 
rare-earth fraction from the second run. The heavy-rare-earth fraction from the first run, which was isolated on the 


first short auxiliary column by EDTA elution, is now being e 


retaining ion on the smaller columns is H* instead of Cu 


three beds keeps the EDTA in solution while it is 
being flushed from the system by the new eluant. 
H,CuCh passes through H*-form beds without de- 
composition so that H,Ch does not precipitate. Any 
copper not removed while the EDTA is being flushed 
out subsequently forms a band which pulls away 
from the rare earths under the influence of HEDTA, 
so that this copper can be removed from the system 
without loss of rare earths. The eluant used for 
isolating lutetium, ytterbium, thulium, and erbium 
is 0.018M in HEDTA and has a pH of 7.5, which 
corresponds to the pH of a 0.018M solution of 
(NH,),HCh. For elution down the first fifteen col- 
umns a flow rate of 500 ml is used, but a flow rate 
of 200 ml per min is used to elute the band down the 
last ten columns. When the front of the band reaches 
the bottom of the twenty-fifth column, the adsorbed 
rare earths fill twenty-two columns or about 88 ft 
of resin bed. The front column contains most of the 
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luted down a series of 6-in.diam resin beds with HEDTA. The 
(see text for details about switching eluants). 


lutetium, the next eight columns contain most of the 
ytterbium, thulium is concentrated on about a col- 
umn and a half, and erbium occupies a little more 
than eight columns. The other three columns con- 
tain unresolved holmium and dysprosium, yttrium, 
and some uranium. By sampling between columns, 
it is possible to locate six or seven columns which 
contain only pure ytterbium and seven or eight 
which contain only pure erbium. In order to save 
time, these columns are stripped rapidly with EDTA 
solution and the ytterbium and erbium recovered. To 
enhance the resolution of the minor elements, lute- 
tium, and thulium, the columns containing these 
elements are connected to separate series of 4-in. 
diam columns, the flow rate is decreased and elu- 
tion with HEDTA is continued. With lutetium a final 
flow rate of 25 ml per min is used, whereas, thulium 
is eluted from the 4-in. columns at 50 ml per min. 
The yields of greater than 99.9 pct lutetium, ytter- 
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bium, thulium, and erbium generally run in the 
neighborhood of 90 to 95 pct of the materials avail- 
able in the xenotime concentrate which was loaded 
on the 30-in. columns at the beginning of the run. 

Recovery of Dysprosium and Holmium—The ma- 
terial which was diverted onto an auxiliary column 
at the bottom of the twelfth 30-in. column is eluted 
down a series of 6-in. columns with EDTA solution. 
At first, a flow rate of 500 ml per min is used, but 
after the band has moved down about fifteen col- 
umns, the flow rate is decreased to 200 ml per min. 
Before recovering the dysprosium from the twenty- 
fifth column, the holmium is diverted onto 4-in. 
columns, along with a little dysprosium, in order to 
achieve better resolution of this element. A flow 
rate of 50 ml per min is used for recovering 


holmium from the 4-in. columns. The unresolved 
dysprosium and holmium from the HEDTA sepa- 
ration of heavy rare earths is also recovered by 
eluting down 4-in. columns with EDTA at 50 ml 
per min. The yields of pure dysprosium and hol- 
mium obtained by this procedure are excellent. 


SUMMARY 


The ion-exchange method for separating rare 
earths has been developed to the point where no 
rare earth is beyond the reach or purse of the 
scientist who wishes to study them. Thorough 
investigation of the properties of the pure rare 
earths will surely stimulate demands for these 
interesting elements. 
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A Study of the Mode of Omega Precipitation from a Ti-13 Mo Crystal 


by Use of an X-Ray Precession Camera 


S. A. Spachner and W. Rostoker 


Srupizs of precipitation phenomena by use of 
X-ray diffraction effects have shown that atoms 

of the precipitating phase initially form lattices of 
limited periodicity in two or three dimensions.’»” 
Such diffraction effects are usually plotted in re- 
ciprocal space to facilitate identification. Atomic 
chains, or gratings possessing unlimited periodicity 


S. A. SPACHNER and W. ROSTOKER, Junior Members AIME, are 
Research Metallurgist and Supervisor of Physical Metallurgy, respec- 
tively, Metals Research Department, Armour Research Foundation of 
Illinois Institute of Technology, Chicago, Ill. Work performed under 
Contract No. AF 33(616}2559 for the U.S. Air Force. Taken from a 
thesis submitted by S. A. Spachner to the Illinois Institute of Tech- 
nology in partial fulfillment of the requirements for a Ph.D. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Technical Note 


in only one dimension, cause uniform intensity 
planes in reciprocal space. Platelets, or gratings 
possessing unlimited periodicity in two dimensions, 
cause uniform intensity rods in reciprocal space. 
Such studies have been accomplished by use of 
white radiation (Laue technique) or characteristic 
or monochromatic radiation used with rotating 
single crystal or Weissenberg cameras. Each one 
of these techniques have associated drawbacks. If 
the Laue or rotating single-crystal technique is 
used, the results which are obtained may be am- 
biguous.* Diffraction photograms made with a 
Weissgenberg camera do provide a direct but dis- 
torted representation of the variation of diffracted 
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Fig. 1(a)—(001)* 
zero level of Ti- 

13 Mo single crys- 
tal. 


intensity over an area of a plane in reciprocal 
space. Such information must be replotted to cor- 
rect for this distortion. 

The use of an X-ray precession camera for 
studies of metallic precipitation circumvents dif- 
ficulties which other methods present. Its prin- 
cipal advantage lies in its ability to present a direct 
undistorted photogram of any plane in reciprocal 
space. Asa result, direct evidence of gratings or 
precipitates possessing limited periodicity in two 
or three dimensions may be obtained. In this study, 
a Ti-13 Mo single £ crystal, known to contain a 
small amount of insuppressible w transition phase, 
was examined for limited periodicity gratings by 
use of this tool. 

Single crystals of Ti-13 Mo were produced by 
annealing 0.050-in. diam rods of the alloy at high 
temperatures, causing large grain growth. The 
grains were then separated from the rods. In 
practice, a 3- by 0.050-in. rod of Ti-13 Mo was 
obtained by centerless grinding 0.375-in. forged 
rod. The rod was then heated in a molybdenum 
element vacuum furnace to 1600° + 25°C, held at 
temperature for 30 min., and quenched by dropping 
the rod through the hot zone onto a cold plate in the 


Fig. 2(2)—(001)* 
rotated 5 deg from 
(001)* zero level. 


Fig. 2(6)—(001)* rotated 10 deg from 
(001)* zero level. 
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Fig. 2(c)—(001)* rotated 20 deg from 
(001)* zero level. 


Fig. 1(6)—(111)* 
zero level of Ti- 

13 Mo single crys- 
tal. 


bottom of the furnace. Crystals obtained by this 
method ran across the rod diameter and could be 
separated by use of a jeweler’s saw. To transform 
any a resulting from this slow quench, the rod was 
reheated in a helium filled tube furnace to 1000°C 
and quenched by flooding the tube with water. 

The crystals so processed were placed in the 
precession camera, oriented about their <110> 
axes, and irradiated with rhodium filtered silver 
radiation. The resulting photograms of the (001)« 
and (111)* zero levels in reciprocal space are shown 
in Figs. 1(a) and 1(b). Rods were detected in both 
cases. They are shown by arrows on the photo- 
grams. The rods marked a were found to be due to 
a precipitate having spacings of the (110) plane of 
the crystal. The 5b rods were found to be due to 
precipitates having spacings slightly less and 
slightly greater than the (200) planes of the crystal. 

An identical effect was observed in a Ti-8 Cr B 
single crystal which also contained a small amount 
of insuppressible w. To check the possibility that 
the rod effects might be due to the white component 
in the characteristic radiation, the Ti-8 Cr crystal 
was reexamined with monochromatic radiation. 
(001)*, (110)*, and (111)* planes were obtained. Al- 
though a curved crystal monochromator was used, 
minimum exposures of 48 hr were necessary. The 
photograms obtained showed the same rods as those 
obtained with characteristic radiation, indicating that 
the rod effect was not due to the white component in 
characteristic radiation. Because of the shorter ex- 
posure times, characteristic radiation was used for 
all other photograms. 

The rod structures obtained on reciprocal lattice 
planes are commonly associated with lattices of 
limited periodicity in one dimension, or platelets. 


Fig. 2(d)—(001)* rotated 30 deg from 
(001)* zero level. 
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It appeared possible that the rods observed were, 
in reality, cross sections of uniform intensity disks 
in reciprocal space. Such disks would be caused by 
platelets having similar interatomic spacings whose 
axis in the thin dimension is perpendicular to the 
<110> zone axis and whose a and 5 axes are at 
arbitrary angles to each other. In an effort to de- 
termine if such a case prevailed, a series of re- 
ciprocal space photograms was obtained whose 
common horizontal axis was the <110> zone axis 
(as was the case with the (001)* plane photographed), 
but which were inclined at angles ranging from 1 to 
30 deg from the (001)* reciprocal lattice plane pre- 
viously photographed. A 10-deg precessing angle 
was used. This angle was sufficient to cover the 
area in which rods had previously been observed 
and enabled extremely high intensity photography 

of the area with an exposure time of 24 hr. The 
results of three such exposures are shown in 

Figs. 2(a), 2(b), 2(c), and 2(d). The rod structure 
observed on a zero level (001)* lattice plane did 

not disappear. Several other spots made their 


appearance and remained in evidence during suc- 


Tertiary Recrystallization in Silicon Iron 


High-purity silicon iron may secondarily recrystallize toa 


cessive rotations of the reciprocal lattice. This 
indicates that there are partial disks of uniform 
intensity in reciprocal space whose spacing in one 
dimension is that of the (110) plane of the parent 
matrix. 

The real space interpretation of this phenomenon 
is as follows: 

1) Precipitate platelets exist which possess a 
variety of orientations with respect to each other 
which can be represented as a pole figure sym- 
metric about the [110] zone axis in the parent 
crystal. 

2) The precipitate particles in the as-quenched 
state, therefore, do not possess a rigorous (h,k,!,), 
[h,k,1,] relationship to planes of the matrix. This 
is at variance with the generally accepted behavior 
of precipitation. 
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cube texture. On prolonged heating this texture may be replaced 
by a (110) [001] texture. This phenomenon is called tertiary re- 


crystallization. A difference in surface energy. between (100) and 
(110) surfaces provides a driving force for growth of tertiary 


grains. 


S1LIcoN-iron under certain conditions of process- 
ing and annealing will form a cube texture. The 
occurrence of this texture in thin tapes of silicon 
iron was first reported by Assmus, Detert, and 
Ibe.’ They concluded that the cube texture in their 
material formed by a secondary recrystallization 
process. In the course of present investigations on 
the development of the cube texture and the mecha- 
nisms involved in its formation by secondary re- 
crystallization it was found that under certain con- 
ditions the cube texture was replaced by a cube-on- 
edge or (110) [001] texture. We call this phenomenon 
tertiary recrystallization since it follows secondary 
recrystallization. The secondary recrystallization 
occurs after primary recrystallization and a sub- 
stantial amount of normal grain growth. 

It is the purpose of this paper to describe briefly 
the occurrence of tertiary recrystallization and the 
structure and texture prior to and after tertiary 
recryStallization. The primary and secondary re- 
crystallization structures and textures are the 
subject of another study and will be referred to 
briefly in the discussion of results. Evidence will 
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be presented for the view that the dominant driving 
force for tertiary recrystallization is derived from 
the surface free energy which depends on the 
crystallographic planes presented to the gas-metal 
interface. In the absence of boundary restraining 
forces (dispersed phases, thermal grooves, and so 
forth) a sufficiently large difference in surface free 
energy across a grain boundary would produce 
boundary migration away from the center of curva- 
ture of the boundary intersection line in the surface 
of the sample according to Fisher.” Therefore, 
particular attention was paid to observation of the 
direction of motion of these surface boundary lines. 
Furthermore, measurements of the actual boundary 
curvatures could bé used to estimate the driving 
force supplied by surface free energy. 


EXPERIMENTAL PROCEDURE 


Samples were prepared by hot and cold-rolling 
vacuum-melted ingots of iron containing 3 pct Si to 
strips 0.012 and 0.006 in. thick. The ingots con- 
tained less than 0.005 wt pct impurities. The rolled 
strips were cut into samples approximately 1 in. 
wide by 3 in. long and were electropolished to re- 
move surface imperfections. All samples were 
annealed in a vacuum at a pressure of approxi- 
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cube secondary grains. X1.5. Reduced approximately 35 
pet for reproduction. 


mately 5 x 10°*mm of Hg at temperatures of 1000°, 
1100°, and 1200°C. After the anneal the samples 
were macroetched to determine extent of secondary 
and tertiary recrystallization. Orientations of 
individual grains were determined by microscopic 
examination and X-ray diffraction techniques. A few 
samples were not etched after the anneal and these 
were used to determine the direction of motion of 
the grain boundaries during growth and to determine 
boundary curvatures. 

Two methods were used to determine the direc- 
tion of motion of the boundaries at the surface: 1) 
When an electropolished sample was annealed it was 
found that successive positions of the boundary (as 
well as the final position) often were recorded by 
thermal grooves. In this way a number of configura- 
tions were seen which indicated boundary migration 
apparently away from the center of curvature. 
Several of these areas were photographed prior to 
reannealing the sample. 2) A comparison of photo- 
graphs of the same area taken before and again after 
the reanneal clearly showed a new boundary position 
as well as the old position. Thus the second method 
confirmed the results obtained by the first method. 
The three-dimensional shape of the boundary was 
determined by obtaining a cross section of the 
boundary parallel to the direction of motion. As ob- 
served in cross section, a boundary curvature cor- 
responding to migration toward the center of 
curvature would be expected for a surface free- 
energy driving force, but not for a volume Strain- 
energy driving force. 


EXPERIMENTAL RESULTS 


Structures and Textures—Figs. 1 through 6 are 
typical of the structures observed during the course 


Fig. 3—0.006 in. sample annealed 16 hr at 1100°C, (110) 
grains and a few cube secondaries. X1.5. Reduced approx- 
imately 35 pet for reproduction. 
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Fig. 2—0.006 in. sample annealed 8 hr at 1100°C. Cube 
grains and (110) tertiary grains. X1.5. Reduced approx- 
imately 35 pct for reproduction. 


of tertiary recrystallization. Figs. 1 to 4 are repre- 
sentative of the structures obtained in 0.006-in. thick 
samples annealed at 1100°C, while Figs. 5 and 6 
represent 0.012-in. thick samples annealed at 
1200°C. When the time of annealing is long enough 
to produce a relatively strong cube texture, but short 
enough to avoid tertiary recrystallization, the 
structure has the appearance shown in Fig. 1 (5 hr at 
1100°C) and Fig. 5 (3 hr at 1200°C). The large grains 
comprising the major portion of the sample have the 
cube orientation. The smaller grains are near the 
(110) [001] orientation as shown in Fig. 7. This 
figyre is a plot of the (100) poles of ten of the 
primary grains remaining after secondary recrystal- 
lization of the sample shown in Fig. 1. 

When the time of annealing is longer the cube 
component is weaker (a smaller fraction of the tex- 
ture) and the (110) [001] component becomes stronger 
as shown in Fig. 2 (1100°C for 8 hr) and Figs. 3 and 
4 (1100°C for 16 hr). Finally when the annealing 
time is sufficiently long, the structure consists en- 
tirely of (110) [001] grains as shown in Fig. 6 


(1200°C for 16 hr). Fig. 8 is a plot of the cube poles 
of twenty-five grains of this sample after the com- 
pletion of tertiary recrystallization. 

Boundary Migration—Fig. 9 is a photograph of the 
surface of a sample annealed for 3 hr at 1200°C. The 
area selected illustrates migration of a boundary 
away from its center of curvature ina region under- 
going tertiary recrystallization. The old positions of 
the boundary are faint but the final position is 
sharply defined. Fig. 10 is a photograph showing the 
old position of the boundary between a (100) grain and 
a (110) grain and also the new position of the bound- 
ary after a l-hr reanneal at 1200°C. Whether the 
cooling and reheating affected the migration of the 


Fig. 4—0.006 in. sample annealed 16 hr at 1100°C, (110) 
grains and a few cube secondaries. X1.5. Reduced approx- 
imately 35 pct for reproduction. 
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Fig. 5—0.012 in. sample annealed 3 hr at 1200°C. Cube 
secondary grains and (110) primaries. X1.5. Reduced 
approximately 35 pct for reproduction. 


boundary from the initial position is not known at 
present. However, the fact that the old boundary 
groove is more sharply defined than other old bound- 
ary grooves indicates that the boundary remained in 
the initial position for a relatively long time before 
migration continued. Old and new boundary posi- 
tions are readily distinguishable by the shape of the 
thermal groove; the bottom of the groove of a 
vacated boundary position is flat whereas the groove 
containing a boundary is ‘‘v’’ shaped. 

The surface planes of the two grains illustrated in 
Fig. 10 were as follows: (110) within 2 deg of the 
plane of the sample for the growing grain and (100) 
within 2 deg for the grain being invaded. The center 
of curvature of the boundary line in the surface 
therefore was within the (110) grain, and the radius 
of curvature was 1.0 cm. However, the center of 
curvature for a cross-section view of the same 
boundary was seen to be within the (100) grain and 
the radius of curvature here was 0.2 cm, Fig. 11. 
The boundary cross section was taken parallel to 


the direction of migration at the surface. A 


ROLLING DIRECTION 


* (100) POLES 
4 (10) (oo) 


Fig. 7—(100) poles of ten primary grains remaining after 
secondary recrystallization. 
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Fig. 6—0.012 in. sample annealed 16 hr at 1200°C, (110) 
tertiary grains. X1.5. Reduced approximately 35 pct for 
reproduction. 


schematic three-dimensional view of the boundary, 
showing the shape of the boundary with the growing 
grain removed, is given in Fig. 12. 

The role of a surface-energy driving force will be 
treated in the discussion. 


DISCUSSION 


Identification of Tertiary Recrystallization— From 
the above description of the course of events two 
essential features of tertiary recrystallization 
appear: a) there is a change of preferred orienta- 
tion and b) this change occurs after secondary re- 
crystallization is nearly complete. A definition of 
tertiary recrystallization cannot be given along 
general lines covering changes in grain structure 
alone as may be given for primary recrystallization 
or normal grain growth. Thus a change in texture 
becomes an integral part of the identification of 
tertiary recrystallization. Secondary recrystalliza- 
tion in general also incurs a change in texture coin- 
cident with a change of grain structure. For tertiary 


ROLLING DIRECTION 


* (100) POLES 
4 (110) (001) ORIENTATION 


Fig. 8—(100) poles of twenty-five grains after tertiary 
recrystallization is complete. 
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Fig. 9—Series of grain boundary grooves illustrating 
successive positions of boundary between growing (110) 
grain and (100) grain. X500. Reduced approximately 45 
pet for reproduction. 


recrystallization to occur the potential tertiary 
nuclei must be present in the matrix after or during 
secondary recrystallization just as nuclei must be 
present in the primary recrystallization matrix for 
secondary recrystallization to occur. However, un- 
like secondary recrystallization nuclei, the nuclei 
for tertiary recrystallization can be easily seen, 
identified, and counted. 

Kinetic data for samples of the present kind have 
yet to be obtained to determine the precise course 
of tertiary recrystallization. If potential tertiary 
grains (nuclei) begin their final growth at a critical 
size, there should be a period of slow growth, then 
a period of rapid growth as the tertiary grains be- 
come larger, and finally a reduction in growth rate 
as the tertiary grains impinge on one another. 
Tertiary recrystallization would be complete only 
when all grains belonging to the strong component 
of the secondary texture are removed. 

Boundary Curvature-Driving Force—The differ- 
ence between the surface curvature, Fig. 10, and the 
curvature of the interior boundary, Fig. 11, corre- 
sponds to the net boundary curvature. The driving 
force on the boundary is the product of the curvature 
and the specific grain boundary energy. Assuming a 
figure of 1000 ergs per sq cm for the Jarge-angle 

‘grain boundary energy in silicon-iron®* then the cal- 
culated snet driving force is approximately 4000 ergs 
per cm*. The origin of this driving force in the 
direction of boundary migration for the present case 
is believed to be derived from the difference in sur- 
face free energy between the two grains. 

Grain Boundary and Surface Interactions—For a 
stationary grain boundary, thermal grooving at the 
surface tends to develop an equilibrium configura- 
tion as depicted in Fig. 13. If y; is the surface 
energy of grain A at the junction and y,; is the 
surface energy of grain B, the relationship given by 
Smith* or by Chalmers, Shuttleworth, and King® 
becomes 


x sin a [1] 


The groove angle 6 would be approximately 160 deg 
for a large-angle grain boundary if the ratio of sur- 
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face to boundary energy is about 3:1 as for silver® 
and for copper. 

In the derivation of Eq. [1] it was assumed that 
grain boundary energy and surface energy were 
independent of orientation. This assumption is not 
strictly valid. The surface energy may vary con- 
siderably with small changes in orientation® and an 
equation of the Herring type is required. Thus 


ava 
cos 6 — sin 6 a6 + COS w= COS € 


— sine = [2] 

expresses the condition of equilibrium parallel to 
the surface when y,, does not depend on orientation. 
Since no data are available for the dependency of 
surface energies in a iron, the orientation depend- 
ency terms will be dropped. The terms y, and }/ 
will be replaced by % and y, respectively, the 
latter terms expressing the surface energies in the 
plane of the surface, Fig. 13. Both cos € and cos 6 
are expected to be near unity. Thus only an approxi- 
mate solution can be obtained from the resulting 
equation, 
% % = [3] 

The angle w made by the intersection of the bound- 
ary with the specimen surface, Fig. 11, was meas- 
ured at a magnification of X250. The average value 
of twenty readings (five for each boundary angle) was 
85.9 deg with a deviation of 0.8 deg. Substituting this 
value for w in Eq. [3] and setting % 3 equal to 1000 
ergs per sq cm results in a value of approximately 
70 ergs per sq cm as the difference in surface 
energy between (110) planes and (100) planes. 

According to Eq. [3] w will be less than 90 deg 
when y, — y, is not zero. Referring to Fig. 13 it will 
be seen that the boundary starts at the angle w and 
then becomes curved in order to meet the opposite 
surface in a way satisfying Eq. [3]. Consequently the 
surface energy driving force is seen to be trans- 
ferred into the specimen via a curved grain bound- 
ary. If the boundary curvature approximates the arc 
of a circle then y ~ t/2 cos w where t is the thickness 
of the cross section. The value of ¢ was 0.028 cm. 


| 

~ 

- 
~ 


Fig. 10—Initial and final grain boundary positions as a 
result of a reanneal at 1200°C. X100. Reduced approxi- 
mately 45 pct for reproduction. 
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Therefore vy would have the value 0.195 cm. The good 
agreement between the measured value of 0.2,cm for 
the boundary shown in Fig. 11 and calculated values 
indicates that the boundary is roughly circular in 
shape. 

Unlike the usual grain boundary energy driving 
force case where grain boundary area decreases, 
growth caused by surface energy differences may, 
under certain conditions, produce an increasing 
grain boundary area provided the sum of surface 
and grain boundary energy decreases. 

The above value for surface energy difference 
between the two grains is not unreasonable. 
Fricke® calculated the free energies of (100) 
and (110) surfaces of a iron at 25°C and obtained 
values of 3,959 and 2,996 ergs per sq cm respec- 
tively for a difference of 963 ergs per sq cm. It 
may be expected that these values and possibly the 
difference may be lower at temperatures of the 
order of 1200°C. It is interesting to note that the 
calculated values of surface energy for a iron and 
silver as well as the presently measured differ- 
ences in silicon iron show that the high-density 
planes have lower surface energy, i.e., (110) for 
silicon-iron and a iron’®(b.c.c.) and (111) for silver” 
(f.c.c.) 

Surface Energy Driving Force—Consider a bi- 
crystal of rectangular shape. The two crystals A 
and B have surface energies y, and y, respec- 
tively and y% > y, . Growth of grain A results in 
a decrease in energy if the boundary area is held 
constant. If the width, }, of the bicrystal is large 
compared with the thickness, ¢t, end effects may be 
neglected and the following relations written; 6F 
is the total free energy released as the boundary 
moves a distance 5x and sweeps out a volume 6v. 
Part of the free energy, L, may be required to 
overcome surface obstacles such as thermal 
grooves, and so forth. Assume that the remainder 
is dissipated uniformly in the volume so that the 
grain boundary assumes nearly a cylindrical shape 
having a radius, y. Then yz /r is the volume 
dissipation of energy. 


Since - 6F= (% ) 2b5x 
and 6v = btix 


Fig. 11—Radial 


shown in figure 
10. X250. 
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Fig. 12—Three-dimensional schematic view of shape of 
grain boundary between the growing (110) grain (removed) 
and the (100) grain. 


and — 5F/6vis the total free energy released per 
unit volume, it follows that 


= [4] 
When the boundary is moving away from its center 
of curvature in the surface of a sample but toward its 
center of curvature in the radial cross section, part 
of the total free-energy change is converted into 
boundary energy and only the remainder is released. 
Thus the value 7 in Eq. [4] is the radius of curvature 
in the radial cross section. It was shown previously 
that y was related to w reasonably well by the rela- 
tion ry = (t/2)cos w. Substituting into Eq. [4] gives 


The right-hand term is the available driving force 
and is seen to increase as ¢t decreases if the surface 
losses are independent of thickness. Since L=0 the 
above equation reduces to 


[8] 


[5] 


If the surface losses in the present work are negli- 
gible the approximations made to obtain Eq. [3] from 
Eq. [2] are valid. 

Critical Radius of Curvature—A bicrystal specimen 
with grain A (of circular shape) surrounded by grain 
B is unstable; boundary migration will convert the 
specimen into a single crystal of either orientation 


> 


AB 


Fig. 13—Schematic view of cross section of thermal 
groove and grain boundary. 
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A or of orientation B depending on the initial diam- 
eter of grain A. Thus there is a critical size for 
grain A which must be exceeded if grain A is to grow. 
More precisely there is a critical shape as well as a 
critical size corresponding to a situation involving an 
equilibrium of forces in the radial direction. We 
shall idealize the situation by neglecting surface 
losses. Under these conditions equilibrium at the 
surface requires that the grain boundary and surface 
meet at the angle which satisfies Eq. [3]. The grain 
boundary surface energy is a minimum when the 
boundary area is a minimum. The correct shape for 

- this surface of minimum area is the catenary of 
revolution and is best described in cylindrical co- 
ordinates as follows: 


Y = cosh 

where Z is perpendicular to the surface of the speci- 
men and ¢ is the radial coordinate in the plane of the 
specimen. At the center of the sheet thickness 
(z=0) r= %, and this may be called the critical 
radius of grain A. To find this dimension 7,, note 
that the slope dyfdz at the surface (z = t/2) is the 
reciprocal of tan w which is known from Eq. [3]. 
Since d7/dz = sinh t/2y, at z equal to t/2, it follows 
that 


Gao: [7] 
Solving for t/27, and 7, results in the expression 
% = 
log é + COS 

I -cos w 
or 
= 
2(cos w + cos’ w + -) [8] 


If cos w is small, the cos* w term and higher power 
terms may be neglected. Thus 


Y% = : 
¢ 2 cos w [9] 


If ¥% - ¥% /%giS substituted for cos w (from Eq. [3] the 
following relationship is obtained: 


- %) 
[10] 
The first term in Eq. [10] is recognized as the driv- 
ing force on the boundary in the plane where z = 0 
directed toward the center of curvature. There must 
be an equal and opposite driving force with a curva- 
ture of 1/r, in a radial plane parallel to z which has 
its origin in the difference in surface energies. This 
force is represented by the right-hand term of Eq. 
[10] and is the same expression as that obtained in 
Eq. [4] when L = 0. The diameter of grain A should 
decrease if y < % and should increase if r > ~ 
provided no other forces act on the grain boundary. 
The critical size of grain A decreases if the grain 
has m sides, i.e., if it has m neighbors each with 
surface energy ». A first approximation is obtained 
on the assumption that three grains meet at junction 
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angles of 120 deg. Let R be the radius of the circle 
that circumscribes grain A. According to Smith”® 


| 
sin on - 30 
[11] 


Substituting in Eq. [2] gives the radius R* of the 
circumscribed circle which would be critical. 


R=r 


360 
Yap - 30) 
B A sin ry [12] 


which is valid only for = 2, 3, 4, and 5. There is no 
critical radius for ” >6. For m equal to 4 or 5, R* 

is smaller than x by factors of about 3 and 4 re- 
spectively. The smaller critical radius of an m -sided 
grain may be important for the initiation of tertiary 
recrystallization. 

Primary and Secondary Recrystallization Textures— 
A brief account of events preceding tertiary recrys- 
tallization and some tentative explanations of these 
events may be made. The cold-rolled texture has a 
relatively strong (111)[112] component. The recrys- 
tallization texture, which is enhanced by normal 
grain growth, is (110) [001] with spreads of up to 30 
deg about the rolling direction as an axis. The [001] 
directions are generally near the rolling direction. 
Normal grain growth may increase the grain size by 
factors of 5 to 10. After this growth the majority of 
the grains are relatively perfect in terms of pres- 
ence of subgrain structures as revealed by etch-pit 
techniques. The state of perfection appears to elimi- 
nate the possibility of growth proceeding by migra- 
tion of more perfect grains into those of higher 
internal energy. This concept was discussed by Dunn 
and Koch"’ based on arguments presented earlier by 
Rathenau and Custers.~ The grains have diameters 
larger than the sheet thickness and normal grain 
growth should cease according to the thickness effect 
advanced by Beck etal.*® 

Evidence for considerable retardation of grain 
growth prior to and during secondary recrystalliza- 
tion was obtained by study of thermal groove records 
of old boundary positions observed after secondary 
recrystallization has occurred. This thermal groov- 
ing may be the cause of the thickness effect’ and the 
latter under certain conditions may be an important 
factor in secondary recrystallization. 

The question of why the cube grains are the nuclei 
for secondary recrystallization is not answered in 
the present paper; the problem is currently under 
investigation and will be discussed in later reports.* 

*Mullins!8 suggested that surface energy at the gas-metal interface 
probably is important in the development of secondary recrystallization 
textures. Walter and Dunn!9 presented evidence for a surface energy 
driving force for growth of cube criented nuclei in silicon iron that 

oduces the cube texture by secondary recrystallization and the (110) 
001] texture by tertiary recrystallization (see also Walter2%). Detert?! 
believes that surface energy is an important factor in the formation of 
the cube texture in silicon iron. 

The texture after secondary recrystallization is 
strongly cubic, i.e., a (100) plane in the plane of the 
sheet (deviations of up to 4 deg from the plane of 
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the sheet) and [001] directions generally within 20 
deg of the rolling direction. Along with the cube 
secondary grains are a few small grains of the (110) 
[001] orientation, which are not removed by the (100) 
grains during secondary recrystallization. The 
presence of these grains after secondary recrys- 
tallization has occurred is explained in the following 
section. 

Origin of (110) [001] Nuclei for Tertiary Recrys- 
tallization— The critical radius of curvature ac- 
cording to Eq. [9] and the present results is equal to 
seven times the sheet thickness. A grain having a 
diameter greater than 14 ?, or of 3 or 4¢ if the 
grain has four or five neighbors, cannot be removed 
by the (100) secondary grains. Grains of critical 
size therefore can develop by normal grain growth 
even before secondary recrystallization has oc- 
curred. 

For secondary recrystallization to occur in 
general it is necessary to have a relatively stable 
matrix. Matrix stability is usually established by a 
dispersed phase or a strong matrix texture. The 
first of these is probably negligible in the present 
material. The second effect undoubtedly is impor- 
tant but is probably aided by the thickness effect 
which may have as its cause the formation of 
grooves at the surface. Our own observations in- 
dicate that thermal grooving does help to establish 
matrix stability prior to the onset of secondary 
recrystallization. 


SUMMARY 


High-purity silicon iron under certain conditions 
of processing and annealing will undergo secondary 
recrystallization to a cube texture. On prolonged 
heating the secondary recrystallization texture may 
be replaced by a cube-on-edge or (110) [001] tex- 
ture. The nuclei for tertiary recrystallization are 
found to exist as primary grains remaining after 
secondary recrystallization. 

By direct observation of the direction of motion of 
the boundaries between (100) secondary grains and 


A Method for Growing Bicrystals of Copper 


J. Intrater and E. S$. Machlin 


In a study of grain boundary sliding in superpure 
Copper (99.999 pct),* bicrystals of a specific shape 
were used, Fig. 1. That shape was adopted in order 
to minimize the deformation of grains on both sides 
of the boundary due to clamping. Another require- 
ment was to obtain bicrystals with a microscopi- 
cally straight boundary, Fig. 2. 

Single crystals of predetermined orientation 
(growth axis parallel to <310>) were grown in a 
graphite mold from seed crystals. The apparatus 
for growing single crystals consisted of a vacuum 
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the growing (110) tertiary grains it was decided that 
the driving force for tertiary recrystallization was 
derived from the difference in surface free energy, 
the growing (110) grains having lower surface 
energy than the (100) secondary grains being con- 
sumed. The difference in surface energy calculated 
from curvatures of these boundaries is approxi- 
mately 70 ergs per sq cm. 

Since the difference in surface energy favors the 
growth of grains having (110) planes in the plane of 
the sheet, the failure of these grains to act as nuclei 
for secondary recrystallization is probably found in 
the lack of mobility of these grains in the primary 
matrix. 
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Technical Note 


system, argon purification train, vycor tube (in 
which a graphite mold was placed), a carriage for 
the induction coil,and a Lepel (7-1/2 KW) high-fre- 
quency converter. The graphite mold was heated by 
induction and the charge in turn was heated by con- 
duction. The induction coil was moved by means of 
a motor at a speed of 1 1/2 in. per hr. 

Single crystals of two different orientations were 
grown from the melt in one-half of a split graphite 
mold, Fig. 3(a). Two such crystals were then placed 
in contact with each other in another split mold, 
Fig. 3(6) using tapered inserts. The pair of crystals 
was then remelted starting 2 in. from the top to in- 
sure that the whole top portion of the crystals was 
maintained molten. By moving the induction coil 
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Fig. 1—Type of 
copper bicrystal 
specimen. Un- 
etched. X25. Re- 
duced approxi- 
mately 35 pct for 
reproduction. 


Fig. 2—Grain 
boundary area of 
copper bicristal. 
HNO; etch, X12.5. 
Reduced approxi- 
mately 35 pct for 
reproduction. 


vertically upward at a speed of 1 in. per hr a bi- 
crystal was obtained. It was found that the inserts 
must be tapered in order to minimize the strain at 
the contracted section of the bicrystals during 
solidification. Many specimens grown without 
tapered inserts had grain boundaries which either 
bulged out in one direction or assumed an ‘‘S’’ 
shape. Those boundaries did not straighten out 
upon subsequent anneal at 1000°C for a few days. 


High-Purity Tantalum 


7 


(a) (6) 
Fig. 3—Schematic drawings of graphite molds for growing 
a) single and 5) bicrystals. 
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Pure tantalum has been prepared using the ‘‘iodide’’ process 
in a modified de Boer deposition bulb. Analyses and workability 
were used as criteria of purity. In addition, the condensed solid 


iodide phase was isolated and identified by chemical and X-ray 


powder-diffraction methods. 


VAN Arkel? prepared ductile tantalum by the ther- 
mal decomposition of tantalum pentachloride on a 
resistively heated wire (2000°C) in an evacuated bulb 
maintained at 100°C. Burgers and Basart” * ob- 
served the formation of a mixture of tantalum car- 
bide and free metal when a carbon deposition base 
was used. Campbell‘ suggested the thermal decom- 
position of the iodide if a lower decomposition tem- 
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R. F. Rolsten 


perature was desired. To date, the details for pre- 
paring high-purity iodide tantalum have not been dis- 
closed. 


EXPERIMENTAL 


The tantalum to be purified was symmetrically 
placed around the clear quartz deposition surface 
centrally located within a 64 mm cylindrical Vycor 
bulb. The deposition vessel usually employed® was 
modified® by incorporating a reentrant finger in 
place of the customary metal filament in the head 
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Table |. Analysis of lodide Tantalum 


Hardness,* 
¢ N H O Si Bhn 
Ta-Feed 0.0035 pct 0.027 pct 0.0050 pct 0.077 pct <0.01 pet 90-105 
0.0031 
Ta-3 0.001 0.010 0.0004 0.044 ~ 73-75 
Ta-3-F 0.006 0.012 0.0006 0.013 = ~_ 
Ta-4 0.006 0.007 0.0003 0.006 <0.01 60-64 
Ta-5 0.001 0.009 0.0004 0.006 <0.01 56-60 
0.0004 0.007 
Ta-6 0.002 0.005 0.0004 0.006 <0.01 55-57 
0.0002 0.002 
Ta-7 0.002 <0.001 0.0002 0.006 <0.01 53-55 
0.0005 0.007 
*500-kg load. 


assembly of the deposition bulb. Iodine was re- 
frigerated in a side tube while the crude tantalum 
was vacuum-outgassed at 800° to 825°C. A pres- 
sure of less than 107° mm Hg at 800°C was held 
for at least 48 hr; the unit was then cooled to 140° to 
180°C under vacuum, and iodine was vaporized into 
the deposition bulb. Deposition temperatures were 
measured with a calibrated platinum-platinum 10 pct 
Rh thermocouple located in the center of a helical 
nichrome wire heating element inserted into the 
reentrant finger. The tantalum was deposited 
directly onto Vycor or clear quartz without con- 
tamination (<0.01 pct Si). Solid phase (deposition 
bulb) temperatures were measured with radiation- 
shielded thermocouples situated at the wall of the 
deposition bulb. In addition, radiation-shielded 
thermocouples were located in the air space be- 
tween the deposition bulb and the inside wall of the 
furnace and registered temperatures 90° to 95°C 
lower than at the wall of the deposition bulb. The 
temperatures reported here are those measured 

at the wall of the deposition bulb. 

At the termination of an experiment, the tantalum 
deposit was heated at reduced pressure to decom- 
pose or volatilize any tantalum iodide condensed on 
it. This was necessary in order to eliminate any 
oxide contamination as a result of hydrolysis of the 
tantalum iodide on exposure to the atmosphere. The 
presence of many small inaccessible crevices 
between adjacent crystals prevented removal of the 
oxide simply by flushing with distilled water. Fur- 
ther, this vacuum treatment at elevated temperature 
eliminated the use of etchants. 


The quartz tube with the tantalum deposit was 
compressed between polished stainless steel (No. 
316) plates. The ductile deposit deformed while the 
quartz tube shattered and thus provided an easy 
method of separation. 

Commercially available,’ high-purity tantalum 
sheet (feed) was used as starting material. The low 
hardness of 90-105 Bhn (500-kg load) may possibly 
reflect the low level of interstitial contamination in 
the commercial tantalum as given in Table I. Feed 
material of this quality was warranted in the present 
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investigation in order to determine the optimum 
operating conditions, since the rate of deposition was 
pressure-dependent. That is, it was desirable to 
eliminate from the tantalum feed all volatile inter- 
stitial contaminants, such as hydrogen, and metallic 
impurities which form volatile iodides since they 
would contribute to the total pressure of the system. 
For the maximum deposition rate, for a given set of 
experimental conditions, the gas phase must con- 
sist of only tantalum iodide. 

The temperature of the deposition bulb was ad- 
justed to iodinate selectively, and the deposition 
temperature to decompose selectively. This com- 
bination of conditions, which was dependent upon the 
type and quality of crude material, determined 
whether the process was a useful refining operation. 
For example, in experiment Ta-3, in which the 
product was little better than the feed material, the 
high bulb temperature no doubt activated impurities 
(origin unknown) in the tantalum feed and thus in- 
creased their concentration in the gas phase. 

Representative samples of the tantalum feed 
material, as-deposited tantalum (Ta-3, -4, -5, -7), 
rolled sheet (Ta-3-F), and arc-melted ingot (Ta-6) 
were analyzed for carbon with a Leco 515 Con- 
ductometric Carbon Determinator, for nitrogen by 
the micro-Kjeldahl procedure, and hydrogen and 
oxygen by vacuum fusion using a platinum bath at 
1900°C. 


RESULTS AND DISCUSSION 


It is apparent from the analytical data sum- 
marized in Table I that the interstitial impurity 
level of nitrogen, hydrogen, and oxygen in the de- 
posit was significantly reduced from that found in 
the tantalum feed. This fact may be further sub- 
stantiated by the low hardness values determined on 
20 to 35-g buttons prepared by arc melting in an 
atmosphere of gettered (titanium-zirconium alloy) 
argon. A water-cooled copper hearth and a tungsten 
electrode were employed. 

The carbon contamination in the feed tantalum of 
0.003 pct was reduced in experiments Ta-3, -5 
(0.001 pct) and Ta-7 (0.002 pct) but increased in 
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experiment Ta-4 (0.006 pct). The reason for this 
increase is not known. Sample Ta-3-F was prepared 
by melting and rolling a sample prepared in experi- 
ment Ta-3. This may account for the increase in 
carbon content in Ta-3 of 0.001 pct to 0.006 pct in 
Ta-3-F. 

The oxygen content of 0.044 pct in the as-de- 
posited tantalum prepared in experiment Ta-3 was 
significantly decreased to 0.013 pct by arc melting 
at reduced pressure. In additional experiments, with 
tantalum from various sources, the oxygen content 
and hardness were significantly decreased by sub- 
jecting the sample to four melts of 3-min duration 
at reduced pressure. The initial level of carbon 
contamination precludes the removal of oxygen 
through the formation and vaporization of CO. Thus, 
it appears that the tantalum-tantalum oxide system 
is very similar to that of the columbium-columbium 
oxide system® and these metals can be purified by 
methods such as arc melting with an inert or a 
consumable electrode at reduced pressure, drip 
melting, or zone refining. 

The rate data for deposition of tantalum and 
columbium from sheet-feed material are summar- 
ized in Table II. The deposition element was 0.72 in. 
in diam. It is evident that the rate of deposition of 
tantalum is somewhat different from that for 
columbium. This may be explained by the difference 
in stability and/or volatility of the metal iodides. 
Not to be overlooked, however, is the fact that depo- 
sition may occur from a different iodide species even 
though the experimental conditions for both tantalum 
and columbium are identical. The tantalum iodides 
are discussed in the next section. A report on the 
iodide-columbium process and the columbium 
iodides will be published at a later date. 

Tantalum Ta-3 was prepared at a rate of 0.00017 
moles cm ™ hr ~™ with a decomposition and bath 
temperature of 1000° and 357°C, respectively. A 
sample of the rough and dull-appearing tantalum de- 
posit was arc-melted into a button that was 0.59 in. 
in diam and 0.261 in. thick. It was rolled at room 
temperature to a flawless 4-mil sheet without inter- 
mediate annealing. This sheet, after cooling in 
liquid nitrogen, could be repeatedly bent double 
without cracking even at this low temperature. This 
-indicated that pure tantalum, like pure columbium® 
can be mechanically worked at room temperature 
without deleterious effects and exhibits bend 
ductility at about -—196°C. 

A yield of 139 g was obtained, Ta-4, at a decom- 
position and bath temperature of 1000° and 280°C, 
respectively. The deposit was of uniform hardness 
of 60 to 64 Bhn as determined on arc-melted ingots 
(direct) or on as-deposited material (converted from 
Rockwell A). This low hardness may reflect the ex- 
tremely low level of interstitial contamination; for 
example, 0.006 pct O, 0.003 pct H and 0.007 pct N. 
Samples of as-deposited and arc-melted tantalum 
were found to have a very clean microstructure 
(at X750 the specimen was single phase) and to be 
free of voids. The latter fact was further sub- 
stantiated from the pycnometric density values of 
16.45 and 16.52 g cc~* which are in excellent 
agreement with the accepted® density value of 16.6 g 
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Table Il. Rate of Tantalum and Columbium Deposition from the 
Thermal Decomposition of Their lodides 


Rate of Depo- 
sition Moles 
Experiment Bulb Temp Decomp Temp Cm Hr! 
Ta-3 387°C 1000°C 0.00017 
Cb 357 1000 0.00032 
Ta-5 311 1100 0.00053 
Cb 311 1100 0.00056 
Ta-7 383 1000 0.00335 
Cb 383 1000 0.00084 
Ta-12 495 1100 0.00080 
Cb 495 1100 0.00070 


cc’. These were obtained by evacuation of the 
pycnometer bulb containing the as-deposited tan- 
talum sample and distilling, under vacuum, absolute 
carbon tetrachloride onto the tantalum. Material 
from experiment Ta-4 was converted to the pentoxide 
and qualitatively analyzed spectographically (com- 
plete burn) with the following results. 


Ca, Cu, Fe, Mg, Cb, Si — less than 0.1 pct 

Al, B, Pb, Zr — presence questionable 

Ag, As, Au, Ba, Be, Bi, Ca, Co, Cr, Ce, Ge, Hg, In, 
Ir, Mn, Pb, Sb, Sn, Sr, Ti, Zn — not detected. 


This further indicated the high degree of purity of the 
deposited iodide tantalum. 

A yield of 282 g at a rate of 0.00053 moles cm™* 
hr~ was obtained, Ta-5, at a decomposition and bath 
temperature of 1100° and 311°C, respectively. The 
level of interstitial contamination was again very low 
and the deposit was quite soft. An arc-melted ingot 
(56 Bhn, 500-kg load or 74 Knoop) was machined to a 
rectangular shape of 200 mil in thickness. Since this 
sample of tantalum was found analytically to be of 
high purity, it was rolled at —196°C without inter- 
mediate anneal, to a flawless 9-mil strip. Reduction 
per pass was 10 mil. The purity of a metal directly 
affects the ease with which it can undergo plastic 
deformation at a given temperature. This specimen 
of tantalum underwent considerable plastic deforma- 
tion which indicates the brittle-ductile transition 
temperature for tantalum of this purity level must be 
below —196°C. The microhardness of the unannealed 
strip was 203 on the Knoop scale (0.1 kg load), which 
can be converted to the approximate value of 158 on 
the Brinell scale. This indicates that pure tantalum 
can be mechanically worked without the difficulty of 
severe work hardening. Samples of the 9-mil sheet 
were heated for 1 hr in vacuum at temperatures 
from 200° to 1050°C. Tantalum with the specified 
amount of cold work was observed to undergo a 
Knoop hardness change, 203-cold worked, 176 at 
700°C and 157 at 1050°C, but there was no evidence 
of recrystallization. The deposit (Ta-5) in contrast 
to Ta-3, Ta-4, was composed of small but well-de- 
fined crystals. This crystallinity can probably be 
attributed to at least two factors: the increase of 
deposition temperature permitted a faster migration 
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of atoms; and the small inperceptible crystals had a 
greater opportunity to develop since more metal was 
deposited. 

Forty grams were prepared, Ta-6, at a decompo- 
sition and bath temperature of 1000° and 310°C, 
respectively. Unfortunately, the bottom of the depo- 
sition bulb was operated at 240° to 245°C, which per- 
mitted the iodide to condense in this region and re- 
sulted in a low deposition rate. The deposit was dull 
and rough, but melted into an ingot composed of ex- 
tremely large grains or crystals (some as large as 
1/2 in.). This ingot of 55 to 57 Brinell was easily 
rolled to 10-mil sheet at room temperature without 
intermediate annealing. This clearly demonstrates 
that large crystal growth in extremely pure tantalum 
(also columbium) is not metallurgically undesirable 
contrary to the case usually found with metal of 
greater impurity content. 

Tantalum, Ta-7, was prepared at the high depo- 
sition rate of 0. 00335 moles cm™ hr™ at a decom- 
position and bath temperature of 1000° and 383°C, 
respectively. Carbon, nitrogen, and hydrogen were 
significantly reduced in comparison to the feed 
material. This substantial increase in deposition 
rate, as compared to experiment Ta-3, can be ex- 
plained by the increase in bath temperature (26°C 
higher in experiment Ta-7) and possibly also by the 
presence of an unknown volatile impurity within the 
deposition chamber in experiment Ta-3. This is 
indicated in the analytical results shown in Table I, 
where the oxygen contamination of the tantalum 
prepared in experiment Ta-3 was 0.044 pct while 
that prepared in experiment Ta-7 was 0.006 pct. 

In summary, pure tantalum can be prepared 
(refined) at decomposition and bath temperatures of 
1000° to 1100°C and 240° to 495°C, respectively. The 
decomposition temperature of 1000°C, although not 
the minimum, is one half that of the previously re- 
ported’ value. The limits for the optimum operating 
conditions have not been precisely established, but it 
is evident that these limits may be broad, judging 
from the purity of the deposit obtained at different 
rates. This behavior could be attributed to the 
presence in the system of a possible oxyiodide of 
very low volatility, at least insofar as oxygen trans- 
fer is concerned. 

The extreme crystallinity of the deposit prepared 
in experiments Ta-5 and -7 may be explained as 
follows. Assume the deposition process has been 
permitted to take place for some period of time and 
a projection is formed on the surface of the deposit. 
The outer part of the crystal must have a lower 
temperature than the remainder of the deposit. 
Iodine formed at another place will contact the outer 
and colder point of the crystal and the projection 
must disappear. However, if the temperature of the 
deposit is very high, even the tip of the projecting 
crystal must be hot enough to decompose the 
tantalum iodide and the projections must grow. In 
addition, the depressions will be starved of iodide. 
That is, the iodide can only enter these depressions 
by diffusion and on the way the greater part of it 
will be decomposed, while the projections are ex- 


posed to a much larger concentration of iodide vapor. 


In this region there will be little mixing of gas, 
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iodide and iodine, and iodine released as a result of 
the decomposition must diffuse out. This combina- 
tion of high iodine and low iodide concentration at the 
depression, with the reverse concentration effects at 
the protrusions, will enhance the growth and develop- 
ment of these projecting crystals. It has been shown 
in many experiments in which iodide columbium was 
prepared’® that the projection continued to grow nor- 
mal to the axis of the primary deposition surface 
until the tip of the projection became too cool for 
decomposition of iodide (about 700°C). At this time, 
the growth became normal to the axis of the pro- 
jection and parallel to that of the original deposition 
surface. Moreover, the deposit at this location is 
usually a grey, loogely-bound powder of high surface 
area. 


TANTALUM IODIDES 


The condensed solid iodide was removed from the 
deposition bulb in a dry box at the termination of ex- 
periments Ta-5, -6, and -7. A sample of the gas 
phase was obtained from the deposition bulb during 
experiment Ta-7. 

The solid iodide removed from the bulb after 
experiment Ta-5 gave a clear, green, aqueous solu- 
tion that became colorless with a white precipitate 
when permitted to stand in air. Tantalum was 
determined on freshly prepared samples of the 
iodide by. igniting the oxide in air, and iodine by the 
modified® Volhard technique. The analytical values 
of 26.65 pct Ta and 73.02 pct I indicate the com- 
pound Tal, ,, The total of 99.67 pct accounts for 
some deviation from pure Tal, _,, which contains 
26.27 pct Ta and 73.73 pct I. The solid iodide re- 
moved from the deposition bulb, Ta-7, consisted of 
a mixture of lower iodides (Talz,2) as based on 
chemical analyses: 

Found: 39.12 pct, 39.31 pct Ta; 60.85 pct I; Calc. for 
Tal,, 32.21 pct Ta; Calc. for Tal,, 41.61 pct Ta. 
The gaseous species from which deposition occurs 
was removed from the deposition bulb in experiment 
Ta-7 and found to be Tal, by chemical (22.94 and 
22.78 pct Ta) and X-ray analyses. The solid iodide 
removed from the deposition bulb in experiment 
Ta-6 did not look like that removed from previous 
experiments. That is, the Ta-6 material was bronze 
while the iodide from experiment Ta-5 was black to 
deep brown. The solid was unequivocally Tal,, as 
concluded from comparison of the X-ray powder 
diffraction and single crystal data and also the 
chemical analyses: 

Calc. for Tal,: 22.18 pet Ta; 77.82 pct I; Found: 
22.59 pct, 22.62 pct Ta; 78.06 pct, 77.77 pct, 
78.06 pct, 77.74 pct I. 

A discussion and characterization of Tal, and 
Tal, were recently reported. 


A sample of the mixture of lower iodides (Tal, ,,) 
was pulverized in an agate mortar and hermetically 
sealed in a 0.2-mm Lindemann glass capillary tube. 
This was mounted in a 114.6-mm camera and ex- 
posed 24 hr to the K-a (A= 1.5418A) radiation of 
copper with an open port and two nickel filters over 
the film. The observed d-spacings (A) and visually 
observed intensities are: 
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8.19-S; 17.44-M; 6.42-M; 4.90-F; 4.02-F; 
3.75-M; 3.15-S; 2.96-M; 2.89-M; 2.77-M; 
2.73-M; 2.62-S; 2.45-M; 2.38-M; 2.30-M; 
2.22-M; 2.17-M; 2.10-M; 2.07-M; 2.05-M; 
2.02-M; 2.01-M; 1.96-M; 1.89-M; 1.81-M; 
1.78-M; 1.77-M; 1.71-M; 1.62-M; 1.48-M; 
1.44-F; 1.39-F; 1¢32-M; 1.31-M; 1.29-F; 
1.26-F; 1.24-M; 1.21-M; 1.19-M; 1.15-M; 
1.14-F; 1.11-M; 1.08-M; 1.05-F; 1.04-F; 
1.03-M; 1.02-M; 1.00-M; 0.881-M;0.872-M; 
0.871-M; 0.865-M; 0.850-M; 0.848-F; 0.836-M; 


0.824-F; 0.811-F; 0.805-F. 


Before an explanation of the formation of these 
iodides is offered, it is necessary to discuss the 
temperature profile inside the deposition bulb. 
Shapiro” measured the variations in the tempera- 
ture of zirconium sponge used as feed material 
during deposition on a zirconium filament at 1450°C. 
Although the bath temperature was maintained at 
280°C, the temperature of the feed sponge adjacent 
to the retaining screen and facing the filament rose 
to 700°C, and the sponge in the center of the bed 
attained an intermediate temperature of about 525°C. 
In view of this result, the fact that the rate of de- 
position remained constant at a given bath tempera- 
ture strongly indicated that the vapor pressure of 
the iodide species, which is determined by the 
coldest spot in the vessel and remains constant for 
a given bath temperature, fixed the rate of deposi- 
tion at a given deposition temperature. 

In experiment Ta-6, with a bulb temperature of 
240°C, the temperature of the tantalum at the 
molybdenum retaining screen would be at least 
300°C. This temperature permitted the tantalum to 
combine” with gaseous iodine to form the penta- 
iodide, which was not reduced to a lower iodide 
under these conditions. The pressure of the penta- 
iodide was quite low, with the deposition bulb 
operated at 240°C, and resulted in the low depo- 
sition rate. As the bulb temperature was increased, 
as in experiment Ta-5, the tantalum feed became 
more chemically active and reduced the pentaiodide 
to TaI,. Not to be overlooked is the deposition tem- 


C. Elbaum 


Ir a thin layer of liquid gallium is spread on a sur- 
face of solid aluminum, the gallium penetrates high- 
angle grain boundaries at a very rapid rate and 
separation along these boundaries follows. An ex- 
periment was carried out to investigate this phe- 
nomenon. A well-annealed specimen of aluminum 
99.994 pct pure, consisting of several large grains 
was used, Fig. 1. The dimensions of the sample were 
25 mm wide by 2.5 mm thick and all the grain bound- 
aries extended through the entire thickness of the 

C. ELBAUM is associated with Division of Engineering and Applied 
Physics, Gordon McKay Laboratory, Harvard University, Cambridge, 


Mass. 
Manuscript submitted September 19, 1958. IMD 


476-VOLUME 215, JUNE 1959 


perature of 1100°C which changed the temperature 
profile of the system. That is, the tantalum at the 
retaining screen was more chemically active when 
the deposition surface was maintained at 1100°C than 
when it was operated at 1000°C. With a further in- 
crease in bulb temperature, as in experiment Ta-7, 
the Tal, can either react with the tantalum feed to 
form Tal, or can disproportionate to Tal, and Tal,. 
The Tal, must be involved in the reaction either by 
disproportionation to Talz and Tal, or reaction with 
the tantalum feed. These postulates seem to have - 
been realized since Tal, was found in the gas stream 
and the solid species was a mixture of the lower 
iodides. In additional experiments, the solid re- 
moved from the deposition bulb and which analyzed 
as Tal, 2 (mixture of iodides) was heated in a Pyrex 
glass tube at reduced pressure to 383°C (the tem- 
perature of the deposition bulb during experiment 
Ta-7) and Tal, was again volatilized. The lower 
iodides must exert some vapor pressure under the 
experimental conditions of experiment Ta-7. If they 
were not volatile, the feed surface would be coated 
with the lower iodide and prevent further reaction to 
form a volatile iodide. In addition, if the lower 
iodides were not volatile, all the iodine would be tied 
up as a nonvolatile solid. In either event, the de- 
composition process would cease after a finite time 
since there would be no iodide vapor in the deposi- 
tion bulb. 
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‘ Aluminum Grain Boundary Attack by Liquid Gallium 


Technical Note 


plate. This sample was prepared by strain-annealing 
and, as can be seen in Fig. 1, contained one long, 
straight boundary. An examination of the crystal 
orientations showed this boundary to be a coherent 
twin boundary. The angular misorientations between 
the grains forming the other boundaries were all in 
excess of 20 deg. 

A thin layer of liquid gallium was spread on one 
side of the specimen at about 30°C (the melting point 
of gallium is 29.7°C). After the application of the 
liquid the temperature was lowered to about 27°C. 
The gallium remained liquid at this temperature and 
it can be seen from the Al-Ga phase diagram’ that 
the liquid was probably saturated with aluminum. 
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Fig. 1—Large grain polycrystalline Al specimen before the 
application of liquid Ga. 


After several hours the gallium had diffused 
through all the grain boundaries, but not the twin 
boundary. Each individual grain could then be sepa- 
rated from the rest by applying a tensile force of the 
order of several grams. Unlike the high-angle grain 
boundaries, the twin boundary did not separate and 
appeared to have remained unaffected by the liquid 
gallium. Fig. 2 shows the grains after separation. 
This photograph was taken on the side opposite to 
the one on which the gallium was originally applied, 
20 hr after this application. It should be noted that 
in 20 hr the gallium penetrated through the bound- 
aries and a visible layer of the liquid spread by sur- 
face diffusion over a distance of about 2 mm on each 
side of the boundary. 

In order to determine an approximate rate of dif- 
fusion of gallium in aluminum grain boundaries, a 
Similar experiment was performed with a bicrystal. 
The time necessary for penetration of gallium over 
a known distance (the thickness of the specimen) in 
the boundary was measured and it was assumed that, 
to a first approximation: 


x =vDt 


where x is the distance of penetration, D the diffusion 
coefficient, and ¢ the time. 

By substituting the measured values for time and 
the distance of penetration, which were 11 hr and 0.6 
cm respectively, the diffusion coefficient D was found 
to be ~ 10~° sq cm per sec at approximately 27°C. 
This is a value of D usually encountered in diffusion 
in liquids,” and is several orders of magnitude larger 
than the values of D for grain boundary diffusion re- 
ported in the literature.” The observed phenomenon 
is thus probably controlled by diffusion in the liquid 
rather than by diffusion in the grain boundary. This 
Situation would arise if the saturation concentration 
of aluminum in liquid gallium with respect to a 
general aluminum surface is lower than with respect 
to a high-angle aluminum grain boundary. The 
gallium in contact with an aluminum grain boundary 
would dissolve an amount of aluminum in excess of 
the saturation concentration with respect to the 
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Fig. 2—Reverse side of specimen shown in Fig. 1 after 20 
hr exposure to liquid Ga at 27°C. 


general aluminum surface. This excess would be 
deposited on the surface and the process would thus 
be controlled by the rate at which aluminum can 
diffuse in liquid gallium. The process would end 
when the grain boundary is replaced by a layer of 
liquid. 


THE INTERFACIAL ENERGIES 


It is obvious from these experiments that liquid 
gallium, possibly saturated with aluminum, replaces 
an aluminum grain boundary. This fact indicates that 
the liquid gallium-solid aluminum interfacial energy 
is less than half the grain boundary energy, 7.e.: 


2 < [1] 
where y,, is the solid-liquid interfacial energy and 
Y%p is the grain boundary energy. The absence of the 


penetration effect in the case of the twin boundary 
indicates that: 

2%, > rp [?] 
where y,.,, is the twin boundary energy. This result 
could be expected even though the ratio of the coher- 
ent twin boundary energy to the average high-angle 
grain boundary energy in aluminum is probably 
higher than in any other fcc metal, as evidenced by 
the rarity with which annealing twins occur in 
aluminum. The absolute value of the coherent twin 
boundary energy in aluminum is also known to be 
higher than in many other fcc metals. This view is 
supported by the very limited extent to which stack- 
ing faults form in aluminum. 

McLean* reports, on the basis of Fullman’s work, 
that in aluminum 0°21 and = 120 ergs 
per sq cm, hence y, B= 600 ergs per sq cm. From 
relations [1] and (2f, by substituting the above values 
it follows that the interfacial energy: 


60 ergs per sq cm< %r 


< 300 ergs per cm 
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Iodide columbium was prepared by the thermal decomposi- 
tion of columbium iodide(s) on an indirectly heated quartz sur- 
face. The metal was deposited on and easily removed from the 
quartz surface without contamination. Various commercial 
grades of columbium were used and, in all cases, the columbium 
deposited was considerably purer than the commercial material. 
Typical analyses of three pounds of iodide columbium are: 

0.033 — 0.059 pct O; 0.001 — 0.005 pet N; and 0.001 ~— 0.005 


pet C. 


Some of the results of melting columbium at reduced pres- 


sure, results of rolling arc-melt buttons at -196°C, change of 


hardness,and grain growth at various annealing temperatures 


are discussed in a cursory manner. 


Tue preparation of pure metals by the thermal de- 
composition of volatile halides was developed by 

de Boer’ and van Arkel.* This has proved to be a 
useful technique for the refining of columbium, the 
mechanical and physical properties of which are 
seriously altered by such interstitial contaminants 
as oxygen, nitrogen, hydrogen, and carbon. 

The conventional deposition surface of a resis- 
tively heated metal filament was replaced, Fig. I, 
with an indirectly heated clear quartz surface. The 
impure columbium (feed) was contained in the an- 
nular space between the Vycor deposition bulb and 
the perforated molybdenum retaining cylinder. 
The head assembly was attached to the deposition 
bulb by fusing the Vycor at ‘‘A’’. This unit was then 
connected to a vacuum system composed of a three- 
turn glass coil to eliminate fracture due to vibra- 
tion or expansion, a McLeod gage, a cold trap, a 
two-stage mercury diffusion pump, and a mechanical 
pump. The entire system was cold outgassed, and 
the 10 to 20 g of iodine in the auxiliary bulb (reser- 
voir) was held in dry ice to prevent excessive loss 
of iodine. The columbium was hot outgassed at 800° 
to 825°C with the pressure maintained at 10~* to 107° 
mm Hg for 48 hr and cooled under vacuum to 200° to 
240°C. Iodine was sublimed from the reservoir and 
collected in the deposition bulb. The feed material 
temperature was adjusted to give the desired iodide 
vapor pressure and the finger temperature of 1000°C 
was independently attained and measured with a 
platinum-platinum 10 pct Rh thermocouple located 
in the center of the nichrome wire helical heating 
element, ‘‘F.’’ The system was attended until tem- 
perature equilibrium was established, whence it 
operated without attention. This is a definite ad- 
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R. F. Rolsten 


vantage over the conventional ‘‘hot-wire’’ technique 
which required either constant attention or automatic 
control. 

In operation, the iodine vapor originally introduced 
into the vessel reacted with the crude metal to form 
a columbium iodide. This iodide vapor diffused to 
the hot deposition surface where it thermally de- 
composed, depositing columbium and releasing 
iodine. This liberated iodine then diffused back to 
the crude columbium where iodide was formed again. 
Thus, by repetition of this process, the iodine 
carried pure columbium from the crude material to 
the filament, where it deposited. 

The success of the ‘‘iodide’’ process in producing 
ductile metals depends on preventing the transfer of 
oxygen, nitrogen, hydrogen, and carbon from the feed 
material to the deposit. In many cases relatively 
minor quantities of these interstitial contaminants 
impair the ductility of metals. The material pro- 
duced by the iodide process has such exceptional 
ductility that it is frequently and mistakenly assumed 
that iodide metal is always of very high purity. This 
assumption is not necessarily true since a number of 
metallic impurities can also be transferred. In the 
present investigation, the temperature of the feed 
material was adjusted to iodinate selectively and the 
deposition temperature adjusted to decompose the 
iodides selectively. By this technique, some metals 
present in the feed material were prevented from 
codepositing with the columbium. 

It is quite important to have the feed material 
symmetrically located around the deposition surface 
in order to obtain a uniform deposit at the maximum 
rate. For example, Runnalls and Pidgeon*® observed 
that, when the base of a titanium filament was about 
1 cm from the feed material, deposition was rapid 
on that section close to the feed, but that the rate 
decreased with distance from the feed so that a 
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Fig. 1—Apparatus for preparation of iodide columbium. 


tapered bar was formed. In addition, they observed 
that when the distance of the base of the deposition 
surface was increased to 10 cm, growth was fairly 
uniform over the entire length. Since the length of 
the diffusion path exerted such a pronounced effect 
on the deposition rate, Runnalls and Pidgeon con- 
cluded that the rate of diffusion of iodine to the feed 
was of extreme importance. A detailed report on the 
kinetics of the thermal decomposition of columbium 
iodide will be published shortly. 

Fig. 2(@) is a photograph of an iodide-columbium 
deposit on quartz at a magnification of one. The 
material deposited initially on the quartz deposition 
surface formed a dense envelope of columbium. The 
thickness of this envelope depended on the quantity 
of metal deposited, but the surface was always com- 
posed of crystalline agglomerates. The size of these 
agglomerates varied from the very fine crystals 
that composed the surface of the envelope to the 
large crystals that appeared as protrusions. Fig. 
2(6) is a photograph of one of these large crystal- 
line agglomerates or protrusions at a magnification 
of 21. The pycnometric density of both the dense 
envelope and the crystalline agglomerates was found 
to be 8.53, 8.53, 8.52, and 8.54, 8.52, 8.52, 8.51 ¢ 
cc”, respectively, which are in excellent agreement 
with the accepted* density value of 8.57 g cc™?. 

Fig. 3 is a photograph (X'750) of the microstruc- 
ture of one of these crystalline agglomerates and 
clearly shows the material to be single phase. 

Not all deposits were of the same crystal shape. 


Fig. 3— Micro- 
structure of pure 
columbium. X750. 
Reduced approxi- 
mately 48 pct for 
reproduction. 
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Fig. 2(4)—Columbium crystals. X21. Reduced approxi- 
mately 20 pct for reproduction. 


In some experiments, a rod-like growth, Fig. 4, was 
observed with the direction of growth normal to the 
axis of the quartz deposition surface. This deposit 
was composed of loosely knit crystals although the 
individual rod-like growths exhibited bend ductility. 
In the initial work, before an ample quantity of 
feed material was available, the possibility of adding 
an inert material to increase the bulk was explored. 
This was necessary in order to maintain uniform 
distribution of the feed by preventing the bed level 
from dropping during the deposition run and to 
minimize the quantity of columbium utilized. Care- 
fully purified, granular barium chloride was found 
to be a satisfactory inert material, offered no change 
in operational procedure, and appeared to confer no 
objectionable qualties on the deposit. Typical re- 
sults from four experiments are given in Table I. 
Experiments 7 and 9 were made with the same lot of 
crude columbium (sintered powdered pellets) at the 
same deposition temperature in deposition bulbs of 
identical geometry. The only difference in these 
duplicate experiments was the presence of 22 g of 
purified, granular BaCl, in experiment 9. In ex- 
periment 7, in the absence of BaClz, the deposit 
contained 0.131 pct O, 0.006 pct N, and 0.0002 pct H 
while in experiment 9, in the presence of BaCl,, the 
deposit contained 0.063 pct O, 0.001 pct N, 0.0008 pct 
H, and 0.001 pet C. The interstitial contamination of 
the columbium deposits can be compared with the 
crude material which contained 0.435 pct O, 0.018 
pct N, 0.0021 pct H, and 0.0050 pct C. It is obvious 
that the deposit obtained in experiment 7 is sub- 
stantially purer than the crude material from which 
it was prepared, but also that the deposit obtained in 
experiment 9 in the presence of BaCl, is not only 
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Fig. 2(2)—Columbium deposit. 
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posit exhibited a small hardness gradient from top 
to bottom (see experiment 21) which was reflected in 
the variable oxygen contamination. In experiment 9, 
a columbium deposit having a hardness of 37 
Rockwell A (87 Bhn) was obtained from sintered 
powder pellets having a hardness of 70 Rockwell A. 
The oxygen contamination was reduced seven-fold 
(from 0.435 to 0.064 pct) and nitrogen reduced 
eighteen-fold (from 0.018 to 0.001 pct). The initial 
carbon contamination of 0.050 pct was lowered to a 
level which could not be detected, <0.001 pct. 


Columbium was analyzed for nitrogen by the E 
micro-Kjeldahl method, carbon with a Leco No. 515 A 
Conductometric Carbon Determinator, and oxygen E 
and hydrogen by the vacuum-fusion technique employ- F 
Fig. 4—Rod-type growth of as-deposited columbium. X30. ing a platinum bath at 1900°C. A 
Reduced approximately 15 pct for reproduction. Samples of columbium, converted to pentoxide, A 
were quantitatively analyzed (complete burn) " 
purer than the crude material but significantly purer spectrographically for the eight elements given in F 
than the deposit obtained in experiment 7. It would Table II. The major metallic impurity (0.005 to F 
appear that BaCl, may enter into the reaction and 0.015 pct) was silicon which could have originated A 
prevent the transfer of oxygen as oxyiodide. These either from the quartz deposition surface or from * 
results are further corroborated by the data ob- the acid etchant. The latter seems to be the more E. 
tained in experiments 34 and 64, without and with probable explanation since the deposition surface F 
BaCl,, respectively. The fact that more oxygen was _ was not attacked and the deposit obtained from the A 
transferred from the crude to the deposit in experi- §columbium deposition surface (experiment 8) also 
ment 34 than in experiment 7 may be due to the: contained 0.009 pct Si. 
thermal stability of oxiodide at the bulb temperature It is quite probable that some iodide condensed on — 
of 350° to 360°C. It would be expected that a suf- the columbium deposition surface during the shut- do 
ficiently high bulb temperature could be obtained down operation. This iodide readily hydrolyzed when the 
where the oxyiodide would be thermally unstable and _ the deposit was exposed to air. Moreover, the 27 
could not form. hydrolysis product could not be removed easily, for pre 
In most experiments (¢.g., experiments 9, 12,13, — example, by washing in distilled water, since the aaa 
18, 19, 21, 34, 64), the columbium was deposited crystalline deposit provided many small and almost ats 
directly onto a clear quartz finger. In experiment 8, inaccessible crevices. Therefore, the deposit was fiv 
the hot finger was wrapped with columbium sheet* rinsed in an acid solution (HF-HNO,). Commercial pet 
*The hardness values in parentheses are converted Brinell hardness hydrofluoric acid contains a maximum of 0.05 pct n 
values for a 500-kg load that were obtained from Wilson conversion 
chart No. 52. The directly observed hardness values, whether Knoop, fluorosilicic acid, and it is conceivable that a inv 
Rockwell, or Brinell, are reported since any conversion value must be silicon-containing residue could have remained on (to 
considered as approximate. the surface and provided the observed erratic ine 
having a hardness of 41 Rockwell A (99 Bhn); in ex- analytical results. At the present time, the deposit Bri 
periment 10 with 5-mil high-purity molybdenum foil. is heated to 1000°C in a vacuum chamber before wid 
In each case, the deposit was easily removed without exposure to air to remove the iodide and eliminate n 
contamination as evidenced from the analyses given the acid treatment. Columbium, which has been bee 
in Tables II and III. The analytical results, Table II, subjected to this treatment, was observed to con- hea 
for the as-deposited and arc-melted iodide colum- tain 0.001 pct Si or less. zirc 
- bium can be compared with those of the starting In other experiments, three pounds of iodide nes: 
columbium feed material. Although the degree of columbium were prepared from the same lot of 2) a 
successful up-grading was different for each experi- columbium sheet feed material having a hardness of of p 
ment, it should be noted that some up-grading was 62 Rockwell A. The metal was deposited directly cokes 
attained in every experiment. In addition, the de- onto a clear quartz surface maintained at 1000°C. 
Table |. Effect of BaCl, onthe « ality of lodide Columbium 
Columbium Feed Columbium Deposit Temperature, °C ; 
ron 
Exper- Silic 
iment Pct,O, Pet,N, Pet,C Pect,H,  Pect,O,  Pect,N, Pect,C  Pect,H, Bulb Deposition Remarks Tita 
a 0.435 0.018 0.050 0.0021 0.064 0.001 0.001 0.0008 455 1000 22 g of BaCl, Moly 
0.063 
7 0.435 0.018 0.050 0.0021 0.131 0.006 - 0.0002 450 1000 No BaCl, me ' 
64 0.366 0.013 0.006 0.0004 ~—s_ 0.0311 0.005 2 0.0003 352 1000 20 g of BaCl, — 
0.013 0.008 Pree 
34 0.366 0.013 0.006 0.0004 0.234 0.013 0.004 0.0003 365 1000 No BaCl, 
0.013 0.008 
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Table Il. Analyses of lodide and Feed Columbium 


Hardness 

Pct, O, Pct, H, Pct, C Pct, N, Rockwell A Brinell 
Experiment 8 — Feed Material: Carbon Titrated Powder 
Feed 0.288 0.001 1.25 0.165 59 (179) 
As-deposited® (top 4") 0.155 0.0004 0.001* 0.001 53 (145) 
As-deposited (center 4") 0.092 0.0004 0.001* 0.001 45 (114) 
Arc melted — 1 atm 0.091 0.0010 0.001* 0.008 45 (114) 
Arc melted — red. press. 0.031 0.0004 0.001* - 35 ( 83) 
Experiment 10 — Feed Material: Carbon Titrated Powder 
As-deposited 0.086 0.0009 0.001* 0.006 44 (110) 
Experiment 9 — Feed Material: Sintered Pellets 
Feed 0.435 0.0021 0.050 0.018 70 - 
As-deposited 0.064 0.0008 0.001* 0.001 37 ( 87) 
Arc melted — 1 atm 0.064 0.0003 - 0.002 37 ( 87) 
Arc melted —red. press. 52 Brinell by direct measurement with a 500-kg load 
Experiment 21 — Feed Material: Sheet 
Feed 0.195 0.0009 0.006 0.012 62 ~ 
Arc melted — 1 atm (top 4") 0.043 0.0003 0.001* 0.001* 30 ( 73) 
Arc melted — 1 atm (bot. 4") 0.062 0.0001 0.002 0.001* 37 ( 87) 
Experiment 13 — Feed Material: Lumps of Arc-Melted Ingot 
Feed 0.817 0.0009 0.124 0.052 ; 72 - 
As-deposited 0.260 0.0008 0.001* 0.018 62 - 


@Columbium, and >Molybdenum deposition surface. 
*Denotes less than. 


Analytical results summarized in Table IV indicate 
the iodide columbium prepared in experiments 17, 
27, 60, 71, and 73 to be significantly purer than the 
starting feed material. The level of interstitial 
contamination is further reflected in the low hard- 
ness values. Inaddition, samples from each of the 
five runs contained 0.18, 0.10, 0.08,0.04, and 0.04 
pct tantalum, respectively. 

The softest sample of columbium prepared in this 
investigation was obtained by double arc melting 
(to homogenize) as-deposited material at 1 atm 
inert gas pressure. This sample exhibited a 
Brinell hardness of 39 to 44 as determined directly 
with a 500-kg load. 

Numerous samples of as-deposited metal have 
been, 1) arc melted on a water-cooled, copper 
hearth in 1 atm of helium gettered by titanium- 
zirconium alloy without a detectable change in hard- 
ness or other properties (experiments 8 and 9); and 
2) arc-melted under a reduced pressure (~1 mm Hg) 
of purified helium with a considerable decrease in 


hardness. For example, half of a 40-g sample of 
iodide columbium having a hardness of 63 Rockwell A 
was given five double melts at 1 atm inert with 
no detectable change in hardness. This arc- 
melted button was then given five additional double 
melts but under reduced pressure. The resulting 
button having a hardness of 30 Rockwell A (73 Bhn) 
contained 0.044 pct O and 0.005 pct H. As a further 
check, the remaining 20-g sample of as-deposited 
columbium was given five double melts under re- 
duced pressure to yield a button having a hardness 
of 29 Rockwell A (72 Bhn) that contained 0.043 pct O. 
This agreement is excellent. A sample of arc- 
melted columbium having a hardness of 86 Brinell 
prepared in experiment 9, was remelted under re- 
duced pressure to yield a button having a hardness 
of 50 to 52 Brinell. In addition to the removal of 
oxygen by melting under reduced pressure, nitrogen 
also can be removed. This may not be immediately 
apparent from the results given in Table II as some 
difficulty was experienced in excluding all traces of 


Table Ili. Spectrographic Analyses of lodide Columbium 


As-Deposited Arc Melted Arc Melted Arc Melted As-Deposited 
Experiment 9 Experiment 8 Experiment 12 Experiment 18 Experiment 19 
Iron *0.005 *0.005 0.006 *0.005 *0.005 
Silicon 0.006 0.009 0.015 0.005 0.008 
Titanium *0.001 *0.001 *0.001 *0.001 *0.001 
Molybdenum *0.01 *0.01 *0.01 *0.01 *0.01 
Tungsten *0.05 *0.05 *0.05 *0.05 *0.05 
Copper *0.001 *0.001 *0.001 *0.001 *0.001 
Tin *0.005 *0.005 0.02 *0.005 *0.005 
Magnesium *0:001 *0.001 *0.001 *0.001 *0.001 
Hardness, Ra 37 45 40 62 37 
Oxygen, pct 0.064 0.091 0.280 0.043 
*Denotes less than. 
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Table IV. Analyses and Hardness of lodide Columbium 


Hardness 
Experiment O,, Pct H,, Pet C, Pet N,, Pet Rockwell A 
17 0.037 0.0014 0.0011 *0.001 23 (63) 
27 0.044 0.0004 - *0.001 29 (72) 
60 0.033 0.0002 0.0048 0.005 23 (63) 
71 0.059 0.0021 0.0016 0.001 37 (87) 
73 0.035 0.0004 - *0.001 26 (67) 
Feed 0.195 0.0009 0.006 0.012 62 (greater 
than 200) 


*Denotes less than. 


nitrogen from the arc-melting furnace. The degree 
of contamination was not great, as nitrogen some- 
times increased from 0.001 to 0.010 pct but was 
nevertheless significant. 

In addition to the results given above, other ex- 
periments were made with arc-melted buttons in 
which nitrogen was removed. For example, the 
nitrogen level of one button was decreased from 
0.16 to 0.04 pct by a single melt at reduced pres- 
sure while in other experiments, the nitrogen was 
decreased from 0.01 to 0.001 pct. Analyses show 
that both oxygen and nitrogen can be removed, which 
indicates that the oxide (s) and nitride(s) are either 
thermally unstable or volatile. The quantity of 
carbon present in the metal before melting would 
not account for the phenomenal decrease in oxygen 
content by evolution of carbon monoxide. It was 
impossible to determine if trace quantities of tramp 
elements were removed. Therefore, it is apparent 
from these observations that vacuum melting tech- 
niques such as drip melting, consumable electrode 
melting, or zone refining could be advantageously 
employed. 

It was established in the initial work that oxygen 
was transferred from the feed to the deposit and that 
a hardness gradient existed in the deposit. There- 
fore, 325-mesh columbium powder (arc melted to a 
button having a hardness of 72 Rockwell A) was 
titrated with carbon to remove oxygen as the volatile 
oxide of carbon. Unfortunately, the ingot was not 
completely homogeneous and this accounted for the 
1.25 pct C in the feed material for experiments 8 
and 10. Even so, the as-deposited metal contained 
less than 0.001 pct C. 

An arc-melted ingot containing 0.044 pct O and 
0.005 pct H was composed of extremely large grains 
or crystals (some as large as 1/2 in.). This ingot 
was immersed in liquid nitrogen and rolled with 
about 95 pct reduction, at 10 mils per pass, toa 
flawless 13-mil sheet. The ingot was immersed in 
liquid nitrogen for 3 min after each pass. The un- 
annealed surface hardness was 173 Knoop (137 Bhn) 
with a load of 0.1 kg. In other experiments, 1-1b 
ingots 1/2 in. in thickness, were rolled at room 
temperature without intermediate annealing to 
flawless foil 1 mil in thickness. This 1-mil foil, 
after heat treating at 1000°C for 1 hr in vacuum, was 
rolled to 0.5-mil foil. Ten-mil sheet of iodide 
columbium was cooled in liquid nitrogen and re- 
peatedly bent double without cracking. This would 
indicate that large grain or crystal growth in ex- 
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tremely pure columbium is not metallurgically un- 
desirable contrary to the situation usually found with 
metal of greater impurity content. Also, it is evi- 
dent that pure columbium can be mechanically 
worked at both room and liquid nitrogen tempera- 
tures without deleterious effects and that it exhibits 
bend ductility at about -196°C. 

The quartz tube with the columbium deposit was 
compressed between polished stainless steel (No. 
316) plates. The ductile deposit deformed while the 
quartz tube shattered. This provided an easy means 
of separating without contaminating the metal deposit 
from the deposition surface. In several experiments 
the as-deposited columbium tube or cylinder was 
split to provide a dense sheet of columbium with a 
rough crystalline surface. One sample of as-de- 
posited columbium,2 by 3 by 0.0532 in., was rolled 
at room temperature to a flawless strip 0.0083 in. in 
thickness. The hardness was 99 Knoop (76 Bhn). A 
sample 2 1/2 by 2 1/4 by 0.0717 in. of as-deposited 
columbium having a hardness of 65 Knoop (less than 
53 Bhn) obtained from a second experiment was 
rolled at room temperature to a strip 0.0106 in. in 
thickness and having a hardness of 151 Knoop (121 
Bhn). The microstructure of the cross section in- 
dicated that both strips were free of voids or cracks. 
Sections from the latter strip with 85 pct reduction 
were heated for 1 hr in a vacuum to yield columbiym 
sheet having a hardness of 72 to 79 Knoop (51 to 61 
Bhn). In addition, recrystallization of this material 
was observed to commence at 800°C and to be com- 
plete at 900°C as determined from the microstruc- 
ture at X150. The important feature is that iodide 
columbium deposited at 1000°C on a quartz tube can 
be rolled at room temperature into flawless sheet 
without the intermediate operation of arc melting. 

In one experiment, lumps of arc-melted ingot 
having a hardness of 72 Rockwell A were used as 
feed material and yielded a deposit having a hard- 
ness of 57 Rockwell A (167 Bhn). This deposit was 
then used as feed material for a subsequent experi- 
ment (Run 12) from which a deposit having a hard- 
ness of 40 Rockwell A (96 Bhn) was obtained. These 
results have been duplicated. Therefore, it can be 
stated that columbium of excellent quality can be 
obtained from poor-grade material by the recycling 
of the deposited columbium. 

It is evident that the ‘‘iodide’’ process can be used 
to reduce the oxygen, hydrogen, carbon, and nitrogen 
contamination. Initial analytical data indicate that 
the sulfur level is reduced only to a slight extent 
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while phosphorus can be reduced from 0.070 pct 
(feed) to 0.002 pct (deposit). 

Utilization of this process for the preparation of 
high-purity columbium probably will not attain the 
importance that it has for the preparation of 
titanium and zirconium. This can be attributed to the 


ease with which oxygen and nitrogen can be removed 
from liquid columbium in a vacuum. 
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The Observation of Dislocations and Other 
Imperfections by X-Ray Extinction Contrast 


This paper describes recent experimental work which shows 
that the Berg-Barrett method for making X-ray diffraction mi- 
crographs is capable of revealing individual undecorated disloca- 
tions in crystals of silicon and lithium fluoride. Not only can the 
positions of the dislocations be seen with respect to the topo- 


graphy of the crystal, but also the direction of their Burgers 
vector can be determined by a relatively simple procedure. 


Asout twenty-seven years ago W. Berg’ discovered 
that interesting detail could be seen in an X-ray dif- 
fraction spot made with a rock-salt crystal if the re- 
cording photographic film were held very close to the 
reflecting crystal. He also showed that much of this 
detail could be explained in terms of the deformation 
structure of the specimen. In the same year, 1931, 
Fox and Parr’ reported that X-ray reflections from a 
quartz crystal were much more intense while the 
crystal was undergoing piezoelectric oscillation than 
when it was at rest. This observation was soon con- 
firmed (and explained in terms of X-ray extinction) 
by Barrett* in the United States and by Nishikawa 
et al.,*in Japan. During the next few years Barrett 
refined Berg’s method for making X-ray diffraction 
micrographs and applied it to the study of metallic 
crystals. He reported this work in the 1945 annual 
lecture of the AIME.° 

Since 1945 relatively little use has been made of 
the Berg-Barrett (B-B) method for making diffrac- 
tion micrographs, though considerable interest in 
investigating subcrystal structures by other methods 
has developed. Some of these methods depend upon 
evaporation® or chemical etching’ and, therefore, 
suffer from the occasional intrusion of subtle arti- 
facts such as those recently reported by Hooker for 
lead® and Welsh for aluminum.’ Other methods re- 
quire the introduction of foreign elements which 
‘‘decorate’’ the substructure in some way, thereby 
rendering it detectable by direct’® or indirect” 

J.B. NEWKIRK, Member AIME, is associated with Metallurgy and 
Ceramics Research Department, General Electric Co., Schenectady, 
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visual examination. Still others depend upon com- 
plex and often highly questionable analyses of X-ray 
diffraction line profiles. There have also been a 
number of related X-ray techniques, such as the 
Lambot,”” Schulz’* and Merlini and Guinier, which 
have proved to be quite useful for specific applica- 
tions. Some of these methods give a picture of the 
substructure which is more or less directly related 
to the shape and the topography of the specimen. The 
Berg-Barrett method carries this desirable feature 
to the limit. Closely related to the B-B method are 
three photographic X-ray techniques recently de- 
scribed by Lang.” These methods give beautiful 
pictures of the internal structure of crystals but are 
limited by the facts that the required apparatus is 
rather complex, exposure times are long, and the 
specimen crystals must be thin. 

An experimental appraisal which I have recently 
made of the original B-B method has shown that this 
simple technique is not only inexpensive and con- 
venient, but can give more information than was ap- 
parently realized by its inventors. For example, 
first-order subgrains in iron-silicon crystals were 
clearly delineated and their relative orientation sub- 
ject to description. Also defect structures could be 
seen within the subgrains and in some materials 
slip bands could be clearly seen with respect to the 
topography of the rest of the specimen. This much 
had already been described by Barrett. However, in 
the present study it was found that the actual sites 
of individual dislocations which emerge upon the 
crystal surface could be located. Furthermore, by a 
simple procedure, the direction (but not sign) of the 
dislocation Burgers’ vector could be defined as well. 
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(6) 
Fig. 1—Only very simple equipment is needed to make X- 
ray diffraction micrographs in reflection. In the present 
study the distance between the specimen and the X-ray 
source was about 13 cm; the plate was held as close as 
possible (~0.1 mm) to the specimen. 


This directional effect was predicted by Wilson 10 
years ago.*© Under favorable conditions the path of 
complete dislocation loops extending into the body of 
a specimen crystal could be seen. 

The purpose of this paper is to describe the in- 
teresting features found in high-resolution X-ray 


diffraction micrographs, to propose their qualitative 
interpretation in terms of the structure of the speci- 
men and to describe the method (an extension of 
Barrett’s technique) by which the micrographs were 
made. 


EXPERIMENTAL METHOD 


The Camera—Basically the technique used here is 
the same as that described by Barrett. However, the 
camera we used is more versatile than those he has 
described, though it invokes no basically new princi- 
ple. Fig. 1 shows the camera in schematic form. 
For clearer presentation the distance between the 
specimen and the photographic plate is shown larger 
than is allowed in practice. Also, in practice the 
plate is held as nearly parallel to the incident beam 
as possible so that the plate-to-specimen distance 
will be small over as large an area of the specimen 
as possible. Since the resolution of micrographs 
made in this way depends primarily upon the plate- 
specimen distance, special efforts are made to mini- 
mize this distance. To do this effectively, the plate 
is shielded from the primary X-ray beam by limiting 
the beam with a straight edge which is parallel with a 
prepared straight side of the specimen crystal as 
shown in Fig. 1(b). Then, if the beam is permitted to 
no more than bathe the crystal, the plate can be 
brought nearly in contact with the specimen. The 
best resolution occurs in the parts of the image 
nearest the specimen. 

In order that a useful area of the specimen may 
diffract, it is necessary for the effective X-ray 
source to have about the same effective area as the 
specimen. X-rays issuing from a given point on the 
target can diffract only from a line arc on the speci- 
men which satisfies the Bragg relationship, see 
Fig. 2. If the specimen surface is large, the target 
area defines the breadth of a diffracting band; the 
distance between the target and the specimen de- 
termines the curvature of the band. If the specimen 


IMAGE 
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REFLECTING PLANES 


Fig. 2—The amount of the specimen sur- 

° face which can reflect depends upon the 
angle between the beam and the surface 
and upon the effective size of the X-ray 
source, but not upon the distance from 
source to specimen. 


——-—— ZERO LAYER RAY 
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contains subgrains having a relatively large range 
of orientation, it is usually desirable that the ef- 
fective target area be large so that many of the sub- 
grains can reflect. 

For the present experiments, one of the side ports 
of a standard CA-7 diffracting tube was used, with 
the specimen placed about 13 cm from the target on a 
line which made an angle of about 7 deg with the tar- 
get plane. 

Analysis of a diffraction micrograph is simplified 
if conditions are arranged so that the B-B reflection 
emerges parallel with a plane which is normal to the 
specimen surface and contains the incident beam; 
such a reflection will be called a zero-layer reflec- 
tion. Other reflections are sometimes useful, but 
for the sake of brevity the discussion which follows 
is confined to zero-layer images unless otherwise 
specified. 

Image Contrast— The sources of image contrast in 
an X-ray diffraction micrograph are a) orientation 
of the specimen crystals; b) misorientation of sub- 
grains within a diffraction crystal; c) inhomogeneous 
lattice strain resulting in a reduction of primary 
X-ray extinction; d) surface contours which shade a 
given surface area or increase the specific intensity 
of radiation falling upon it; e) orientation of defect 
structures with respect to the primary beam. Of 
these sources of contrast, effects due to primary ex- 
tinction are of most interest in the present work. 
Artifacts introduced by other sources of contrast are 
discussed later. 

The conditions leading to primary extinction as 
described by James” are sketched in Fig. 3. X-rays 
incident upon the lattice planes MM’ in a crystal will 
diffract coherently (F + 0) if the wavelength A, inter- 
planer distance d, and the angle of incidence 9, are 
in the Bragg relationship. Since the diffracted rays 
traverse the planes MM’ at the same angle 6, some 
of the energy of the once-diffracted ray CEF will 
again be diffracted at F into the original direction 


Fig. 4—Radiation permitting Bragg dif- 

fraction at a point P on the specimen 

can issue from an arc on the X-ray 

source area. Thus, the image of point P X-RAY 
is an arc. Resolution is lost as the plate- SOURCE 
to-specimen distance D’ is increased. 
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Fig. 3—The intensity of the primary beam BF is dimin- 
ished because of interference with the twice-diffracted 
beam at F. 


of the incident rays. At first sight one might suppose 
that this twice-diffracted ray would reinforce the 
incident ray BF, thereby increasing its intensity. 
However, at each diffraction there is a phase shift of 
n/2. Therefore, instead of being in phase with ray 
BF (distance EF equals distance BF), the twice-dif- 
fracted ray at F is exactly out of phase with the 
primary ray. This relationship introduces destruc- 
tive interference, causing the primary ray to be- 
come rapidly extinguished as it passes into the 
crystal. The net effect is that the crystal appears 
to absorb the energy of the incident radiation much 
more efficiently that it would by normal absorption 
alone. If, for some reason, the periodicity d of the 
diffracting planes is lowered sufficiently, so that the 
Bragg conditions are not met by the once-diffracted 
beam, the second diffraction will not occur. The 
emerging once-diffracted rays will, therefore, be 
more intense and the primary rays, suffering less 
attenuation, will effectively penetrate farther into 
the crystal where they can excite more Bragg dif- 
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fraction. Reduction of periodicity in any direction 
other than normal to the diffracting planes is less 
effective in producing image contrast since only 
the normal component reduces primary extinction. 
Periodicity may be reduced through inhomogeneous 
elastic strain or through perturbations in X-ray 
scattering power, e.g., the presence of foreign 
atoms. Nishikawa and others* have shown that in- 
creased diffracted intensity can result from elastic 
strains accompanying thermal gradients, piezoelec- 
tric striction, and local applied mechanical stress*. 
*Attempts to see magnetic domain boundaries through local mag- 
netostrictive distortion have failed, presumably because the strain is 
too small. The so-called ‘thermal spikes” which are sometimes in- 
duced in crystals by irradiation may be detectable by X-ray diffraction 
microscopy. This has not been tried. 
These effects on X-ray extinction are reversible in 
as much as the diffracted intensity returns to its 
original low value when the strain is removed. 


Intensity reduction due to extinction is greatest in 
strong, low-angle reflections. For an ideally perfect 
crystal the diffracted intensity varies directly with 
the structure factor F; for an ideally imperfect crys- 
tal the intensity varies as the structure factor 
squared. It is said that the intensity difference 
between these extremes can be as much as thirty 
times.” The dependence of extinction upon wave- 
length has not been studied at length but there is 
some recent evidence” that longer wavelength is 
associated with greater extinction. Accordingly, to 
maximize extinction and therefore achieve greatest 
contrast between regions of high and low crystal 
perfection, a chromium target tube was chosen for 
this study. The emitted radiation was neither 
filtered nor monochromated. A brief study which I 
have made of the effects of different wavelengths 
upon the quality of a B-B image has not given 
definitive enough results for comment here. 

Image Resolution—The vertical divergence of the 
incident radiation is the most serious cause of poor 
resolution. Any X-radiation falling upon a given 
point P, see Fig. 4, will be diffracted if the Bragg 
conditions are satisfied. Thus, X-rays of a wave- 
length A, which lie upon a cone of semiapex angle 
(90 deg — @) and are incident upon P as shown, will 
be diffracted. Since rays satisfying these conditions 
can originate from any point of an arc on the X-ray 
target, the image of point P is also an arc. Horizon- 
tal slits may help in reducing the vertical divergence 
though they were not used in the present study. 
Horizontal divergence is obviously not important be- 
cause of the Bragg restriction. 

The most direct way to improve resolution, z.e., to 
reduce the image size of a point on the specimen, is 
to bring the ratio D’ to D as low as possible. This is 
best accomplished by reducing D’ since extending D 
reduces the incident intensity seriously. When D'/D 
is of the order of 0.005 (used in the present study) a 
small decrease in D’ brings a great improvement in 
resolution, whereas a large increase in D gives only 
slightly better resolution at a considerable cost in 
added exposure time. Obviously, since the plate and 
the specimen surface cannot be parallel, D'/D will 
vary over the image surface. 

Another method for reducing the image size of a 
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point on the specimen is by collimation of the inci- 
dent X-rays by reflection from a crystal surface. 
Photographs similar to some of those shown here 
have recently been produced in this way by Bonse 
and Kappler.” However this method involves long 
exposure times and the area of the specimen which 
reflects is quite limited. 

The resolution available at D’/D = 0.005 is con- 
siderably better than can be recorded on standard 
X-ray film or even on ordinary fine-grained 
spectroscopic plates (e.g., Eastman V-O plates). 
However, the finest grained photographic plates 
which are presently available (Eastman High-Reso- 
lution plates) have sufficiently good resolving power 
(> 1000 lines per mm) to utilize the detail in the best 
B-B image which we have obtained to date.* To 

*All the photographs presented in this paper were made with these 
plates and required exposure times of from 4 min to 1% hr. 
achieve the very highest resolution it is necessary 
that the reflection have 26 ~ 90 deg. A pencil of 
diffracted rays then passes through the emulsion 
nearly normal to the plane of the plate, rather than 
at an oblique angle. This leaves the smallest pos- 
sible photographic trace. 


Fig. 5—A light micrograph (a), showing the etched surface 
of a Fe + 4 pct Si crystal, contains subgrains and other 
structural details which correspond closely to detail seen 
in a diffraction micrograph ()) of the same area after elec- 
tropolishing. Figures (c) and () show corresponding por- 
tions of (a) and (6) respectively at higher magnification. 

To preserve clarity (c) and (d) have not been reversed in 
printing. 
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RESULTS 


Study of a Polygonized Iron-Silicon Crystal—A 
single crystal of iron plus 4 pct Si, containing con- 
siderable subgrain structure, was carburized, then 
electropolished on a surface parallel with a {211} 
plane. The subgrain structure was revealed by 
electrolytic etching according to the method de- 
scribed by Dunn and Daniels.” (Ordinary chemical 
etching methods revealed no subgrain structure in 
this specimen.) Reference scratches were made on 
the surface and the photomicrograph in Fig. 5(a) 
was made. The surface was again electropolished, 
the reference scratches were deepened and a dif- 
fraction micrograph, Fig. 5(b), was made of the 
same area.* Notice that subgrains are sharply 

*All diffraction micrographs contained in this paper have been 
twice reversed photographically. Therefore, what appears dark here is 
dark on the original plate. Also the convention is established whereby 
the reflection and the azimuthal direction of the incident radiation are 


indicated respectively by a set of Miller indices and an arrow near the 
B-B photograph. 


delineated in both the X-ray and the optical images. 
Subgrains which did not reflect in the photograph 
used for Fig. 5(b) appeared dark in other B-B 
photographs made with the specimen rotated about 
1/2 deg in one direction or another. The contrast 
among subgrains in this case is clearly due to mis- 
orientation. A rocking curve profile of this crystal 
(published elsewhere)” gives less information than 
does a series of diffraction micrographs and in some 
ways is quite misleading in regard to the nature of 
the crystal substructure. 

Surface scratches and the remains of Tukon hard- 
ness impressions [six of these impressions appear in 
Fig. 5(6)] appear darker or lighter than background 
depending on whether the imposed plastic deforma- 
tion resulted in a lattice rotation to a more or re- 
spectively less favorable orientation for diffraction. 
Reduction of extinction, resulting from residual 
elastic strains associated with a scratch, usually 
tend to darken the scratch image. 

The relative orientation of two adjoining subgrains 
can be measured in two ways; a) by making a series 
of B-B photographs with the crystal set at slightly 
different angles with respect to the X-ray beam and 
noting the difference between the settings where each 
grain registered maximum diffracted intensity and 
b) by observing the displacement of the images of 
adjoining subgrains with respect to each other on the 
photographic plate. Knowing the relative image dis- 
placement and the distance between specimen and 
plate, one can calculate by simple geometry the 
angular misorientation of the two subgrains. The 
latter method depends upon having enough angular 
divergence in the primary beam to allow both sub- 
grains to diffract at the same specimen setting. This 
is similar to a method described by Weissmann.*** 

Individual etch pits within subgrains in Fe-Si alloys 
have been shown to be due to the presence of carbon- 
decorated dislocations.” The dislocations may be 
deployed individually or in clusters or rows and ap- 
pear as dark spots or lines in both the light and 
X-ray micrographs. Because the specimen was elec- 
tropolished after Fig. 5(b) was made and before Fig. 
5(a), exact correspondence of these features is not 
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Fig. 6—A silicon crystal was cut through new dislocation 
loops as shown in (a) and (4). One of the new surfaces, con- 
taining two rows of emergent screw dislocations, was pol- 
ished and etched to render the screws visible as pits, (c). 


expected. However, good qualitative agreement does 
appear, as a comparative study of Figs. 5(c) and 5(d) 
will show. The spots in the B-B photograph, corre- 
sponding to pits in the etched surface, are apparently 
due to a reduction of extinction resulting from 
lowered lattice periodicity at dislocations. The need 
for heavy carbon decoration to achieve this effect is 
apparently important since other iron-silicon crys- 
tals which were less heavily decorated showed in- 
dividual dislocation pits on etching, but did not show 
individual B-B spots as in Fig. 5(d). 

Study of a Deformed Silicon Crystal—A crystal of 
zone-refined (five-pass) silicon was grown from the 
melt with its axis parallel to [111]. It was then 
twisted slightly about this axis at 900°C to induce a 
small amount of plastic slip on (111) planes. Subse- 
quent etching in ‘‘Dashes etch’’ revealed a few rows 
of etch pits. These were later shown by the Dash in- 
frared technique”’ to be the sites where legs of dis- 
location loops emerged upon the surface. A block, 
see Fig. 6(@), containing two such rows of pits was 
cut from the original crystal. The block was then 
cut with a diamond saw through what appeared to be 
the source of dislocations making up one of the rows. 
The dislocation source comprising the other row ap- 
parently stopped generating loops before plastic de- 
formation ceased. Loops which had already started 
from this exhausted source continued to expand as 
long as plastic flow continued. When specimen A was 
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Fig. 7—(a) Diffraction micrograph of unetched silicon crys- 
tal shown in Fig. 6(c). (6) Light micrograph of same area; 
etched. 


mechanically polished and reetched, Figs. 6(b) and (c), 
two more rows of etch pits appeared corresponding 
to the intersection of other legs of the same dislo- 
cation loops with the new surface. The orientation 
of the crystal with respect to the applied shear 
stress, Fig. 6(a), indicated that the legs emergent 
upon the new surface were made up mostly of screw 
dislocations. This was confirmed later by Dash who 
treated the specimen with copper and then examined 
it by infra-red microscopy. A photo-micrograph, 
Fig. 7(6), was made of the etch pits on the new sur- 
face, after which the specimen was repolished to a 
level well below the etch pits. A B-B photograph was 
then made of the repolished surface using the 022 re- 
flection as indicated in Fig. 7(a). The dark spots in 
the diffraction micrograph, Fig. 7(@), appear at the 
same relative positions as the etch pits in Fig. 7(b). 
These dislocations have not been intentionally deco- 
rated and for the present purposes may be consid- 
ered essentially uncontaminated by foreign atoms. 

The reflection used to make this diffraction micro- 
graph was specifically chosen so that the diffracting 
planes would be normal to the 011 Burgers vector of 
the emerging dislocations. Extinction contrast due to 
the dislocations was, therefore, maximized. Diffrac- 
tion micrographs of the same surface, but made with 
other reflections, showed the same dislocations but 
with less contrast. Lattice rotation is not involved in 
rendering these dislocations visible. 

Study of Lithium- Fluoride Crystals—Gilman and 
Johnston™ have recently made intensive studies of 
dislocations in lithium-fluoride crystals. Using 
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chemical etching techniques they have deduced a 
great deal of information about the nature of slip and 
the behavior of dislocations in this salt. Lithium 
fluoride also lends itself well to study by X-ray 
diffraction microscopy. Other ionic salts, including 
NaCl and CaF, give diffraction effects similar to 
those observed for lithium fluoride, but these 
materials were not studied as intensively as lithium 
fluoride in this project. 


Fig. 8—(a) A reconstructed lithium fluoride crystal, as 
seen by X-ray microscopy, shows subgrain boundaries, 
slip planes, grown-in dislocations, and other structural 


details. 


(O11) (Ol!) 


(110) < (110) 


(101) 


(+) In a lithium fluoride crystal slip occurs by the motion 
of dislocation loops lying on {110} planes. Diagonal 
<110> lines on a {100} surface consist mostly of edge dis- 
locations; horizontal and vertical <100> lines consist 
mostly of screws. 
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A freshly cleaved lithium-fluoride crystal meas- 
uring approximately 2 by 2 by 10 mm was com- 
| pressed slightly in the long [100] direction. A por- 
tion about 4 mm long was cleaved from one end and 
set aside. The new square surface of the remaining 
piece was called the top and two adjoining sides 
were called A and B, respectively. Diffraction micro- 
graphs of these three surfaces, printed to the same 
magnification (X50), were glued to a wooden block to 
give a reconstructed lithium-fluoride crystal as 
seen by X-ray diffraction microscopy. This recon- 
structed crystal is shown in Fig. 8(a). The {110} slip 
planes appear in strong contrast. Also visible are 
subgrain boundaries, surface irregularities due to 
cleavage damage, and grown-in defects of various 
sorts. According to Gilman and Johnston, <110> 
glide bands, appearing as dark straight lines in 
Fig. 8(a),are composed of edge and screw disloca- 
tions making up loops on the {110} slip planes. The 
diagonal lines are composed mostly of edge dislo- 
cations emerging upon a {100} surface. The Burgers 
vector of a given edge dislocation lies parallel with 


the diagonal line on which the dislocation emerges. 
The horizontal lines on a cleaved surface, say (100), 
are composed mostly of screw dislocations having 
Burgers vectors [101] or [101]. These relationships 
are illustrated in Fig. 8(b). 

If the extra diffracted intensity at a dislocation is 
indeed caused by a local reduction of extinction, as 
proposed in an earlier section, then the amount of 
extra intensity above background should depend upon 
the elastic strain component which is normal to the 
diffracting planes. Thus, dislocations which have 
their direction of greatest strain (?.e. Burgers vec- 
tor) normal to the diffracting planes will be expected 
to appear in greatest contrast. Those which have 
their Burgers vector b lying in the aiffracting planes 
would cause a minimum of extinction reduction. 
From this simple picture, then, one predicts that the 
extinction contrast due to a dislocation should in- 
crease as the angle between the Burgers vector and 
the specific set of reflecting planes approaches 90 
deg. 

The series of diffraction micrographs in Fig. 9 
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Fig. 9—Diffraction micrographs using {220} reflections (a_d) show both screw and edge dislocations. Using the 200 reflec- 
tion the screws and other crystalline features appear but the edges do not. Notice the intensity reversal of the screws 


gives experimental confirmation of the point of the 
preceding paragraph. Figs 9(a) and 9(5) show, re- 
spectively, sides A and B of the lithium-fluoride 
crystal referred to previously. The 220 reflection 
was used in making both of these micrographs. Let 
us confine our attention, for the moment, to the two 
horizontal rows of screw dislocations about one- 
third of the distance from the top of Fig. 9(b). The 
lower of these horizontal rows is met (at the edge 
common to sides A and B) by a diagonal line ex- 
tending up and to the left of side A. The upper row 
is met by a diagonal line going down and to the left. 
We may conclude, therefore, that the upper and 
lower of these two horizontal rows in Fig. 9(5) 
consists of screws having [011] and [011] Burgers 
vectors, respectively. (See orientation convention, 
Fig. 8(6)). The two rows appear in equal and moder- 
ate contrast in the 220 B-B micrograph, see Fig. 
9(b), since the dislocations in both have Burgers 
vectors which lie at an angle of 60 deg with the 220 
reflecting plane. In the 022 micrograph, however, 
Fig. 9(c), the [011] dislocations with b normal to 
the diffracting planes are very intense, whereas 
the [011] dislocations, with b lying in the diffracting 
planes, are practically invisible. (The fact that the 
latter appear at all is probably due mostly to the 
strain interaction of closely spaced dislocations.) 
Conversely, in the 022 micrograph, Fig. 9(b), the 
upper row is faint and the lower row is intense, 
for the same reasons. It is significant that these 
features are explained in terms of primary ex- 
tinction only. Lattice rotation, which has been in- 
voked so often in the past, is neither necessary 
nor is it consistent with the experimental facts. 

The edge dislocations, seen in the diagonal lines 
of Figs. 9(@) to (d), have b at 60 deg to the respec- 
tive diffracting planes. Therefore, they are ex- 
pected and do appear in all of the {220} micrographs. 
In the 200 micrograph, however, Fig. 9(e), they are 
invisible since b is parallel with the diffracting 
planes. 

Using the criteria described in the preceding para- 
graphs and illustrated in Fig. 9, one may in princi- 
ple define experimentally the Burgers vector of any 
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dislocation at or near the surface of a crystal. For 
example, the selective appearance of different sets 
of new and undecorated dislocations is clearly 
shown by the series of diffraction micrographs in 
Fig. 10. The etched microstructure, Fig. 10(@), of a 
cleaved and slightly bent crystal of lithium fluoride 
shows emerging edge dislocations as diagonal lines 
of etch pits. Emerging screw dislocations appear as 
horizontal rows, many of which terminate in a broad 
arc extending from the top to the bottom of the crys- 
tal. This arc is said to mark the place where the 
cleavage crack, moving from right to left, began to 
propagate so fast that insufficient time was avail- 
able for dislocations to form ahead of it.** In the 
200 B-B micrograph, Fig. 10(), the horizontal rows 
appear distinctly as dark lines, but the edge dis- 


Fig. 10—The intensity of different types 
of dislocations depends upon the specific 
reflection used. (a) Light micrograph of 
an etched lithium fluoride crystal. Diag- 
onal lines are emergent edge disloca- 
tions; horizontal lines are emergent 
screws. (b-d) Diffraction micrographs 
of the same area (unetched). (b) In a 200 
reflection the screws stand out alone. 
f (c) In a 202 reflection the edge disloca- 
F tions stand out. @) In a 220 reflection 
both types appear with approximately 
equal intensity. 


(d) 

locations (diagonal lines) are marked only by a 
slight subtractive effect. In the 202 micrograph, 
Fig. 10(c), the edges appear sharply as diagonal 
lines, but the screws are barely visible. In the 

220 micrograph, Fig. 10(d), both screws and edges 
appear, as they do in Fig. 10(a). Other features of 
the crystal, ¢.g., subgrain boundaries and grown-in 
dislocations, are recognizable from one micrograph 
to another but appear with varying intensities. This 
latter effect, therefore, constitutes a tool by which 
the nature of subgrain boundaries, and so forth, may 
be experimentally studied. 

Dislocation Loops—Occasionally slip lines were 
found which were so sparsely populated that the in- 
dividual screw dislocations could be clearly dis- 
tinguished. An example of this is shown in Fig. 11. 


5mm : 5mm 
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|202 Fig. 11—(a—d) Diffraction micrographs 

of an unetched lithium fluoride crystal. 
Screw dislocations form a sparsely popu- 
lated row near the bottom of the 202 re- 
flection (a) but are invisible in the 202 
reflection (6) showing that they have a 
[202] Burgers vector. At higher magnifi- 
cation @) complete loops are faintly 
visible [ loops are retouched in (¢)}. Etch- 
ing develops pits where screws reach the 


surface. 
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Fig. 12—Reference grids help locate cor- ' 
responding areas on light and diffraction 
micrographs. 


The screws making up the horizontal slip line near 
the bottom of Fig. 11(@) are sharp and intense. In 
Fig. 11(6), however, they are quite invisible, indi- 
cating that their Burgers vector is [202]. Close 
examination of the line of screws in Fig. 11(a), shown 
enlarged and unretouched in Fig. 11(d), reveals com- 
plete loops which extend into the body of the crystal. 
Fig. 11(c) is a duplicate of Fig. 11(d) except that the 
faint loops have been artifically accentuated to aid in 
their recognition. The loops which apparently over- 
lap are probably not on the same crystallographic 
plane. This would give a finite thickness to the <110> 
slip band. After the diffraction micrographs for Fig. 
11 were made,the crystal was etched and photo- 
graphed optically, Fig. 11(e). The correspondence of 
etch pits in Fig. 11(e) and dark spots in Fig. 11(@) 
supports the identification of the B-B spots as screw 
dislocations. 

Dislocations Formed during Cleavage—Johnston™ 
has suggested that <100> rows of etch pits, which he 
has observed on the surface of slowly cleaved 


Fig. 13—The intensity of subgrain bound- 


aries as well as dislocations in lithium 
fluoride depends upon the specific reflec- 
tion used to make the B-B photograph. 
The structure of grain boundaries may 
therefore be studied by this method. 
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lithium-fluoride crystals, trace the paths of dislo- 
cation lines which wander just under the surface on a 
{110} plane and in a general <100> direction. The 
pits themselves mark the places where the disloca- 
tion lines emerge upon the cleaved surface. 

To invesitgate this proposal, a crystal was studied 
which showed, on light etching, orthogonal rows of 
<100> etch pits extending from the location where 
cleavage was initiated, Fig. 12(a2). Diffraction micro- 
graphs, Figs. 12(b) and (c), showed continuous <100> 
lines corresponding to the rows of etch pits. The 
series of diffraction micrographs in Fig. 13 shows 
the area corresponding to that in Fig. 12 as it ap- 
pears in four different 220 reflections after very 
light (inconsequential) etching. Notice that the 
vertical lines are strongest in the 220 reflection, 
indicating that these dislocations have a [110] 
Burgers vector. The horizontal lines are strongest 
in the 202 reflection, indicating that they consist of 
[202] dislocations. A portion of one of the vertical 
lines [located at the left of rectangle 14 to 16k, 
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Fig. 14—By repeatedly etching away lay- 
ers of a lithium fluoride crystal the faint 
vertical line in area 14 to 16k in Fig. 12 
is shown by this series of light micro- 
graphs to be a single dislocation line 
wandering beneath the surface. (Photo- 
graphs were made and analyzed by W. G. 
Johnston.) 
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DISLOCATION LINE 
Figs. 12(a) to (c)] was studied by alternately etching 
it for a standard period of time and then examining 
it under a microscope. This procedure was re- 
peated until the dislocation etch pits were no longer 
sharp bottomed. It was found that the positions of 
the etch pits moved in a systematic way as surface 
layers were etched off, so that the actual path of the 
subsurface dislocation line could be plotted, Fig. 14. 
The asymmetry of the etch pits, used to estimate 
depth of etch, indicates that this dislocation line 
forms a loop which lies in a (110) plane, cf. Fig. 8(5), 
and, therefore, has a [110] Burgers vector, consis- 
tent with the conclusions previously drawn from the 
data of Fig. 13. 


Grown-in Dislocations— After the crystal used for 
Fig. 14 had been heavily etched, another B-B photo- 
graph was made, using the 220 reflection, see Fig. 
15. The horizontal and vertical dislocation lines are 
now better resolved, partly because some of them 
have been removed by the etchant, thereby reducing 
the size of the loop. The single dislocation line which 
was studied by the repeated etching treatments, Fig. 
14), and is visible in Fig. 13 as a fine dark line, is not 
visible in Fig. 15 since it has been removed. Also, 
the deep etch pits left by the repeated etching treat- 
ments are clearly visible in Fig. 15. Associated with 
many of the pits are dark lines which trace the 
course of the dislocations themselves as they extend 
into the crystal. In this micrograph sharp bottomed 
pits which have no visible dislocation line attached 
would presumably have such a line in a diffraction 
micrograph made with planes more favorably 
oriented for extinction contrast. Some of the grown- 
in subsurface dislocations are spiral shaped; some 
intersect the surface and, therefore, end at a pit; 
some have a pit at both ends; and some do not reach 
the surface at all, and therefore have no pit at either 
end. Examples of each of these conditions can be 
found in Figs. 15(a) and (0). 

All lithium-fluoride crysfals which have been ex- 
amined to date contain randomly arranged imper- 
fections of some sort which register on a diffraction 
micrograph as more or less diffuse dark spots. 
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These imperfections are apparently isotropic since 
they do not show any systematic intensification or 
extinction when viewed by different X-ray reflections. 
They may simply be impurity particles which were 
included at the time the crystals were originally 
grown. They are not removed by holding the crystal 
for several hours in air at 600°C although fresh dis- 
loation loops are for the most part eliminated by this 
treatment. 

Intensity Variation due to Orientation of the Imper- 
fection—In the preceding section it was shown that 
<110> dislocations in lithium fluoride register with 
different intensities in different {220} reflections as 
a consequence of the different angles between b and 
the specific set of reflecting planes used to make the 
micrograph. One might, therefore, expect all dislo- 
cations with b lying 60 deg from a (100) plane to 
register with the same intensity in a 200 diffraction 
micrograph. However, such is not actually the case, 
as Fig. 16 illustrates. In Fig. 16(@) the vertical lines 
are stronger and more narrow than in Fig. 16(d), 
whereas the horizontal lines are about the same in 
each. In Fig. 16(c) the horizontal lines are stronger 
and sharper than in Fig. 16(d2), although the vertical 
lines are essentially the same in each. The same 
set of (200) planes was used for all four of these 
pictures, so one cannot explain the intensity varia- 


Fig. 15—A diffraction micrograph of the heavily etched 
lithium fluoride crystal used for Figs 12 to 14 shows 
pits with their associated dislocations (hair lines) ex- 


tending into the crystal. 
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tions in terms of the dislocations and their Burgers 
vectors alone. 

This apparently anomalous intensity effect can be 
simply understood by means of the sketch in Fig. 
17(a). For lithium fluoride and chromium Kg radia- 
tion, 9200 = 29.5 deg. A dislocation loop which is 
parallel with (011) planes, as shown in Fig. 17(a), 
lies in a plane which is nearly at right angles to the 
incident radiation. Therefore, it receives a large 
amount of radiant energy per unit length. Also, its 
diffracted image is foreshortened because it falls 
upon a plate which is approximately parallel with 
the primary beam. The image of the loop is, there- 
fore, strong and narrow. An identical dislocation 
loop, which on the other hand is parallel with (011) 
planes, receives less energy per unit length and 
diffracts to a larger image. Therefore, the (001). 
loop registers as a weak and broad image. A 
similar but much less pronounced effect is predicted, 
see Fig. 17(0), for 220 reflections. A comparison of 
the relative intensities of all the various lines in 
Figs. 13 and 16 will show that they are consistent 
with the conclusion that the horizontal lines are 
made up predominantly of dislocation loops lying 
parallel with (101) planes and have a [101] Burgers 
vector. Also, it will be found that the vertical lines 
can be explained in terms of dislocation loops lying 
parallel with (110) planes and have a [110] Burgers 
vector. 


FURTHER DISCUSSION OF THE BERG-BARRETT 
METHOD 


Image Distortion—In general, the shape of a dif- 
fraction micrograph image will be a distorted re- 
production of the specimen surface, see Fig. 18. 
The distortion takes the form of an extension or 
foreshortening in the direction of the primary beam. 
There is no image distortion in the direction normal 
to the beam for a zero layer image. 

If two points on the image lie on a line which is 


Fig. 16—The same dislocation sometimes appears with 
different intensity in reflections from the same crystallo- 
graphic planes. This effect is explained according to Fig. 
17. (a) and (b) bear a stereorelationship to each other. 
When viewed stereoscopically the crossed dislocation grid 
appears to be on the top surface of a block of glass, with 
spot defects distributed at random below. (¢) and (d) also 
show depth when viewed properly. 
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Fig. 17—The apparently anomalous effects in Fig. 16 can 
be explained in terms of the geometry shown in (a). The 
intensities of dislocation loops in {220} reflections (6) are 
also effected by their orientation but not as much as in 


{200} reflections. 


parallel with the primary beam (the plate is as- 
sumed paraliel with the beam), their distance apart 
is related to the separation of the corresponding 
points on the specimen surface by the equation 


a sin (20-9) 
sin 2 0 


where @¢ is the angle between the specimen surface 
and the primary beam. Obviously, when 


sin 26=sin (26- 9) 


there is no image distortion. Thus it is possible, by 
appropriate choices of specimen, X-radiation, re- 
flection, and plate orientation, to adjust the distortion 
within limits. If the crystallographic orientation of 
the specimen is known with respect to the surface, 


b= 


PHOTOGRAPHIC PLATE 


b 


IMAGE. 


a sin (2 
sin 20 


b= 


Fig. 18—A zero layer diffraction micrograph will be an 
extended or foreshortened image of the specimen surface. 
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the angle ¢ may be easily derived by the method in 
the next section. 

It is not possible to rectify the image distortion at 
a later stage of photographic reproduction by any 
simple darkroom tricks. The usual rectification 
techniques produce an undesirable keystone effect. 
Perhaps the use of a cylindrical lens or a moving 
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Fig. 19—Schemes for determining what 
reflections are possible for making dif- 
fraction micrographs of a (112) surface 
of a silicon crystal using CrKa radiation. 
a) For producing zero layer reflections 
by rotation about the center and then 
about the vertical axis A-A. 4) For pre- 
dicting all possible reflections, whether 
on or off the zero layer. See text for 
explanation. 


film technique would accomplish the desired result, 
but at present these methods appear to be impracti- 
cal. A simpler approach is to superimpose a square 
reference grid upon a photomicrograph of the 
original specimen surface (part of a larger micro- 
graph is shown in Fig. 12) and a suitably related 
rectangular grid (the vertical spacing calculated 
from the above equation) upon the corresponding 
diffraction micrograph. Corresponding areas can 
then be conveniently described by their coordinates, 
which are the same for all micrographs. 

Reflections Available from a Given Surface—It 
often happens that a zero-layer reflection from a 
certain set of crystallographic planes cannot be ob- 
tained from a prepared specimen surface. This may 
be due to one of the following circumstances: 

1) The diffracted rays are directed into the crystal 
where they are absorbed instead of being reflected 
away from the surface. 

2) In order to bring the desired planes to the 
Bragg angle, the surface to be examined is in the 
shadow of the rest of the crystal and therefore is not 
illuminated. 

One may predict by means of stereographic pro- 
jections, see Fig. 19, what reflections are available 
for making B-B photographs of a given specimen 
surface. To find the available zero-layer reflections 
let the normal to the specimen surface be repre- 
sented by the center of a stereographic Wulff net. 
Then let circles, Fig. 19(@), be drawn around the 
center, having radii equal respectively to the number 
of degrees (measured on the equator) in the Bragg 
angle for the various permitted reflections. It can 
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Fig. 20—Using CrKa radiation, structural detail in lithium 
fluoride can be seen by diffraction microscopy to a depth 
of about 100u. Notice that effects of strain interaction at 
the intersections of edge and screw dislocations in (4). 


be shown that if a pole representing a specific set of 
planes (hkl) for which F # O lies inside the circle 
having as its radius the Bragg angle for that set of 
planes (or a permitted higher order reflection 
thereof), then a zero-layer B-B micrograph of the 
surface may be made using those (hkl) planes. To 
orient such a crystal for a zero-layer reflection it 
is first rotated about the surface normal and then 
about the vertical axis A-A, Fig. 19(2). It is evident 
that zero-layer diffraction, as defined under Experi- 
mental Method, can occur only when the pole of the 
diffracting planes lies on the equator and touches the 
appropriate circle. (Planes whose poles lie outside 
their corresponding circle can be made to reflect by 
rotation about the center of the projection until the 
pole touches the reflecting circle in Fig. 19(+) but 
the reflections will not be on the zero layer.) Fig. 
19(a) is useful in calculating the horizontal distor- 
tion of a zero-layer image by the equation in the 
preceding section. It is only necessary to measure 
the equatorial angle between the pole of the re- 
flecting planes and their corresponding circle on the 
stereographic net to find 9, the angle between the 
primary beam and the specimen surface when re- 
flection occurs. 

A method for predicting which planes can be made 
to reflect by rdtation about A-A, is given in Fig. 
19(b)*. The poles of all planes which lie at the angle @ 

*I am indebted to Mr. S. Leber for suggesting this construction. 
from the beam will lie on a circle 90 deg—@ from the 
incident beam. This circle will be called the reflect- 
ing circle. (Here the reflecting circle for only {111} 
planes is drawn). Since in this illustration the Bragg 
conditions are met whenever a {111} pole touches the 
reflecting circle, any {111} pole lying to the right of 
the reflecting circle represents a set of planes by 
which a B-B image could be made (by rotating the 
crystal about A-A toward the X-ray beam) as long as 
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the total rotation does not exceed 26. Thus a limiting 
circle may also be drawn as indicated. Planes whose 
poles lie to the right of the shaded area are excluded 
due to condition 1) above; those whose poles lie to the 
left are excluded because of condition 2). Only planes 
whose poles can be made to touch the reflecting 
circle on the equator, without the necessity of rotat- 
ing the crystal about the beam as an axis, will give 
zero-layer reflections. 

X-Ray Penetration—The depth of penetration varies 
widely with the density of the specimen. In lithium 
fluoride, for example, clear detail of substructures 
many microns below the surface can be seen. This is 
shown in Fig. 20(). X-rays coming from the right 
and penetrating the B surface emerge as a diffracted 
beam not only from the B surface but from the front 


PLATE 


SPECIMEN 


(6) 
Fig. 21—Pits and other surface contours produce charac- 
teristic light-dark figures, illustrated by a B-B photo- 
graph of an etched silicon crystal (a) for the reason illus- 
trated in (4). 
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surface A as well. The depth of penetration can be 
estimated by comparing the structural features at 
the right of Fig. 20(2) with the very faint ones to the 
left of the crystal edge in Fig. 20(b). The images of 
structural features which are deeper than 100 yu are 
too faint to record during a normal exposure. 

In denser materials penetration is appreciably 
less. A diffraction micrograph of the etched silicon 
specimen referred to earlier, shows a pit effect 
which indicates that effective penetration is less than 
a micron. The features in Fig. 21(a) are wholly due to 
surface contours (etch pits) and are characteristi- 
cally composed of light-dark pairs. The interpreta- 
tion of these effects is simple and is illustrated in 
Fig. 21(5). 

Visualization of Lattice Strains—Where disloca- 
tions of various sorts pass close to one another, 
their strain fields interact in ways which are usu- 
ally quite complex. It appears that diffraction mi- 
crography may provide a useful tool for studying 
these complex strdin fields experimentally. One can 
see several examples in Fig. 20()) where extra 
X-ray intensity is diffracted near the intersection of 
glide bands. The effect is in some respects analo- 
gous to that produced by a strained transparent 
material when viewed optically between polarizing 
filters. 

Large areas of the diffraction image occasionally 
are found to be uniformly dark in some reflections 
and not in others. For example, broad dark bands, 
distinctly separated by light bands, appear in the 
032 reflection of a lithium-fluoride crystal shown 
in Fig. 22(6). This contrast does not appear in the 
320 reflection, Fig. 22(a). Since the characteristic 
darkening is quite direction-sensitive, it is reason- 
able to propose that the effect is due to inhomogene- 
ous microstrains having a preferred direction. 

Extensions of the Technique—Steveoscopic Viewing 
—Pairs of diffraction micrographs sometimes bear a 
stereoscopic relationship to each other. See, for 
example, Figs. 16(a@) and (6), and Figs. 16(c) and (d). 
Vivid three-dimensional effects can be seen in each 
of these two pairs if they are oriented properly and 
viewed stereoscopically. The actual depth of a 
defect below the crystal surface can be measured 
directly by observing the relative positions of the 
defect images in two corresponding diffraction 
micrographs. 

The Use of Color to Indicate Strain Direction—It is 
sometimes possible, by suitable adjustment of con- 
ditions, to produce two undistorted B-B images of 
the same crystal face using different hkl reflections. 
See for example Figs. 9(b)-(d). These images will, 
in general, show the same structural features, but 
with systematically different intensities. These dif- 
ferences may to some advantage be registered on a 
composite color photograph. For example, in this 
laboratory, Fig. 9(c) was projected through a blue 
filter upon a sheet of unexposed color film. Then 
Fig. 9(d) was projected through a red filter, and in 
registry with the latent image of Fig. 9(c), upon the 
same film. The film was then developed. In the re- 
sulting transparency, all the [022] screw dislocations 
appear red and all the [022] screws are blue. The 
edge dislocations (diagonal lines) are purple. The 
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Fig. 22—Uniform darkening of relatively large surface 
areas in certain reflections (+) and not others (a) indicate 
the presence of heterogeneous anisotropic microstrains 
near the surface of a lithium fluoride crystal. 


subgrain boundaries and grown-in dislocations vary 
from red to blue, depending upon the component of 
lattice distortion which is associated with them in 
the [022] and [022] directions respectively. 

Transmission Diffraction Microscopy—It is pos- 
sible to extend the reflection B-B technique to make 
diffraction micrographs in transmission, see Fig. 
23. Micrographs made in this way show the same 
general features found in reflection diffraction 
micrographs, but the resolution in micrographs made 
thus far has been noticeably poorer. However, the 
judicial choice of wavelength and proper application 
of collimating methods may improve the resolution of 
simple transmission B-B micrographs to a useful 
degree. A method based on the anomalous trans- 
mission of X-rays through crystals set at the Bragg 
angle, as reported by Borrmann et al,” may also be 
generally useful in observing the crystalline defect 
structures. 

Application of the Reflex Principle—Best image 
resolution would be had if the photographic emulsion 
could be held directly against the surface of the 
crystal during a B-B exposure. With this arrange- 
ment, of course, the monochromated incident beam 
would pass through the emulsion before it reached 
the crystal itself, thus tending to darken the emul- 
sion uniformly. Superimposed on this uniform 
darkening, however, would be the diffracted B-B 
pattern. (Photostats are made by this reflex 
process.) The extreme contrast of the high resolu- 
tion emulsion makes this an attractive possible 
extension of the basic Berg-Barrett technique. 

The Use of Television for Observing the Image—It 
is possible to substitute a fine-grained fluorescent 
screen in place of the usual photographic plate. 
Photometric intensity measurements which have been 
made of a strong B-B image on a fine-grained (10 
particle size) screen indicate that enough light inten- 
sit is available to permit optical magnification of 
the image to about five times without reducing the 
image intensity so much that it cannot be detected by 
a sensitive television camera tube. Intensity ampli- 
fication and further enlargement could then be made 
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Fig. 23—Arrangement for making diffraction micrographs 
of thin crystals by transmission. 


electronically so that the reproduced B-B image 
could be viewed on a television picture tube. Resolu- 
tion would be limited by the size of the active crys- 
tals in the fluorescent screen. 

A more promising variation of this method is to 
use a small X-ray sensitive television camera tube”® 
to pick up the original reflection.* An image of the 

*In this type of tube X-rays pass through a thin beryllium window 
onto a thin backing layer of semiconducting material. A fine electron 
beam is made to scan this semiconducting retina. Since the conduc- 
tivity of the semiconductor varies directly with the intensity of the 
X-rays falling upon it, a synchronized beam of a picture tube may be 
modulated according to the X-ray pattern striking the camera tube. 
X-ray pattern could be reproduced on a television 
picture tube through the use of standard television 
circuits. The fact that this method does not require 
an intermediate fluorescent screen would provide 
two immediate advantages, viz. 1) image resolution 
would not be limited by the crystalline size of a 
screen and 2) the operation could be carried out in 
daylight since the X-ray sensitive television tube is 
insensitive to light. Resolution in this case would be 
limited by the diameter of the electron beam in the 
camera tube. 

The use of television methods offers the interest- 
ing possibility of observing directly such time-de- 
pendent phenomena as thermal recovery process in 


deformed crystals and the movement of undecorated 
dislocations under applied stress. 

A few diffraction micrographs have been made of 
metals, viz. zinc, iron, and tungsten. These micro- 
graphs show subgrains and slip bands and generally 
confirm Barrett’s findings. However, they do not 
show the clear direction-dependent intensity effects 
given by the crystals of silicon and the ionic salts 
tested. The reason for this is not clear at present 
and is the subject of further work. 


CONCLUSION 


X-ray diffraction micrographs, made by a varia- 
tion of the simple Berg-Barrett method, are capable 
of revealing pictorially individual undecorated dis- 
locations and other subgrain details in silicon and in 
lithium-fluoride crystals. The increased diffracted 
intensity at the dislocation sites is due to a local re- 
duction of primary X-ray extinction. Since extinction 
is a direction-sensitive phenomenon the direction of 
the Burgers vector of a dislocation may be defined 
experimentally by comparing the intensity of its 
image in diffraction micrographs made with different 
hki reflections. 
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Technical Note 


RecentLy metallographic studies of copper slugs 
recovered after firing shaped charges in deep con- 
tainers of water were reported.’ The present note 
describes the metallographic examination of a steel 


VOLUME 215, JUNE 1959-497 


ite 
ate 
7 
| 
ry 
- 
ke 
ade 
yn 
n of 
; 
~ 
It 
a 
n- 
E 


| 4:3 mm 
M 
444.2 
Fig. 1—Sketch of 
the longitudinal 
section of a steel 
\ J schematically the 
Z 
cracks. M, H, and 
K are the areas in 
the longitudinal 
plane which corre- 
\ /7.5 MM spond with photo- 
N | Y micrographs of 
ae ae Figs. 2, 3, and 4, 
Sys Y respectively. 
BA 


9 mm 


Slug recovered undamaged using the same technique. 
The shaped charge was exactly identical to that 
described earlier,’ except that the cone was ma- 
chined out of a typical annealed low-carbon (C 0.2 
pct) rolled steel bar, and had a grain size of 0.03 to 
0.035 mm diam and hardness of 175 HV.* The mi- 


*The microhardness (HV = Hardness Vickers) was measured with the 
Leitz Durimet microhardness tester, employing a load of 50 g. 


Fig. 2—Photomicrograph of the region 
M illustrated in Fig. 1 showing net- 
work of shear cracks. The arrow in- 
dicates the direction of the axis of the 
slug. X80. 


ite: X1180. 
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Fig. 3—Photomicrograph of the region 
H illustrated in Fig. 1 showing fine and_ K illustrated in Fig. 1 showing recrys- 
coarse ferrite and recrystallized pearl- tallized fine ferrite and pearlite grains: 


crostructural studies of the slug completely support 
the general pattern of the direction of metal flow 
observed in cast iron’ and copper slugs. These fur- 
ther indicate similar type of temperature gradient 
and similar characteristic zones. In the deformed 
region, the maximum number of twin directions 
found in the etch plane of a single favorably oriented 
ferrite grain was four. The grain size in this region 
was of the same order as that of the original cone 
except that the grains were heavily deformed. The 
microhardness in this region was 300 to 400 HV. 
The depth of this region was about 1 mm and was 
almost constant from the apex to the base of the 
slug, while in the copper slug the depth of this re- 
gion decreased from the apex to the base. The de- 
creasing extent of the deformed zone in copper slug 
seems to be related to its high thermal conductivity 
and low recrystallization temperature. The inner re- 
crystallized region had a microhardness of 225 to 
275 HV. The fine ferrite grains (~ 0.0026 mm diam) 
along the periphery of this region nearly doubled in 
size towards the central axis of the slug.* Similar 
*It is of interest, however, to point out that Clark and Bruckner in 


their examination of cast iron slug observed fine ferrite grains along 
the longitudinal axis and these increased in size towards the outside. 


variation was observed along the longitudinal axis 
from the beginning of the recrystallized zone to 
somewhere in the central portion of the slug. The 
grain size then decreased to about 0.0027 mm near 
the base. This indicates a variable flow process. In 
between these two regions there was a narrow tran- 
sition region (~ 0.5 mm), where both deformed 
grains and very fine recrystallized grains coexisted. 
The hardness measurements along the longitudinal 
and transverse planes completely confirmed the re- 
sults of microstructural studies. 

A series of parallel fine cracks or fractures, 
Fig. 1, at a mean distance of 0.6 mm and inclined at 


“ 


a? 


Fig. 4—Photomicrograph of the region 


X790. 
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approximately 45 deg to the longitudinal axis of the 
slug was also observed. These cracks extended from 
about 1 mm from the outside surface to the center. 
These intersected one another and formed a fine ir- 
regular network, Fig. 2, in the central region near 
the apex. The cracks were: not observed near the 
base of the slug. The direction of flow, as indicated 
by pearlite grains, was at 24 deg to the longitudinal 
axis in the region of the cracks while it is in the 
longitudinal direction in the center. This suggests 
that the cracks must have been formed at an early 
stage in the deformation, since further flow has oc- 
curred subsequent to their formation. Near the 
cracks the recrystallized grains were coarser than 
those observed in the adjoining areas. It is of 
interest, however, to point out that Clark and Bruck- 
ner in their examination of cast-iron slug reported 
a number of fractures along the direction of flow 
near the bottom of the slug. The metal in the slug 
flows by shearing between adjacent elements under 
this heavy pressure and the cracks indicate that the 
limit of plasticity was exceeded in those regions. 
The absence of cracks near the base of the slug 
might be attributed to increased plasticity due to 
higher temperatures obtained in that region. The 
absence of cracks in copper slugs may be attributed 
to its high ductility. The pearlite grains seem to 
have partially spherodized in the mid-center of the 
slug. These crowd, however, more and more closely 
from the region of the maximum diameter of the slug 
towards the base. In this region, the pearlite ap- 


pears to have recrystallized in some places, Fig. 3, 
indicating the temperature to be in excess of Ac,, 
existing under the pressures obtained in the slug. 
Further down towards the base ferrite also appears 
to have recrystallized, Fig. 4, suggesting that the 
temperature here is a little over Ac,.* These struc- 


*At atmospheric pressure, mild steel requires a temperature of at 
least 500°C to cause recrystallization. It seems that the temperature 
of the metal in the slug along the longitudinal axis increases from 
about 500° to 900°C from the apex to the base of the slug, respectively, 
taking the phase diagram to be at atmospheric pressure. 
tures further suggest that the cooling rate after 
heating was not sufficiently rapid to cause a harden- 
ing effect from the Ac, or Ac, temperature. 

The grains at the extreme edge of the base were 
elongated, which suggests the possibility of ductile 
drawing between the rear of the jet and a very 
narrow zone at the base of the slug. 
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The Isothermal Transfer from Solid to Liquid 


in Metal Systems 


The isothermal transfer of material from solid lead into 
liquid lead-tin alloys was investigated. When there was no stir- 
ring of the liquid the process was controlled by liquid diffusion, 
while at high stirring rates it was controlled by a surface re- 
action. The activation energy for the surface reaction was 2+1 
kcal per mole, as predicted by a kinetic theory of melting and 
freezing. Diffusion of tin atoms into the solid lead was not a 


J. M. Lommel 


necessary condition for the phase transfer. 


Tue transfer of material from the solid to the liquid 
states can be accomplished in several ways. It oc- 
curs by the application of heat in the more familiar 
metallurgical operations of melting but it can also be 
accomplished by solution in a liquid, as can occur in 
systems using liquid metals for heat-transfer media. 
The kinetics of this reaction were studied to learn 
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more of the separate steps in the process. 

In the case of a pure material at its melting tem- 
perature, T, 4, thermal energy must be supplied to 
the solid in an amount equal to the latent heat of 
fusion in order for the solid-to-liquid transfer to 
occur. The rate at which heat is supplied, and hence 
the rate of melting, is a function of the temperature 
gradients in the system. 

This phas@*transfer can also occur in the absence 
of temperature gradients in the system illustrated in 
Fig. 1, which is a partial phase diagram between the 
components A and B. A solid of composition C; will 
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transfer into a liquid of composition C,, where C is 
the concentration of component A, to bring the liquid 
composition closer to C,, the equilibrium liquidus 
concentration. There must also be diffusion of com- 
ponent B into the solid to bring its composition 
closer to Cs, the solidus concentration. Whether or 
not there is a net transfer from solid to liquid de- 
pends on the relative amounts of solid and liquid, but 
the rate of mass transfer is a function of concen- 
tration gradients in the system. 

This study was undertaken to learn if the isother- 
mal mass transfer from solid to liquid required 
diffusion of B atoms into the solid until the compo- 
sition reached the value Cx before the transfer 
occurred, or if the solid could transfer directly into 
the liquid at a temperature below its melting point. 
The first case is one of melting, where the solid has 
a composition which could be in equilibrium with a 
liquid phase, while the latter is one of solution. 

The isothermal phase transfer from solid to liquid 
in a concentration gradient can be broken up into two 
consecutive steps. The first is the surface reaction 
in which atoms go from the solid solute into the 
liquid phase. The second is a diffusion process in 
which the solute atoms diffuse from the interface 
into the bulk liquid. Gurinsky’ has divided corrosion 
in heat-transfer systems using liquid metals into six 
consecutive steps with the above being the first two. 
Either step could be the rate-controlling one. At high 
rates of mass transfer the surface reaction will be 
the rate-controlling one, while at low rates the sur- 
face reaction will be fast enough to maintain the con- 
centration of A atoms in the liquid at the interface at 
a concentration close to C;,. 

Most experiments on the transfer of a solid metal 
into a liquid metal have been done in thé field of 
liquid-metal corrosion. Because of difficulty in 
_ establishing the boundary conditions for the diffusion 
step of the process, it has been difficult to separate 


500-VOLUME 215, JUNE 1959 


the two steps in the mass transfer. Epstein’ has 
combined the corrosion rate and solubility data for 
the systems iron-sodium and iron-mercury to show 
in a qualitative fashion that the mass transfer of 
iron into liquid sodium may be controlled by the 
surface reaction. In the case of mass transfer in 
the copper-liquid-lead system Gorman and 
Preckshot*® showed that diffusion of copper in the 
liquid was the rate-determining step; the surface 
reaction occurred at a rate high enough to maintain 
the solute concentration in the liquid solvent at the 
solid-liquid interface at the saturation value, Cy. 

Mathematical treatments of mass transfer in 
liquid-metal systems have been made on the basis 
of a process controlled by a surface reaction or a 
liquid-diffusion step. Epstein” has developed ex- 
pressions analogous to heat-transfer equations but 
one must know beforehand which reaction controls 
the process. The Nernst-Brunner theory of disso- 
lution* assumes that the process is composed of two 
consecutive steps: the net transfer of atoms from 
solid to liquid and the diffusion of solute through a 
boundary layer of constant thickness in the liquid. 

The transfer of copper into liquid lead and liquid 
bismuth was analyzed by Ward and Taylor” ° in 
terms of the Nernst-Brunner theory. The experi- 
mental technique, measuring the concentration of 
solute in the liquid as a function of time, does not 
allow one to measure or maintain a constant 
boundary-layer thickness in the liquid as the tem- 
perature is varied and hence, the activation energy 
for the rate-controlling step cannot be determined. 
They concluded, however, that the mass transfer was 
controlled by the liquid-diffusion step. 

The surface-reaction step appears to control the 
transfer of solid germanium into liquid aluminum. 
Wernick’ investigated the motion of liquid aluminum 
in germanium by temperature-gradient zone melting. 
He found that there was an orientation dependence of 
the attack of the solid by the liquid phase which 
would not occur if the process were controlled by 
liquid diffusion. 


MATHEMATICAL ANALYSIS 


Mass transfer from solid to liquid is considered 
under three cases. In the first, diffusion in the liquid 
controls the rate of mass transfer; mass transport in 
both static and dynamic liquids is treated. The sur- 
face reaction is assumed to control the mass trans- 
fer in the second case and a kinetic theory of melting 


and freezing is adapted to the solid-to-liquid transfer. 


Finally, the case in which neither reaction is very 
much faster than the other is considered. 

Diffusion in a Static Liquid—The method of solution 
of the one-dimensional, linear diffusion equation for 
semiinfinite media is indicated in the Appendix for 
the boundary conditions illustrated schematically in 
Figs. 2(@) and 2(b). Since the surface reaction is 
assumed to be fast enough to maintain equilibrium 
conditions, the concentration at the interface is given 
by the phase diagram. The mathematical treatment 
follows that given by Wagner® for diffusion in systems 
with moving boundaries. The general solution to this 
type of problem was given by Danckwerts.” *° A 
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single diffusion equation is used to describe the mass 
transport in each phase, and it is assumed that the 
diffusion coefficient is independent of concentraéion, 
which is used in place of activity as a measure of the 
driving force. The bulk flow of the liquid with re- 
spect to a fixed coordinate system due to the volume 
change on phase transfer has been neglected. 

With these assumptions the displacement, z, of the 
solid-liquid interface is given by Eq. [1]. 


z=2yvD,t [1] 


The constant yis a function of Cy, Cy, Cs, C;, and 
Ds, the diffusion coefficient in the solid. In the case 
that Dsis much smaller than D, the value of y is 
given by Eq. [2]. 
r Vr *) [1 

(y) y (exp [ + enf y] [2] 


Diffusion in a Stirred Liquid— When there is stir- 
ring in the liquid phase it is assumed that mass 
transport in the liquid adjacent to the interface oc- 
curs by volume diffusion through a boundary layer 
of thickness 5; in the remainder of the liquid uni- 
form composition is maintained by convective mix- 
ing. If the rate of mass transfer is large enough so 
that atoms cannot leave the solid at a rate sufficient 
to maintain the composition of the liquid at the in- 
terface at Cz, the concentration will fall to some 
value C’ as shown in Fig. 2(c). 

The steady-state solution to this boundary-value 
problem is given in the Appendix. The rate of | 
motion of the interface between solid and liquid, z, 
is given by Eq. [3]. 


= 9 
z=5 in [1 + {= Co) 


[3] 


The diffusion of solvent atoms into the solid solu- 
tion has been neglected in this derivation since its 
effect on z is less than the precision of the experi- 
ments. 

Kinetics of the Surface Reaction—In order to pre- 
dict a value for the absolute rate of reaction at the 
solid-liquid interface, the kinetic theory of melting 


and freezing as formulated by Jackson and Chalmers”™ 


for single-component systems and later extended 
to multicomponent systems by Jackson” was adapted 
to phase transfer in a solute gradient. The notation 
is essentially the same as that used by those authors. 
It is assumed that ideal solutions are formed in the 
solid and liquid phases. 

The net rate of motion of the solid-liquid inter- 
face is given by Eq. [4] as the difference between the 
rate of melting and the rate of freezing of A atoms. 


= [4] 


The rates of melting and freezing of A atoms in an 
alloy of composition C are given by: 


A 
A Qy 
Ri= N, C v, Ay Gi exp 
A GA Q; 
Ri =VN, C Vy A; exp [5] 
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Fig. 2—Boundary conditions for diffusion in a liquid with 
moving boundaries. (a) initial conditions; () diffusion in a 
static liquid; (c) diffusion in a stirred liquid, C-y is the 
coordinate system moving with the interface. 


Vo is the atomic volume, N, is the number of atoms 
per unit surface area of the solid at the interface, 
v, is the vibration frequency of atoms in the solid, 
Ag is the accommodation coefficient of the solid A 
atoms, Gi is the geometric factor for A atoms going 
from solid to liquid, and ef is the activation energy 
for melting of A atoms. The subscripts L and F re- 
fer to atoms in the liquid and the freezing process, 
respectively. The activation energy for freezing, 
Q,, is the additional energy an atom in the liquid 
must have in order to transfer to the solid. This 
energy barrier is thought” to be the same as that 
for liquid diffusion since the unit processes in ar- 
riving at the activated state are the same. 

At the temperature T the rate of melting of A 
atoms in a solid of composition Cs is the same as 
the rate of freezing of A in a liquid of composition 
C;,. When this condition is combined with Eqs. [4] 
and [5], the net rate of motion of the interface is 
given by Eq. [6]. 


A 
A 
Gf |exp|- (G Cs) - 
o Ny AF of pall I 5 ] [6] 
C’ is the concentration of A in the liquid at the 
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pension of colloidal graphite. The top surfaces of the 
_- BRASS BOAT samples were ground with a file until they were level 
an with the top of the boat. A few drops of tricresyl 
phosphate were placed on the surface of the samples 
to prevent liquid tin from wetting the glass plate 
_— LIQUID ALLOY which was fastened to the top of the boat. The glass 
plate prevented the liquid phase from running over 
the surface of the solid, obscuring the interface 
position. A scale with 0.1-in. markings was milled 
into the surface of the boat for measuring the dis- 
| SOLID LEAD placement of the interface. The surface of the lead 
in contact with the tin was coated with a water solu- 
tion of a7 t ZnCl, — NH,Cl1 flux to dissolve the 
PLATE The boat containing the sample was placed in a 
vertical tube furnace having a window to permit 
observation of the progress of the reaction. The 
furnace was designed so that temperature variations 
along the 20-in. length of the brass bar were less 
than 2°C and the temperature was controlled within 


Fig. 3—Sample arrangement for unstirred liquid experi- +1.5°C except for the 3-month run, 25, in which 
maul. there was a gradual temperature decrease of 3°C. 
Initial experiments showed that the brass bar had 

interface. This equation is made consistent with . ; 

the assumption that there is negligible solid solu- to be held vertically with the denser paase on the 

bilit ie os bottom to prevent stirring in the liquid by free con- 

y by setting C; = Cs; = 1. Eq. [6] then has the 

form given by Eq. [7]. vection. When the bar was horizontal the interface 
would become curved when lead was dissolved in 

: liquid tin. Preliminary experiments showed that a 

Zz = K |jexp|- RT [G, -C’] [7] curved interface formed when tin dissolved in liquid 
indium, even though the density difference was only 


0.1 pet. In vertical operation a flat interface was 


Combined Surface Reaction and Diffusion in a 
ns en formed between solid and liquid for all runs, in- 


Stirred Liquid—In this case the mass transfer from 
solid to liquid is given by Eq. [7] and the mass 
transport in the stirred liquid by Eq. [3]. The <—BALL BEARING 
logarithmic factor in Eq. [3] was expanded in a 
power series of (C’ — Cy)/(C; C’), dropping 
terms of order higher than unity; this introduced 

an error of no more than 3 pct in these experiments. 
After Eq. [7] and the approximate form of Eq. [3] 
are combined eliminating C’, the result is given by 


Eq. [8]. 
E + + K (C; - C, ) exp 
C STIRRING 
= Xp 
R gz [8] Yj 
d 
EXPERIMENTAL WORK 
Mass transfer in the lead-tin system was investi- . 7 
gated because no compounds are formed which might q Y 
inhibit the process. Since there is complete mis- q 
cibility in the liquid phase of this system, the driving / LIQUID 
force for the reaction, which is a function of (Cz -— Co), F | ~ ALLOY 
could be made large without going to high tempera- Y; 
tures. d 
In the first series of experiments there was no in- hye j 
tentional stirring of the liquid phase. This was ac- q Al GRAPHITE 
complished with the arrangement illustrated in Fig. 3. q Rr oe > BLOCK 


A semicircular groove 1/4 in. in diam was milled in 
flat brass bar stock. Lead and tin samples 3 in. long 
with a purity of 99.99 pct, were cast to fit in the 
groove; reaction between the samples and the brass 


boat was prevented by coating the brass with a sus- Fig. 4—Apparatus for experiments in a stirred liquid. 
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dicating that there was very little, if any, convective 
mixing. 

The position of the interface was recorded as a 
function of time. The interface’s location could be 
detected within 0.02 in. by a slight difference in the 
appearance of the solid and the liquid in the groove. 
A purified helium atmosphere was used in the fur- 
nace to reduce oxidation of the surface of the sample, 
which would impair the observations. 

In the second series of experiments the concen- 
tration gradient was increased by stirring the liquid. 
The apparatus is shown in Fig. 4. A double-layer 
liquid phase was held in a graphite crucible which 
was heated in a pot-type furnace. The liquid lead-tin 
alloy was covered with a flux of varying amounts of 
NH,Cl, ZnCl,, and NaCl to dissolve the oxide on the 
sample and reduce the oxidation rate of the liquid 
alloy. The composition of the flux was changed for 
each temperature to maintain approximately con- 
stant viscosity. The liquid alloy was stirred with a 
glass propeller at speeds up to about 500 rpm. The 
sample, a cast 0.25-in. diam lead rod 1.5 in. long, 
was fastened in a steel holder mounted on a steel 
rod. The steel rod passed through a hollow-shaft 
stirring motor and could be moved vertically while 
the sample was rotating by grasping the ball bearing. 
The sample was preheated before each run by hold- 
ing it in the auxiliary furnace and then in the liquid 
flux. The run began when the sample was lowered 
into the liquid alloy. The solution rate was de- 
termined by measuring the change in diameter of 
99.99 pct lead rods as a function of immersion time. 

It was found that, within the experimental error, 
the rate of solution of lead was independent of the 
rotation speed from 5 to 1000 rpm when the pro- 
peller ran at 500 rpm. This was the case when 
(CL - C,) in atom fraction units was less than 0.05. 
At higher values of (C, — C,)the solution rate was 
too large to maintain a uniform composition in the 
liquid with the available apparatus and the solution 
rate increased with sample rotation speed. All 
other experiments were conducted so that the rate 
of solution was independent of the sample rotation 
speed, a speed of about 1000 rpm being used in 
most of the experiments. Because of dynamic in- 
stability in the motion of the rod holding the sample, 
the rotation was not radially symmetric, thus aiding 
mixing in the liquid alloy. 

The solution rate was measured as a function of 
C, and temperature, keeping (C, - C,) less than 0.05 
with the exception of run 2B. The concentration of 
lead in the liquid was measured by an X-ray fluores- 
cent analysis technique described elsewhere* with a 
standard deviation in the concentration of 0.002 atom 
fraction. 

In a third type of experiment a cylinder of lead was 
filled with a liquid lead-tin alloy. The composition of 
the liquid was adjusted to have the value C; for the 
particular temperature of the run. After a period of 
80 hr at 190°C the sample was sectioned for metal- 
lographic examination to observe the shape of the 
solid-liquid interface. This experiment was con- 
ducted to compare the morphology of the solid-liquid 
interface when there was no stirring of the liquid, and 
when there was stirring. In the former case the dif- 
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Fig. 5—Motion of the solid-liquid interface in an unstirred 
liquid. 


fusion step could control the rate of mass transfer, 
while in the latter case the surface reaction could 
control. 


DISC USSION OF RESULTS 


Unstirred Liquid— The position of the solid-liquid 
interface as a function of time is given for several 
typical runs in Fig. 5. In agreement with the model 
in which mass transfer is controlled by diffusion the 
displacement of the interface had a parabolic time 
dependence, Eq. [1]. Since the reaction began when 
the tin or lead-tin alloy melted before the boat had 
reached the temperature of the run, the mathematical 
model was not precisely satisfied. An effective time 
was used, but this necessitated only a small correc- 
tion from the time at which the liquid came into con- 
tact with the solid and affected only the first few 
readings. 

The slopes, m, of the displacement-square root of 
time curves are given in Table I. The equilibrium 
data for the lead-tin system were taken from pub- 
lished diagrams**” and were used to calculate a 
value of y for each run by graphical means. The ef- 
fect of diffusion of tin atoms into the solid on the 
mass transfer was calculated from known values of 
the diffusion coefficient.’ Values of (m/2 VD.) for 
each run are given in Table I. With the aid ok 
[A-8], the asymptotic expansion of IT (-m/2 vD,) , 
and Eq. |A-7], it can be seen that, with the accuracy 
of the data, solid diffusion can be neglected in cal- 
culating Dy, even though a calculation for run 24 
showed that tin had diffused several thousand atom 
distances into the solid by the time the interface 
moved 1 cm. Values of Dy were obtained by the use 
of Eq. [1] and Fig. 6 is a plot of log D; vs 1/T. The 
scatter is consistent with the uncertainty in T and 
C;,. The activation energy and its standard devia- 
tion calculated from this curve by least squares 
analysis are given in Table II. 

The mass transfer of solid lead into an unstirred 
lead-tin liquid can be described by a process con- 
trolled by liquid diffusion. The main effect of in- 
creasing the temperature is to increase the driving 
force for liquid diffusion at constant C , hence, the 
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Table |. Sotution of Lead in Unstirred Liquid. Concentrations Are in Atom Fraction of Lead; m Is the Slope of the z— \/t Curves 


Run T,°C Co G m, In//Min m/2/Ds y* Di, SqCm per Sec 
15 250 0.000 0.544 8.05: 10°? 214 0.40 1.09-10°5 
22 304 0.000 0.859 1.94-10°2 358 0.89 1.28 
24 320 0.000 0.952 2.76°10°? 189 1.22 1.38 
25 199 0.260 0.309 5.97: 10°4 55.5 0.0385 0.65 
270 0.000 0.641 103-10"? 180 0.505 1.12 
28 272 0.000 0.651 1.22: 10°? 205 0.517 1.49 
31 248 0.000 0.532 7.81: 10°? 218 0.390 1.08 
33 275 0.000 0.670 1.16°10°? 183 0.545 1.21 
34 297 0.000 0.810 1.64: 10°77 169 0.775 1.20 
35 248 0.000 0.534 7.72: 10° 215 0.392 1.04 


*Calculated from Eq. [2]. 
+Calculated from Eq [1]. 


large uncertainty in the value for the activation 
energy of liquid diffusion. Since it has been shown” 
that Dy, is not independent of concentration and the 
diffusion occurred over a range of concentration 
from C, to Co, part of the experimental value for 
the activation energy of liquid diffusion may be due 
to the variation of with C;. 

Although the value of D; at the temperature of the 
present experiments agrees with the extrapolated 
data of Niwa, et al.,” for diffusion in liquid lead-tin, 
there is considerable difference in the values for 
Q. It is felt from the description of their experi- 
ment, that convection may have been responsible for 
the high value of Q obtained by Niwa, et al.'” The 
present value for the activation energy is closer to 
that for the activation energy for viscosity in liquid 


lead-tin alloys as determined by Fisher and Phillips.” 


Stirred Liquid—The change in diameter of lead 
rods as a function of the time of immersion in a 
stirred lead-tin liquid alloy is given for a typical run 
in Fig. 7 and the data are summarized in Table III. 
The change in diameter as a function of time did not 
extrapolate to the origin. The intercept represents 
the time required for temperature equilibrium 
between sample and liquid to be reached, as well as 
the time required to sweep away the flux retained on 
the surface of the sample. 


1/T, 1079 (°K)! 
Fig. 6—Diffusion coefficient of lead in liquid lead-tin alloys. 
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When the solution-rate measurements were made 
under conditions which gave a rate independent of 
the stirring speed, several observations were made 
which indicated that mass transfer was being con- 
trolled by a surface reaction rather than by diffusion 
in the liquid. 

To test the assumption that the process was con- 
trolled by liquid diffusion requiring C’ to be equal to 
C, , the data of Table III were analyzed in terms of 
Eq. [3] by plotting the quantity In {22/In [1 + (C, 

- Cy)/(Cy - G,)]} vs 1/T. If the boundary layer 
thickness were independent of temperature, the slope 
of such a plot would give the activation energy for 
liquid diffusion. It was found, however, that the slope 
had a value of —2.5 +1 kcal per mole. The boundary 
layer thickness is a function of the rate of stirring 
and the kinematic viscosity of the liquid. Since the 
rate of stirring was the same for all temperatures 
and the kinematic viscosity does not change greatly 
in this temperature range, the boundary layer thick- 
ness was essentially constant; therefore, the nega- 
tive value for the ‘‘activation energy’’ rules out the 
possibility that the process of mass transfer was 
controlled by liquid diffusion. 

A similar analysis was made on the data of 
Craighead, Cawthorne, and Jaffee,’ who measured 
the rate of solution of aluminum in aluminum-silicon 
liquid alloys. The activation energy calculated from 
Eq. [3] for their data, however, gave a value of 30 
kcal per mole, a value significantly higher than the 
3 kcal per mole activation energy from the data of 
Uemura” for diffusion of silicon in liquid aluminum- 
silicon alloys. Although the high activation energy 
might indicate a process controlled by a surface 
reaction, photomicrographs indicated that liquid dif- 
fusion was controlling since there was no orienta- 
tion dependence of the attack. The high activation 
energy could result from a variation in boundary 
layer thickness with temperature since the only mix- 
ing was by thermal convection, which is a function of 


temperature. The analysis made by Craighead, ef al.” 


when they plotted the rate of solution as a function of 
temperature to obtain an activation energy for the 
process did not correct for the variation of the driv- 
ing force, a function of (C,;- C,), with temperature. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


22,1075 INCHES 


THE 


] 
: 
I 
f 
( 
| ‘ 
r 
b 
tl 
s 
Vv 
W 
s 
th 
tk 
ul 
su 
gi 
m 
re 
fe 
bu 
pr 
or 
° 
LOG D, ° 
° 
-50 g 


yn 


l- 


Table Il. Diffusion of Lead in Liquid Lead-Tin Alloys 


Do log Do Q 
This study 2.3-10°*em?/sec -4+ .36 t .25 3200 + 600 cal/mole 
Niwa, et al. 1.2:10°° -3+ .08 5900 + 1000 
Fisher and Phillips is Viscosity measurement 1300 


Evidence of a more positive character that a sur- 
face reaction controlled the transfer of solid lead 
into stirred lead-tin liquid alloys was that there was 
a grain-size effect on the rate of solution and the 
solid was etched by the liquid, Fig. 8. 

When the sample was composed of only two or 
three grains, the solution rate as determined by 
measuring the change in diameter of the rod was 
half the value when the solid was composed of fine 
grains, 1 mm indiam. The attack did not seem to 
be concentrating at the grain boundaries, so the 
grain-size effect was indicative of an orientation 
dependence on the rate of attack of the solid. The 
data in Table II were obtained from fine grain 
samples and are, hence, values averaged over 
several crystallographic directions. Some experi- 
ments were performed with single crystals but no 
idiomorphic solids were formed due to a dependence 
of the rate of attack on orientation. This may have 
been due to unfavorable fluid-flow conditions; if 
there were a large departure from a circular cross 
section, there would be regions in which the relative 
velocity of the liquid would be small and diffusion 
would be the rate-controlling step instead of the 
surface reaction. 

When a sample was rotated slowly in the liquid and 
then at a high speed as it was pulled out to remove 
the liquid on the surface of the solid, the surface was 
uniformly bright and smooth. When the sample was 
rotated at high speed in the liquid; however, the 
surface had an etched appearance, Fig. 8 The de- 
gree of etching was independent of the time of im- 
mersion, indicating that steady-state conditions were 
reached quickly. At low stirring speeds mass trans- 
fer was believed to be controlled by liquid diffusion, 
but at high speeds a surface reaction controlled the 
process giving rise to an orientation dependence, 
or selective etching, of the attack. 
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Fig. 7—Rate of mass transfer in a stirred liquid. 
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In order to compare the theoretical rate of solu- 
tion given by Eq. [6] with the experimental one, the 
concentration in the liquid adjacent to the interface, 
C’, had to be known. Several analyses of the data 
were made in an attempt to obtain the value of C’. 

The mass transfer was considered as controlled 
by the combined surface reaction and diffusion steps. 
The data were analyzed in terms of Eq. [8] by plot- 
ting the rate of change of diameter, 2 2, vs (C; — C)/2z 
in Fig. 9 for runs 4B through 12B. Since the ex- 
ponential factor was nearly constant for these runs, 
such a plot should give a straight line according to 
Eq. [8]. The slope of a straight line drawn through 
these points has a negative value, but the coefficient 
of (C, — C)/z in Eq. [8] is not negative. A breakdown 
in the mathematical treatment occurs when C’ is 
equal to C,, when there is no boundary layer, and 
when C’ is C; . 

If the mass transfer process were controlled by a 
surface reaction, the rate of solution should vary 
linearly with (C; — CG) at constant temperature, since 
in this case C’equals C,. Such a relation was found, 
as the data from runs 4B through 12B show in Fig. 10. 
This linear dependence would also be found if C’ were 
to vary in the way indicated by Eq. [9]. 

(C, - C')=a (Cy - G) [9] 
A model to predict the value of a has not been found, 
however. 

A comparison between the theoretical and meas- 
ured rates of solution was made assuming that C’ was 
equal to C,. The constants in K were evaluated by the 
techniques used by Jackson and Chalmers.” The 
work of Orrok” on the effect of the rate of melting on 
the melting temperature of lead was used to obtain a 
lower limit to the value of the accommodation coef- 


Table Ill. Solution of Lead in a Stirred Liquid. 
Concentrations in Atom Fraction of Lead 


Run T, °C Cr Co 22 
4B 205 0.332 0.285 8.0-10°4 in. sec 
5B2 24 0.328 0.290 8.3 
6B 205 0.332 0.297 5.1 
10B 205 0.332 0.318 2.4 
113 204 0.328 0.320 1.0 
12B 24 0.328 0.307 2.4 
13B 209 0.347 0.326 3.3 
14B 215.5 0.370 0.353 2.7 
2B 218 0.386 0.281 10.9 
15B 225 0.410 0.396 3.0 
16B 237.5 0.471 0.438 5.7 
16B2 238 0.475 0.438 7.3 
17B 247 0.521 0.491 4.8 
18B 252.5 0.557 0.532 3.8 
19B 259.5 0.598 0.578 3.2 
20B 273 0.680 0.660 5.3 
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Fig. 8—Etching of lead by liquid lead-tin alloy. X10. Re- 
duced approximately 11 pct for reproduction. 


ficient Af# . He found that the melting point was de- 
pressed less than 1°C per cm per sec. A value of 0.2 
was used for Af in these calculations. The activation 
energy for liquid diffusion as measured by Fisher 
and Phillips” was used for Q;. The actual rate of 
solution for run 16B was 2.8.10~* in. per sec; the 
theoretical, 7.5 in. per sec. 


The exact reason for this discrepancy is not known. 


The temperature of the interface was calculated by 
assuming that the latent heat of fusion plvs the heat 
of mixing were supplied by conduction through the 
solid and the liquid. The interface temperature 
would have to be decreased less than 3-10°°°C for 
this to occur. Thus, this change in the interface 
temperature would not seriously affect the value of 
C,;, as determined by measurement of the tempera- 
ture of the bulk of the liquid. The assumption that 
there is no boundary layer is not a good one; cor- 
rection awaits an independently measured or pre- 
dicted value of 6. If foreign atoms were adsorbed 
on the interface and acted as a diffusion barrier, 
they would increase the activation energy for the 
phase transfer as well as reduce the rate, but there 
was fair agreement between the theoretical and 
measured activation energy. 
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Fig. 9—Rate of solution as a function of (C,-Co)/2z ina 
stirred liquid at constant temperature; concentrations in 
atom fraction of lead. 
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The value of Q,, Eq. [7], was obtained, assuming 
C' was equal to C,, by plotting log [2 z/(C, - G)] 
vs 1/T in Fig. 11. The phase diagram is accurate 
to within 0.002 atom fraction units” as are the 
values of ©. The 95 pct confidence limits due to 
uncertainties in C,, GQ, and 2 z for a typical run are 
shown in Fig. 11. Least squares analysis of the data 
gives a value for 4, of 2 kcal per mole with a stand- 
ard deviation of 1 kcal per mole. This is within ex- 
perimental error of the theoretical value, the activa- 
tion energy of diffusion in the liquid, as given by the 
value from the experiments above or liquid viscosity 
measurements. 

Using the value of the diffusion coefficient of tin in 
solid lead” the depth of diffusion of tin was calcu- 
lated. In the appendix it is shown that the concentra- 
tion distribution in the solid phase with the boundary 
conditions illustrated in Fig. 2(c)is given by Eq. 
[A-11]. The distance Ds /z is a measure of the 
amount of diffusion in the solid. Using the data from 
one run in which (C; — C,) was greater than 0.050, 
thus giving a value of z which was less than the rate 
of the surface reaction, the distance (Ds/z) was found 
to be about 3:10-°cm. Even though the physical and 
mathematical assumptions in the diffusion equation 
are no longer compatible in such a short diffusion 
distance, it is apparent that there is very little dif- 
fusion of tin into the solid lead. Since the region of 
the solid near the interface does not have the proper 
composition, C;, to melt, the process of mass trans- 
fer is one solution rather than melting. 

Interface Shape—The shape of the solid-liquid 
interface was found to be a function of the rate of 
mass transfer. The planar attack when the process 
is controlled by liquid diffusion and the crystallo- 
graphic attack when a surface reaction controls have 
been mentioned above. Metallographic examination 
of the sample which had been in contact with an un- 
stirred liquid of composition C, for the temperature 
of the run showed that a groove had formed where 
a grain boundary ran into the liquid. The formation 
of the grain boundary groove is an illustration of 
solution occurring at high-energy sites and is no 
doubt accompanied by growth of the solid from the 
liquid solution onto a low-energy surface, since the 
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liquid was in equilibrium with the bulk of the solid, 
according to the phase diagram. 


SUMMARY 


The transfer of solid lead into liquid tin in the 
absence of stirring of the liquid was analyzed in 
terms of a process controlled by diffusion in the 
liquid. The parabolic time dependence of the rate of 
transfer, the value of the liquid diffusion coefficient 
thereby calculated, and its activation energy sup- 
ported this model. 

When the rate of transfer was measured under 
conditions such that the rate was independent of the 
stirring speed, etching of the solid and a grain-size 
effect indicated a surface reaction controlled the 
process. The concentration in the liquid at the 
interface could not be determined directly, and 
several analyses of the data did not unambiguously 
resolve the problem. Assuming that there was no 
boundary layer in the liquid resulted in a serious 
discrepancy between the measured rate of mass 
transfer and the value predicted by a kinetic theory 
of melting and freezing as adapted to this problem. 
There was agreement between experiment and 
theory with respect to the activation energy for the 
process. 

It was shown that diffusion of solvent atoms into 
the solid, bringing the composition near the interface 
to the solidus composition, was not a necessary con- 
dition for isothermal transfer of solid lead into a 
liquid lead-tin alloy. 

The shape of the solid-liquid interface depends 
upon the rate at which it moves. At high rates a 
surface reaction with its crystallographic anisotropy, 
which is not large in the lead-tin system, controls 
the reaction. At intermediate rates the process is 
controlled by liquid diffusion and the shape of the 
interface depends upon the concentration gradients. 
At low rates material at high-energy sites trans- 
fers through the liquid to low-energy sites. 
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APPENDIX 


Solution in Unstirred Liquid—The concentration 
distribution in the solid and liquid is given by the 
solution of Fick’s Second Law, Eq. [A-1], within the 
limitations mentioned above. 
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Fig. 11—Rate of the surface reaction in the transfer of 
solid lead into liquid lead-tin alloys; concentrations in 
atom fraction of lead. 


a7C ac a7C ac 
* <2 = 7? [A-1] 


The initial and boundary conditions are illustrated 
in Figs. 2 (a) and 2(4). The continuity of mass flow at 
the solid-liquid interface is given by Eq. [A-2]. 


D, = - [A-2] 


This condition is that the rate at which A atoms dif- 
fuse into the liquid must equal the rate at which they 
diffuse into the interface in the solid plus the rate at 
which A atoms which are in excess of the number 
needed at the interface to maintain the concentration 
at C, enter the liquid. The value of x at the inter- 
face is denoted by z and is a function of time. In 
order to satisfy the boundary conditions the depend- 
ence of z on ¢ must be given by an equation of the 
form given by [A-3], where y is as yet unspecified. 


z=2yVD,l [A-3] 


A particular solution of [A-1] which satisfies the 
boundary conditions at + and the initial conditions 


P 
is given by Eq. [A-4], where ert [ers (-t*)dt. 
1 


[ x 
C=C,;+All—er 


A-4 


The boundary conditions at the interface, x = z, 
given in Fig. 2(b) can be satisfied by combining 
Eqs. [A-2], [A-3], and[A-4]. The constants A and 
B can be eliminated by use of the boundary condi- 
tions at x = z and Eqs. [A-4]. The result is a trans- 
cendental equation relating y with the composition 
parameters of the system. It can be greatly sim- 
plified in form by the following substitutions: 
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m = 2y VD, [A-5] 
(exp y*) [1+ erf y] [A-6] 


The constant m is the slope of a plot of z vs Vf and 
is determined experimentally. The equation relat- 
ing y with the composition parameters, after sub- 
stitution of Eqs. [A-5] and [A-6], is given by 

Eq. [A-7]. 


(CL - = T(y) {(Cs 


+ (Cs — [A-7] 


Further simplification is accomplished by use of 
the following assymptotic expansion for Tr (—p): 


r(-p) = - V7 p (exp p”) [1 - erf 


1-3-5- -(2n 1) [A-8] 


In the case that (m/2 VD,;) >> 1 Eq. [A-7] simpli- 
fies to Eq. [2]- 

Solution in Stirred Liquid—The solution to 
Eq. [A-1] takes a simpler form for the steady- 
state problem of mass transfer through a boundary 
layer of thickness 6 in the liquid when a coordinate 
system, y, with its origin at the solid-liquid inter- 
face is used. Referring to Fig. 2(c) the y coordinate 
system moves at a constant velocity, z, to the right 
with respect to the fixed system. The diffusion 
equation in the fixed system, [A-1], may be trans- 
ferred through use of the chain rule of differenti- 
ation and the following relations: 


x=y+2T 

t=T 

The diffusion equation then becomes: 
, aC_ac 


D, Oy? <0 
Ds OT »y >0 [A-9] 


The boundary conditions to be satisfied are illus- 
trated in Fig. 2(c) and are: 
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C (@, T)= Cy 


C (-5, T)=C 
C(0.,7)=C' C(0,, 7) = Cz 


The solution to the steady-state form of [A-9] satis- 
fying these conditions is given by [A-10] and [A-11]. 


em 


c=c'+ 


x [1 - exp (- 22)], y<0 A-10 
C= Cy+ (Cs exp [A-11] 


The condition that the mass flow be continuous 
across the interface, y = 0, is given by Eq. [A-12]. 


2C (0.) + =£C; [A-12] 


The rate at which atoms enter the liquid at the in- 
terface must be equal to the rate at which they dif- 
fuse away. Substitution of Eq. [A-10] into 

Eq. [A-12] gives the relation between z and C’, 

Eq. [3]. The diffusion of B atoms into the solid has 
been neglected in Eq. [A-12] since the analysis of 
the previous section showed it to be small in com- 
parison to diffusion in the liquid. 
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Technical Note 


Tue termination of a twin lamella in the interior of 
a crystal requires accommodation of the strains at 
the tip of the twin which result from coherency of the 
twin and matrix. In zinc and magnesium crystals, 
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Fig. 1—Mechan- 
ical twin micro- 
structure. X800. 
Reduced approxi- 
mately 50 pet for 
reproduction. 


this accommodation has been shown to occur by the 
formation of ‘‘accommodation kinks’’ emanating from 
the tip of the twin.” ? In these cases, the develop- 
ment of a twin requires the formation and motion of 
a kink boundary through the crystal. 

The accommodation of the strains at the tip of a 
twin lamella in the Au-Cd £’ alloys has been ob- 
served to occur by elastic distortion of the matrix 
and twin. The #’ phase, having an orthorhombic 
structure, is formed from the f phase (a Cs Cl 
structure) by a diffusionless type of transformation® 
which produces transformation twins in the #’ phase. 
The transformation twinned B’ phase may be me- 
chanically twinned by the application of a suitably 
oriented stress.* The mechanical twin plane was de- 
termined to be the (111) ,' and the twinning shear 
was calculated to be S/2 = 0.0778 for the 47.5 at. pct 
Cd alloy. The coherency between the mechanical twin 
and the transformation twins along the mechanical 
twin composition plane has been discussed in Ref. 4. 
The present note will discuss the accommodation at 
the tip of a mechanical twin which terminates in the 
interior of the crystal. 

After the formation of a set of mechanical twins 
by the application of a suitable stress, the speci- 
mens were examined for the presence of ‘‘accom- 
modation kinks’’ as revealed by surface relief and 
etching effects. In no case was any evidence of 
kinking observed. Fig. 1 shows the appearance of 
mechanical twins after polishing and etching. No 
‘‘accommodation kinks’’ are observed at the tips of 
the twin lamellae. The fine structure in the back- 
ground of the matrix is a set of (III) 2’ twin bound- 
aries which result from the diffusionless transfor- 
mation. These transformation twin boundaries do 
not exhibit any deviation such as would be ex- 
pected if they traversed a kink band. 

The accommodation of the twin lamellae in this 
alloy was examined utilizing a small collimated 
X-ray beam which impinged upon the region of the 
crystal in which the twins terminated. Fig. 2@ is 
a back-reflection Laue photogram of a crystal 
which contained a set of twins resulting from the 
diffusionless transformation. The crystal was then 
bent, introducing a series of closely spaced me- 
chanical twins, and the photogram shown in Fig. 

2(0) was obtained of the region in which the me- 
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Fig. 2—Laue photograms showing accommodation bending. 


chanical twins terminated. Both the spots from the 
matrix and from the twins exhibit evidence of com- 
plex bending of the lattice. The crystal was then 
partly unbent to remove the mechanical twin orien- 
tation. Fig. 2(¢ shows the photogram then obtained 
with the X-ray beam impinging upon the same 
position as in Fig. 2(). At this point, no indication 
of distortion is evident. 

The above results demonstrate that accommoda- 
tion at the tip of a twin lamella in the Au-Cd f’ alloys 
is achieved by elastic distortion of the twin and 
matrix. It is believed that the conditions necessary 
for this type of twin accommodation are 1) a small 
twinning shear, 2) a high value of the yield stress. 
(No plastic deformation was observed at stress 
levels of the order of 10° - 10° dynes per sq cm 
which were required for the formation of the me- 
chanical twins.* Both of these conditions are ful- 
filled in the structure examined. 
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Fatigue in Single Crystals of Copper 


Single crystals of high-purity copper were deformed in 
alternating bending at constant deflection (plastic strain ampli- 
tude of approximately 0.2 pct). Hardening behavior was observed 
by continuous measurement of bending moment and was found to 
be similar to that under unidirectional straining, with an impor- 
tant difference being saturation at about 2000 cycles, independent 
of orientation. Fatigue cracks formed on active slip planes could 
only be observed after saturation and were always associated 
with patterns of intersecting slip. The process of crack forma- 
tion is considered to have begun with the onset of saturation. 
Depending upon whether the slip direction of the primary system 
cut through or lay in the free surface, primary-plane cracking 
either occurred exclusively or was effectively suppressed. In 
the latter case, cracking took place more slowly, predominantly 
on secondary planes, and life was approximately doubled. From 
the temperature dependence of hardening, work-softening effects, 
and metallography of slip bands, cross slip is suggested as es- 
sential for crack formation under the experimental conditions. 


A fracturing process is proposed in which surface steps from 
primary slip grow into cracks through the operation of disloca- 


tion sources provided by cross slip. 


SINcE the early work of Gough with Hanson and 
Wright,’~* the study of fatigue has been character- 
ized by experiments on single crystals only in 
recent times.*~° Now, increasing attention is given 
to this aspect of fatigue research for the insight that 
it may provide into details of mechanism. The in- 
vestigations have concentrated to a large extent on 
the development of deformation markings on fatigued 
crystals, and have shown the cracks to originate in 
Slip bands possibly preceded or accompanied by 
slip-band extrusions. 

Experiments of special interest to the present 
work were conducted by Paterson® on copper crys- 
tals and involved both metallographic examination 
and measurement of change in flow stress. Crys- 
tals were cycled in alternating tension-compression 
with a constant plastic shear-strain amplitude of ap- 
proximately 0.8 pct, and were particularly revealing 
for their demonstration of hardening with accumu- 
lated strain similar to that in unidirectional strain- 
ing, through an easy-glide stage I followed by a 
stage II of rapid hardening; deformation was not 
continued beyond 40 cycles, however, so that the 
eventual course of the hardening curve could not be 
decided. For the conditions used by Paterson, sur- 
face slip markings were similar to those observed 
in unidirectional straining, but there were no X-ray 
asterisms and no deformation bands on the surface. 

In current thinking about the nature of fracture in 
fatigue, two views relative to mechanism are 
generally acknowledged, with the reservation that 
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both could apply simultaneously in some measure. 
As one possibility, fracturing across a slip plane is 
regarded as a result of loss of cohesion from the 
creation of many point defects by dislocation move- 
ment under the cyclic loading.’ On the other hand, 
fracture has also been taken to follow as a conse- 
quence only of the geometry of slip at a free surface, 
consisting of offsets and crevices which eventually 
become fatigue cracks.” ** The work of McCammon 
and Rosenberg ** showing fatigue in polycrystals at 
4.2°K makes clear that any long-range diffusion of 
point defects is unnecessary, yet studies such as 
those of Forsyth and Stubington” show that accele- 
rated diffusion may be a characteristic of deforma- 
tion under fatigue loading. 

Interest in obtaining data of possible use for re- 
solving such questions led to the experiments de- 
scribed below. Copper crystals were conveniently 
loaded in alternating four-point bending at constant 
deflection, a test condition shown to approximate a 
constant plastic strain amplitude for a wide range of 
axial orientations. The method of testing was not 
readily adapted to extensive study of temperature 
effects, but an investigation of the geometry of crack 
formation could simply be made by orienting,the slip 
direction at different angles to the surface. 


EXPERIMENTAL PROCEDURES 


Single crystals were grown by a modified Bridgman 
method in a stationary gradient furnace under an 
atmosphere of purified dry nitrogen. Purity of as- 
grown crystals was 99.999 pct as determined by 
spectrographic analysis plus vacuum fusion and 
gravimetric analyses for oxygen and sulfur, re- 
spectively. Crystals were of reasonable perfection 
as evidenced by a critical resolved shear stress at 
10 deg from (110) of 60 g per sq mm and half-width 
of a (400) X-ray diffraction line from one crystal of 
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Fig. 1—Fatigue specimen (dimensions in inches). 


0.90 deg of 20. Observed disorientations in general 
were under the limiting range of about 1 deg de- 
tectable with the Laue photographs. 

The test specimen, illustrated in Fig. 1, was pre- 
pared from an as-grown crystal according to the 
following steps: 1) orientation with the Laue back- 
reflection technique, 2) electroshaping”™ to within 
0.010 in. of the final thickness, 3) vacuum annealing 
in graphite powder at 950°C for 24 hr, followed by 
furnace cooling, 4) further electroshaping to final 
dimensions using an optical comparator to maintain 
the thickness tolerance on the minimum section of 
+0.001 in., 5) conventional electropolishing in 35 pct 
orthophosphoric acid electrolyte, and 6) a second 
X-ray orientation. 

The angle between the bending plane and the plane 
defined by the specimen axis and the primary slip 
direction is termed y; the method for choosing the 
sign of y is given in Fig. 2. There, the convention is 
adopted that y be determined while looking at the end 
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Fig. 2—Definition of y, for specifying rotational orienta- 
tion of crystal relative to the bending plane. Specimen axis 
is the intersection of the neutral plane and the bending 
plane and is ai the center of the stereographic projection. 
Poles of the different slip planes are labeled. 


of the crystal that lies within the unit stereographic 
triangle having the sequence (100)-(111)-(110) in the 
clockwise sense. Reported values are accurate to 
within +2 deg. Test specimens are grouped into two 
general classes, distinguished by values of nominally 
0 and 90 deg and designated as y= 0 or y= 90 deg. 
Actual values are given among the data. 

Fig. 3 is a photograph of the fatigue-testing 
machine with specimen inserted. Gripping was ac- 
complished with split-cylinder jaws securely held 
with metal hose clamps. The specimen was cycled at 
a frequency of ten cycles per sec. Constant deflec- 
tion was imposed as extension arms from the grips 
turned about pivot points with the rotation of two 
mechanically phased sinusoidal cams. The maximum 
fiber strain, €;, in cycling was measured to be 20.1 
pct with a wire-resistance strain gage fastened at 
the minimum section of a cold-drawn (elastic) speci- 
men. Wire resistance strain gages cemented onto 
each arm were joined in a wheatstone-bridge circuit, 
and the output, a measure of the bending moment, 
was autographically recorded. The amplitude, or half 


Fig. 3—Fatigue machine. Left to right along specimen axis; bearing follower spring-loaded against cam; foil-shielded 
strain gage bridge; support pivot (sliding); left jaw (open); single crystal specimen; right jaw (assembled); pin preventing 
rotation of right jaw; support pivot (fixed); bridge; follower, springs and cam. 
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of the peak-to-peak range, of the sine-wave trace 
was directly proportional to the bending moment on 
the specimen. Dead-weight calibration before and 
after each test permitted conversion of chart dis- 
tance into moment. A correction was necessary, 
however, for dynamic loading effects; it was made by 
interrupting the cycling and determining a ratio of the 
peak-to-peak amplitude in turning the cams by hand 
to that at ten cycles per sec. Multiplication of the 
calibrated chart record by this factor then gave the 
true moment level, M). Accuracy obtained was esti- 
mated to be approximately 2 pct with the greatest error 
arising from the dynamic correction. The progress 
of hardening in a crystal is represented by the vari- 
ation in M, with the number of bending cycles, N, 
plotted on log-log coordinates. 

The left pivot is free to slide for accommodating 
changes in pivot spacing during bending. The re- 
quired sliding force corresponded to a stress along 
the specimen axis at the minimum section of roughly 
80 psi. Another provision is made in the enlarged 
head of the right arm to remove torsional restraints. 
A pin, which can be seen in Fig. 3, may be removed, 
leaving the jaw free to rotate in two ball bearings 
located inside the head. The loss of rigidity intro- 
duced by the bearings is small, owing to axial pre- 
loading of the bearings by a precision-fitted sleeve. 
The technique of axial preloading of bearings by pre- 
cision assembly was used throughout the machine to 
prevent loss of rigidity and eliminate backlash. 

By measurement, the initial plastic strain ampli- 
tude did not exceed 0.3 pct; by calculation during 
later cycling it was 0.13 to 0.16 pct and varied 
Slightly with axial orientation because of elastic 
anisotropy and difference in flow stress. Calcula- 
tions providing for such variation are given below. 

Total life was arbitrarily taken as the number of 
cycles at which M, dropped 20 pct below the maxi- 
mum observed value. Uncertainties in life were 
small with this definition, as the cracks responsible 
for a 20 pct moment change propagated quickly and 
relatively few additional cycles were needed for 
complete failure. 

To facilitate the study of surface detail, steps 
about 4 to 6 uw in height were electropolished on 
some specimens at various times during their life 
and on all specimens at fracture. In producing 
steps, the entire surface, except for a long narrow 
strip to be polished, was protected by a parlodion 
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film which was mechanically stripped after polish- 
ing. 


RESULTS 


The various findings made in this work can be 
grouped into three general categories. 

1) Orientation Dependence of Hardening and Life— 
Bending Moment and Life Measurement—Selected 
hardening characteristics are presented in Fig. 4 for 
crystals of different axial orientation with y= 0 deg 
(primary slip direction lying in the bending plane). 

A certain parallel is found in such records to 
hardening under unidirectional straining. The orien- 
tations of crystals 25, 37, and 57 favor stage I easy- 
glide behavior in tension and here they also give 
initially low hardening. Flow-stress values corre- 
sponding to these initial moments can be estimated 
by assuming the crystals to be ideally plastic to the 
neutral axis. Then 


% = (2) 
where b = average width of the specimen at the 
minimum section = 0.47 in., 

distance from neutral plane to surface at 
minimum section = 0.110 in., 

% = flow-stress amplitude, 

M, = bending-moment amplitude. 


For crystal 37 after ten cycles M, = 8.0 in.-lb. 
With Eq. [1] and a Schmid orientation factor of 0.49, 
the resolved shear stress is 690 psi (485 g per sq 
mm). The closest axial orientation tested by 
Paterson® with comparable crystals in alternating 
tension-compression gave this stress level after 
about fifteen cycles. Paterson further showed a 
Similarity of the stress vs accumulated strain curve 
to the flow-stress curve in tension. Thus, there is 
accord with results of other work on initial harden- 
ing. 

With the present data it is difficult to decide 
whether true linear hardening similar to that during 
stage II in tension occurs under cyclic loading, al- 
though such hardening is indicated in observations 
by Paterson. It is evident in Fig. 4, however, that 
later hardening proceeds at a diminishing rate until 
a condition of saturation is reached after about 2,000 
cycles, independent of orientation. With limited 
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cycling, saturation was not illustrated in the Paterson 
experiments. Hardening to saturation under fatigue 
loading has been reported only for annealed poly- 
crystals.** ’” In single-crystal tension studies the 
final hardening stage (III) is generally characterized 
by low rate, but not by saturation. 

An insensitivity of saturation moment to initial 
hardening history is illustrated in Fig. 5 for three 
crystals with y = 90 deg (primary slip direction 
lying in the surface of observation in a plane per- 
pendicular to the bending plane). Plastic bending of 
such Crystals tends to produce twisting. Crystal 31 
was cycled with grips fixed to prevent any rotation; 
51 was first twisted 30 deg and untwisted, but then 
cycled with one grip free to accommodate any 
torsional movement; 63 was cycled with neither 
prestrain nor the torsional constraint. Initial 
bending stresses decreased in the order noted, al- 
though all crystals reached the same saturation 
moment. 

Purity level also had little effect on saturation. 
Crystal 49 (orientation in Fig. 5) and 31 were alike 
but for the fact that 49 was grown from OFHC stock. 
Hardening curves were similar, with that for 49 
being slightly lower initially, and the same satura- 
tion moment was reached, again at about 2000 cycles. 

There is much evidence that plastic straining con- 
tinues after hardening to saturation. For mechanical 
proof, the observed moment on a cold-drawn poly- 
crystalline specimen of identical dimensions, known 
to behave elastically, was 130 in.-lb. A value of 
Young’s modulus for the polycrystal is 17.0 x 10° 
psi. Using data given by Hearmon” on elastic con- 
stants of copper, a modulus of 14.1 x 10° psi is ob- 
tained for the isoelastic line through (210) and (311). 
Therefore, the elastic moment for a crystal with 
such axial orientation would be 
M = 42> x 130 = 108 in.-Ib [2] 
which compares with an observed saturation moment 
of about 47 in.-lb for crystal 17 or 25, Fig. 4; the 
difference is so great that plastic behavior must be 
accepted in the single crystal at saturation. 

Although plastic strain was not controlled in 
cycling, estimates after saturation could be made 
based on assumptions of: 1) ideal plasticity from 
surface inward to an elastic core, and 2) a linear 
variation in strain from zero at the neutral axis to 
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a maximum at the surface. An expression for the 
associated bending moment is 


Mp = by? % [3] 


where €7 = total strain amplitude at the surface, 
E = Young’s modulus along the specimen 
axis. 


Calculations of 9, were made using Eq. [3] with 
measured saturation moments, appropriate values 
of E, and the further assumption that in all cases 
€; was the measured 0.21 pct for an elastic poly- 
crystalline specimen of identical size. Both mea- 
sured moments and calculated saturation stresses 
are given in Fig. 6. The usual calculation of re- 
solved shear stress at yielding has lost much mean- 
ing at this stage although a minimum in q occurs 
around the orientation with largest Schmid orienta- 
tion factor of 1/2. 

Plastic strain amplitude was computed from €, 


(111) 
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Fig. 6—Measured moment at saturation (above symbol, 
in.-lb) and calculated flow stress at saturation (below 
symbol, 1000 psi) for y = 0 deg crystals of various axial 
orientations. 
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Fig. 7—Life in thousands of cycles to failure for y = 0 deg 
crystals of various axial orientations and for two y = 90 
deg (crystals 63 and 59, values underlined). 


= 0.0021 - (,/E). The range of values of ¢, for axial 
orientations represented in Fig. 6 was only 0.0013 to 
0.0016 so that, comparing crystals after cycling to 
saturation, the expediency of constant deflection can 
be considered to have provided a reasonable approxi- 
mation to constant plastic-strain amplitude. Differ- 
ences between constant plastic strain and deflection 
increase greatly, however, on approaching (100) 
where €, was calculated to be only 0.0006 for a (100) 
crystal under the experimental conditions. The rea- 
son is found in both the low value of E of 10’ psi at 
(100) and high level of flow stress. Hardening curves 
and life data for crystals near (100) have, as a con- 
sequence, been omitted. Life of other crystals is 
summarized in Fig. 7. 

Dependence of saturation moment on strain ampli- 
tude is illustrated by the record for OFHC crystal 4 


Critical Primary 


Fig. 8—Slip in ceded 33 “i 0 deg) at 17 cycles, X200. 
Slip is typical of that observed in initial slow hardening 
period. Orientation in Fig. 17. 
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in Fig. 5. Cycled at constant low deflection, satura- 
tion stress was reached after the longer period of 
6000 cycles and ® was calculated to be 2400 psi, 
corresponding to a plastic strain amplitude of only 
2x 10°*. Crystal 25 of the same axial orientation, 
but cycled at the high deflection, showed saturation 
at a calculated stress of 8600 psi. 

Metallography—A sequence of surface changes on 
crystal 33*typical for an orientation near the (111)- 


*All photomicrographs illustrate the surface at the minimum section, 
perpendicular to the bending plane, with the specimen axis parallel to 
the caption lines. The traces of the four slip planes as named in Fig. 
2 are shown in the margin adjacent to the photomicrographs. 


(110) boundary is shown in Figs. 8, 9, and 10. Fig. 8 
represents a general observation of regularly spaced 
slip lines after but small amounts of cycling and be- 
fore rapid hardening. Deformation bands are appar- 
ent as the darkened areas in Fig. 9, taken just after 
saturation; they were also found in crystals 42, 45, 
53, and 57, Figs. 4 and 17, and were obvious only 
with about 2000 cycles. Appearance of other crys- 
tals at saturation differed in the strong clustering of 
Slip into bands, as in Fig. 11. Detailed examination 
on crystal 25 (Fig. 4) as saturation set in provided 
clear indication of cross slip. Surface darkening, in 
the deformation bands of Fig. 9 and in the bands of 
Fig. 11, had spread over the surface at fracture, 
after the fashion illustrated in Fig. 10. 

A fine structure of intersecting slip on at least two 
planes is associated with these surface changes. The 
primary plane can usually be identified, but, as 
shown in Fig. 12, other planes are not easily labeled. 
Such a pattern could always be found at saturation, 
and, with continued cycling, it spread and intensified. 
If removed by electropolishing, the pattern reap- 
peared with further cycling, showing slip on the 
initially operative planes to be continuing. Slip- 
plane cracks observed after electropolishing were 
always associated with the areas of intense inter- 
secting slip. Thus, it is inferred that when the 
crystal has reached saturation, the basic process of 
slip-plane cracking has begun. 

Slip-band topography was simply studied by press- 


Critical Primary 


Cross Conjugate 


Fig. 9—Slip in crystal 33 (y = 0 deg) at 2000 cycles (sat- 
uration), X200. Typical of crystals showing deformation 
bands (dark areas). 
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(a) (5) 
Fig. 10—Cracks at failure (83,000 cycles) in crystal 33 
(y = 0 deg): (a) Fracture step, X75; top electropolished; 
deformation bands cover unpolished lower area. (+) Cracks 
on electropolished surface, X500, showing primary cracks 
and gross crack. 


ing a Knoop microhardness indenter across a band 
with the result shown in Fig. 13. In detailed work by 
Samuels and Mulhearn,” the strain pattern associ- 
ated with indentation has been shown to consist 
roughly of a compression under the indenter. There- 
fore the view given in Fig. 13 is much like that to be 
derived from a metallographic taper section through 
the slip band. With the indenter included angle of 
172 X 130 deg, a magnification of approximately 
2 1/2 times is obtained along the band. Very distinct 
and regular ridges and grooves are found, Figs. 
11(5) and 13(a), but no extrusion in the sense of thin 
ribbons as reported by Thompson, Wadsworth, and 
Louat ° in single crystals of commercially pure 
copper cycled in alternating push-pull. 

Cracks were of two general types: those lying 
parallel to slip-plane traces, hereafter termed slip- 
plane cracks, and others of a more gross nature 
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Fig. 12—Slip in crystal 53 (y = 0 deg) at 2000 cycles, 
X1000. Illustration of difficulty of identifying secondary 
planes. Orientation in Fig. 4. Reduced approximately 25 
pct for reproduction. 
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Fig. 11—Slip in crystal 17 (y= 0 deg) at 2000 cycles: 
(a) X200; (5) X1000. Typical clustering. Orientation in 
Fig. 5. 


oriented at right angles to the applied stress and 
joining up the former, Fig. 10. In all crystals of 

y = 0 deg, slip-plane cracks were parallel to traces 
of the primary plane. To learn when in life cracks 
formed, cycling was interrupted and the 4- to 6-u 
step electropolished into a surface. In detailed ex- 


Fig. 13—Topography of slip band as revealed by micro- 
hardness indentation: (@) crystal 17 (y = 0 deg) fatigued 
at 293°K for 2000 cycles, X1000; (5) crystal 15 (y =0 
deg) fatigued at 77°K for 75,000 cycles, X1300. 
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Fig. 14—Cracks on ele¢tropolished surface of crystal 25 
(y = 0 deg) after failure at 173,000 cycles, X750. Typical 
pattern associated with clustered slip. Wide dark bands 
are shadows from surface undulations not appearing as 
cracks. Orientation in Fig. 4. Reduced approximately 25 
pet for reproduction. 


amination on crystal 17, showing clustered slip as 

in Fig. 11, no cracks could be found near the be- 
ginning of saturation; slip-plane cracks, with no 
gross cracking, were evident on the polished surface 
after 20,000 cycles. however, and appeared as those 
shown in Fig. 14. Cracks more typical of those ac- 
companying deformation bands are found in Fig. 15 
(crystal 45 with y = -32 deg). Onset of slip-plane 
cracking was strongly influenced by surface con- 
dition; crack formation was greatly accelerated in 
the vicinity of microhardness indentations or scratch 
marks. In general, slip-plane cracks revealed in the 
polished surface were fragmented, with breaks in the 
primary plane appearing to coincide in many cases 
with traces of the cross-slip plane. Fragmentation 
seemed more marked towards (100), as indicated in 
Fig. 16 with crystal 20 (orientation in Fig. 5). 

X-vay Data—No change in the character of Laue 
spots was observed before 2000 cycles. Nearly all 
crystals were examined at 20,000 cycles when vari- 
ous degrees of disorientation were indicated. 
Asterisms were generally associated with crystals 
exhibiting deformation bands. Always, the average 
axial orientation of the crystal after fatiguing was 
unchanged. 

2) Effect of Rotational Orientation on Crack For- 
mation and Life~Hardening—The dependence of 
hardening on rotational orientation is represented 
for the extremes of y = 0 and y = 90 deg in Fig. 5. 
Such marked differences may be related to dif- 
ferences in apparent slip complexity. The y = 0 deg 
crystals of lower saturation moment exhibited 
largely primary slip, Fig. 11, as cycling began, while 
on crystals of y = 90 deg conjugate and critical slip 
were also evident. The more complex slip for y = 90 
deg is, in turn, attributed to torsional constraint that 
accompanied the bending. A supporting argument is 
the observation of the least amount of secondary slip 
in crystal 63 which was most nearly free of con- 
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Fig. 15—Cracks on electropolished surface of crystal 45 
(y = —32 deg) after failure at 80,000 cycles, X1000. Typi- 
cal pattern associated with deformation bands. Orienta- 
tion in Fig. 17. Reduced approximately 25 pct for repro- 
duction. 


straint. Other hardening curves presented in Fig. 17 
show less effect of y. Both crystals 33 (y = 0 deg) and 
45 (y = -32 deg) exhibited deformation bands, Fig. 9. 
In 45, however, the two most highly stressed systems 
shared the same plane, with the slip directions 
similarly inclined to the bending plane; accordingly, 
two intersecting sets of bands were observed, one 
for each of the two systems. The hardening of crys- 
tals 42 (y = 0 deg) and 59 (y = 90 deg) was identical 
after twenty-five cycles; since saturation moment 
and Young’s modulus are the same for both, each 
must have been subjected to the same plastic strain 
amplitude during saturation. 


Critical 


Conjugate 4 Cross 


Fig. 16—Cracking in crystal 20 (y = 0 deg) after failure 

at 230,000 cycles: (a) Electropolished step with upper part 
unpolished, X75; (5) electropolished surface at X500. 
Short lengths of primary-plane cracks appear joined in 
some cases by sections along cross-slip plane. Orienta- 
tion in Fig. 5. Reduced approximately 25 pct for repro- 
duction. 
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Life Measurements—Life is strongly dependent Extensive cracking was evident in 59 after a life of 
upon rotational orientation. Lives of y = 90 deg 155,000 cycles, and then on primary planes in a 
crystals 59 and 63, underlined in Fig. 7, were nearly fragmented pattern with the jogs causing fragmen- 
twice those of the y = 0 deg crystals of similar axial tation roughly parallel to the conjugate slip plane. 
orientation. As a further indication of increased re- An essentially similar comparison can be made 
sistance to failure in y = 90 deg crystals, gross between crystals 17 (y = 0 deg) and 63 (y = 90 deg). 
cracks in such specimens started at the sides of the The results show clearly a strong geometrical 
crystals and propagated into the observation surface. aspect to crack formation, a possibility already 
Cracking—Four y = 90 deg crystals were cycled to suggested in a general way by Wood and Segall,** 
resolve the question of whether increased life fol- and in terms of a specific model by Cottrell and 
lowed from retarded growth of slip-plane cracks or Hull.” The present observations illustrate that 
of gross cracks. Surface steps were prepared by slip displacement normal to the surface contributes 
electropolishing at intervals to determine planes and __ to the formation of surface’contours which lead in 
crack density. Results are summarized in Table I. time to slip-plane cracks. By orienting the primary 


The appearance of slip and cracking in crystal 31 Slip direction so as to lie parallel to the surface, 


showing primary slip but nonprimary cracking after the less highly stressed and less active systems 
25,000 cycles is shown in Fig. 18. must give such slip displacements, and an increase 
Metallographic observations established that the in life follows because of a lower rate of crack 
increased life with y = 90 deg is due to retarded formation. 
growth of the primary slip-plane cracks. Compar- _ The details of primary cracking are of special 
ing crystals 42 (y = 0 deg) and 59 (y = 90 deg), both interest in y = 90 deg crystals 59 and 63, as both 
cycled at the same plastic strain amplitude, Fig. 17, crystals were tested under the best defined condi- 


a substantial amount of primary cracking could be tions, in that there was no prestrain or intended 
inferred for crystal 42 at 20,000 cycles, while no torsional constraint. The axial orientation of 59 was 
cracking of any kind could be found in 59 after such that the most highly stressed system and the 
practically the same interval of 25,000 cycles.* next most highly stressed shared the primary plane. 


observation was made in examination of 17, however, similar in both by F%, 90 deg, its operation is considered to have 
life and rotational orientation to 42. produced the primary-plane cracks. Further, the 


Table |. Cracking and Life of y = 90 Deg Crystals 


(Orientations: Crystals 31, 51, 63 in Fig. 5; Crystal 59 in Fig. 17) 


No. N, Slip at N, Cracking at NV, Ny Cracking at Ny Remarks 
31 25,000 Primary M a 200,000 Primary M With torsional 
Critical M Critical M Critical M restraint 
Conjugate M Conjugate L Conjugate L 
51 40,000 Primary M - 213,000 Primary L + 30 deg twist at 0 
Critical M Critical M Critical M & 50,000 cycles; no 
Conjugate L - Conjugate M torsional restraint 
59 25,000 Primary M = 155,000 Primary M No torsional 
Cross M restraint 
63 40,000 Primary M (A very few) 270,000 Primary M No torsional 
Critical L Critical L Critical M restraint 
Conjugate L - 
M = much 
L = little 


N, = cycles accumulated when crystals were stepped by electropolishing. 
N; = cycles to failure. 
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Fig. 18—Electropolished steps on crystal 31 (y = 90 deg): 
(2) After 4,000 cycles, showing no cracks on polished 
lower portion, X200; (4) after 25,000 cycles, showing only 
critical-plane cracking in the polished area, X200. Con- 
jugate slip evident elsewere on surface. Orientation in 
Fig. 5. Reduced approximately 25 pct for reproduction. 


conjugate plane for the primary system was also the 
cross-slip plane for this second system. Therefore, 
the fragmentation offsets may again be regarded as 
lying along a cross-slip plane. In 63, there was no 
other highly stressed system sharing the primary 
plane; the primary-plane cracks at the end of lifé 
were long and straight, as would be expected if they 
were the result of a separation along the primary 
direction lying almost (y = 82 deg actually) in the 
surfacé of observation. Their slow development, 
shown by a life of 270,000 cycles, could also be ex- 
pected because of the small slip displacement out 
of the surface from the operation of this system. 
Although the data demonstrate increased life as 
Y approaches 90 deg, it has still to be established 
whether or not a complete suppression of primary 
cracking could be accomplished with y of exactly 
90 deg and freedom from any loading complications. 
3) Temperature Effects and Work Softening— 
Hardening Measuremenis—Two crystals of compar- 
able orientation and y = 90 deg were fatigued at 
liquid nitrogen temperature (77°K) for metallographic 
study and a moment record. Crystal 52 was tested by 
first coating the ends with Duco cement to reduce 


heat transfer to the grips, then cooling by running 
liquid nitrogen in a steady stream from a column 
down over the specimen into a reservoir below. 
With thermocouples attached to another copper 
specimen set into the grips, it was found that liquid 
nitrogen temperature was reached and maintained 
after about an hour under these conditions. The 
hardening curve is given in Fig. 19 together with a 
room-temperature curve for crystal 17 of similar 
orientation. The strongest effect of lowering test 
temperature is seen to occur in the later stages of 
hardening, the saturation moment being raised about 
35 pct. 

After 83,000 cycles at 77°K, the crystal was 
warmed up to room temperature and cycling re- 
sumed with the results shown in Fig. 20. Softening 
proceeded rapidly with moment falling to a level 
only slightly above what might be expected with 
cycling to saturation at room temperature. Another 
work-softening effect was found with crystal 51, Fig. 
20, cycled entirely at room temperature but inter- 
rupted after saturation for twisting + 30 deg before 
continuing. 

Metallography—A much reduced widening of slip 
bands in testing at liquid nitrogen temperature is 
brought out by comparison of Figs. 11 and 21. The 
clustering on crystal 17, Fig. 11, was produced by 
only 2000 cycles, while that on 15, Fig. 21, was 
found after a life of 75,000 cycles. With equivalent 
cycling, the surface of crystal 17 was covered by 
the markings. Indenting with the Knoop diamond re- 
vealed the band topography at liquid nitrogen shown 
in Fig. 13(6). Again there are ridges and crevices, 
but fewer and broader than at room temperature. 
Slip-plane cracks are substantially longer and 
straighter with fatiguing at liquid-nitrogen tempera- 
ture as shown in Fig. 22. Comparison of Figs. 14 and 
22 illustrates the reduced fragmentation. 


DISC USSION 


The metallographic findings support a conclusion 
that the process leading to slip-plane cracking has 
begun when saturation occurs at approximately 2000 
cycles. Both the observed hardening and the produc- 
tion of slip-plane cracks are reasonably taken as re- 
lated processes. From the various experimental 
results the basis of the relationship is suggested to 
be the probable dependence of both on cross slip. 


200Fr 
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2 a ad 
7 Fig. 19—Moment amplitude, Mp, vs 
cycles, N, of similarly oriented crystals 
fatigued at 293°K (17) and 77°K (52). 
a Orientation for Schmid factor = 1/2 
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The role of cross slip in the metallographic 
changes, work hardening, and work softening of fcc 
single crystals during tensile deformation has been 
discussed in detail by Seeger, Diehl, Mader, and 
Rebstock.”° Briefly, they point out that extended dis- 
locations steadily interact in the stage II of rapid 
hardening to form barriers of the Lomer-Cottrell 
type. With increasing flow stress, barriers are 
surmounted by a thermally activated collapse, under 
pressure from pile-ups, of extended screw dislo- 
cations and movement of the screws into the cross- 
slip plane (stage III). Events in this last stage lead 
to hardening at a reduced rate. 

Experimental evidence for cross slip in the 
present work comes from both hardening measure- 
ments and metallographic observations. 

1) Hardening—a) Curves rise through stages of 
hardening analogous to those for unidirectional 
straining, Figs. 4, 5, and 17, so that cross slip is 
also considered active in cyclic straining as harden- 
ing rate decreases towards saturation. 

b) There is a strong temperature dependence of 


Critical \| Primary 


Cross \ Conjugate 


cycles at 77°K, X200. Orientation in Fig. 19. Reduced 
approximately 25 pct for reproduction. 
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hardening, Fig. 19, with saturation stress, associ- 
ated with thermally activated cross slip, being in- 
creased to the greatest extent by lower testing 
temperature. 

c) Work-softening effects are observed with 
temperature change and intermediate deformation, 
Fig. 20, such softening being regarded as the result 
of an annihilation of excess dislocations through 
cross slip. 

2) Metallographic—a) Cross slip is directly ob- 
served, at least in the one crystal, 25, where a 
careful examination disclosed it to be associated 
with the beginning of saturation. 

b) Slip clusters into bands that widen with cycling, 
the band growth in advanced stages of hardening 
being associated with cross slip between active 
planes. 

c) Band dimensions are dependent upon tempera- 
ture, Figs. 11 and 21, with narrower bands at liquid- 


Primary |/ Critical 


Conjugate Cross 


Fig. 22—Primary slip-plane cracks in crystal 15 (y = 0 
deg) after life of 75,000 cycles at 77°K, revealed by 
electropolishing, X500. Dark bands related to ridges 
shown in Fig. 13(4). Opposite side of specimen to that 
of Fig. 21. Reduced approximately 25 pct for reproduc- 
tion. 
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nitrogen temperature being related to less exten- 
Sive cross slip. 

d) Fragmentation of bands and primary slip-plane 
cracks occurs, Figs. 14 and 22, the fragmentation 
being considered a consequence of cross slip which 
would also be less highly developed at 77°K. 

The suggestion is next made that cross slip is 
essential for slip-plane cracking under the condi- 
tions of these experiments. With such a premise, 
there are at least two ways of accounting for crack 
growth during cycling at saturation: 

1) According to Mott,’ screw dislocations moving 
with neither multiplication nor hardening might cross 
slip back and forth between closely spaced planes and 
so generate ridges and crevices on the free surface. 
Presumably the topography would be somewhat like 
that illustrated in Fig. 13 which would sharpen and 
lead eventually to the fatigue crack.. 

2) In a related way, sources consisting of lengths 
of screw dislocation may be produced by double 
cross slip. Then, in closely spaced pairs of opposite 
sense, alternate operation in cycling could also pro- 
duce ridges and crevices, and ultimately cracks. To 
account for an absence of hardening, a stable dis- 
location array must be postulated, kept in check by 
the annihilating action of cross slip. 

A practical shortcoming of such simple models 
for cracking is illustrated by surface regularities 
in Fig. 13 and the circumstance that the conversion 
of slip band into crack undoubtedly takes place dur- 
ing many cycles of a highly repetitive process. A 
regular and cooperative dislocation movement is 
demanded which there is little apparent reason to 
expect. The models are consistent, however, with 
a suppression of primary cracking when no surface 
step from the operation of this system is formed in 
Slip. With y = 90 deg, cross slip from the primary 
system would contribute to step formation only on 
the sides of a bending specimen but not on surfaces 
perpendicular to the bending plane. 

The present analysis of fracturing in fatigue pro- 
poses, then, that surface steps from primary slip 
grow into cracks through the operation of disloca- 
tion sources provided by cross slip. Therefore, it 
does incorporate, to a degree, the general views 
given in the Introduction; since cross slip is an 
essential feature, there is implied a dependence of 
crack formation on temperature and point defects 
generated by the movement of screw dislocation 
lines. On such a basis, suppression of cross slip 
in fatigue would be expected to produce some alter- 
ation in hardening characteristics and mode of 
fracture. Whether this could be accomplished at 
sufficiently low temperature is not yet entirely 
clear, but would seem to be an important subject 
for study. 


SUMMARY 


Fatigue experiments on copper single crystals 
strained in alternating bending have led to these 
principal findings: 

1) The hardening as measured by bending moment 
for approximately constant plastic strain increases 
with accumulated strain in a way similar to the 
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hardening under unidirectional straining. Under 
fatigue loading, however, saturation occurs and 
plastic straining continues without further harden- 
ing. Flow stress at saturation is determined 
primarily by test temperature and orientation. 

2) Fatigue cracks form on active slip planes and 
can be observed metallographically after saturation 
occurs. Intersecting slip on primary and secondary 
planes precedes the visible cracks and is always 
apparent with the beginning of saturation. The 
process of crack formation is concluded to start with 
intersecting slip and to have begun with the onset of 
saturation. 

3) Cracking is influenced to an important extent by 
the geometry of slip-band formation on the stressed 
surface. An active system gives rise to cracks if it 
produces a slip step on the surface, while life can be 
prolonged with a suppression of primary slip- plane 
cracking by orienting the primary slip direction to 
lie in the surface. 

4) Metallographic observations with measurements 
of both work hardening and softening give evidence of 
the operation of cross slip during crack formation. 
The argument is made that cross slip is essential to 
cracking under the conditions of these experiments. 
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Solid-Solution Strengthening of Magnesium 
Single Crystals at Room Temperature 


Constant loading—rate and constant elongation—yrate tensile 
tests were performed at room temperature on single-crystal 
binary alloys of magnesium with indium, cadmium, thallium, 
aluminum, and zinc. A correlation of solute strengthening effects 
with the degree of incompatibility between solute and solvent in- 
dicated that a minimum degree of incompatibility must be ex- 
ceeded to produce significant strengthening. Stress-stvain data 
suggested that the interaction of solute atoms with substructural 
boundaries is of prime importance in solution strengthening. 


E. D. Levine 
W. F. Sheely 
R. R. Nash 


Tue phenomenon of solid-solution strengthening has 
previously been studied in a number of binary alloy 
systems.’ There has been, however, very little in- 
formation published concerning the strengthening ef- 
fects of specific solutes in magnesium alloys. 
Schmid and his coworkers®’” investigated the be- 
havior of aluminum and zinc in binary and ternary 
magnesium -alloy single crystals, but this work was 
done before high-purity materials were readily 
available. Workers at the Dow Chemical Company” 
reported increases in the critical resolved shear 
stress upon alloying magnesium single crystals with 
zinc and indium. Recently, Hardie and Parkins” in- 
vestigated the extent of hardening produced by the 
addition of various solutes to polycrystalline mag- 
nesium. 

The present work was undertaken to provide data 
on the strengthening effects of a number of solutes in 
high-purity magnesium, for the purpose of supplying 
further experimental information which might be 
useful in describing a general mechanism for solid- 
solution strengthening. To simplify interpretation 
of the results, the mode of deformation was limited 
to basal slip, through the use of single crystals. 


EXPERIMENTAL PROCEDURE 


Magnesium and magnesium binary-alloy single 
crystals containing indium, cadmium, thallium, 
aluminum, and zinc were prepared in the form of 
1/2-in.-diam rods, approximately 8 in. long, using a 
modified Bridgman technique in which the crystals 
were slowly cooled from the melt in a steep temper- 
ature gradient, in an atmosphere of helium. It was 
found that a solid-liquid interface travel speed of 
about 0.7 in. per hr consistently produced single 
crystals. 

The polycrystalline starting materials for the 
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preparation of single crystals consisted of 1/2-in.- 
diam extruded rods, prealloyed to the desired com- 
position. The unalloyed magnesium and magnesium- 
indium extrusions were furnished by the Dow Chemi- 
cal Co. The other alloys were prepared at the 
Rensselaer Polytechnic Institute Metallurgical 
Laboratories. 

Some preliminary studies of the strengthening ef- 
fect of indium were conducted at room temperature 
using a constant rate of tensile loading of 1040 g per 
min. Stress was applied to the crystals by means of 
a simple 5:1 lever arm. The lever was loaded by a 
constant rate of flow of shot into a receptacle sus- 
pended from the long arm of the lever. Plastic flow 
was detected by an electrical resistance strain gage 
cemented to the surface of the crystal normal to the 
minor axis of the predicted glide ellipse. The crys- 
tals were acid machined to produce tensile speci- 
mens with a reduced section between the grip ends, 
with an additional step in the center of the reduced 
section to compensate approximately for the slip- 
retarding effect of the strain gage. 

The balance of the single crystals were extended 
in an Instron tensile tester. This machine employs 
a synchronously driven screw and automatically 
records applied load as a function of cross-head 
separation. It became unnecessary therefore, to 
employ a strain gage to detect deformation or to 
acid machine a reduced section. Preparation for 
testing reduced merely to chemical cleaning of 
the surface, thus minimizing the amount of handling 
and probability of accidental damage to the crystals. 

The rate of elongation employed in all the tests 
was 0.002 in. per min, corresponding to a strain 
rate of approximately 0.0004 per min. 


EXPERIMENTAL RESULTS 


The investigation confirmed the finding of many 
workers that the yield strength of hexagonal metal 
crystals is strongly orientation-dependent. This is 
illustrated in Fig. 1, in which o, the tensile stress 
required to produce gross plastic flow in eleven 
unalloyed magnesium crystals stressed at a con- 
stant rate of loading is plotted as a function of 
sin Xp COS A,, where X, is the angle between the 
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Fig. 1—The orientation dependence of yield stress of 
magnesium single crystals. 


basal plane (0001) and the tensile axis and A, is 

the angle between the slip direction <1120> and 

the tensile axis. Gross plastic flow was considered 
to begin at the first departure from linearity of the 
stress-strain curve. Included in this plot for pur- 
poses of comparison are data reported by Burke and 
Hibbard.** The resolved shear stresses are pre- 
sented in Table I. : 

The addition of indium produced the strengthening 
effect shown in Fig. 2, where 7 is the resolved 
shear stress at the beginning of gross plastic flow. 
The data exhibited a considerable amount of scatter, 
presumably due to structural differences among in- 
dividual crystals, but indicated an approximately 
linear strengthening effect. 

Examination of the above data suggested that 
bending stresses might have been introduced by the 
application of a strain gage to the crystal surface, 
thus causing the crystal to yield at a lower stress 
than would be the case if bending were not present. 
The second series of tests, in which strain gages 
were not used, was undertaken for this purpose. 

Curves of resolved shear-stress vs shear strain 


GM/MM2 


4 
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Fig. 2—Effect of indium on resolved shear stress to 
produce gross plastic flow-constant load-rate tests. 


were obtained for all of the single crystals tested 
with the Instron testing machine. The curves ob- 
tained for the magnesium-thallium alloys are typical 
and are illustrated in Fig. 3. The following features 
are to be noted: 

1) Prior to the onset of gross plastic flow, the 
resolved shear stress increased linearly with strain. 
(Strain is taken to mean average strain in these 
plots, since it was by no means uniform over the 
entire gage length). 

2) The slopes of the linear portions of the curves 
were independent of the solute concentration, and 
were of the order of 1.5 x 10°° dynes per sq cm, 
(2.18 x 10° psi). In contrast to this, the minimum 
value of the shear modulus of magnesium, from the 
sonically determined constants reported by Long 
and Smith,** is 1.68 x 10"* dynes per sq cm, or ten 
times larger than the slopes measured in the present 
investigation. The seemingly anomalous behavior 
could not be attributed to a characteristic of the 
stressing apparatus, since a polycrystalline mag- 
nesium specimeft of the same size and shape, when 
stressed under identical conditions, gave a preyield 


Table |. Resolved Shear Stress to Produce Gross Plastic Flow in Magnesium Single Crystals under a Constant Rate of Loading 


Tensile Resolved 

Stress Shear Stress 

Crystal Number Xo Ao Sin y, Cos A, G per Sq Mm G per Sq Mm 
34C 27 36 0.367 107.5 39.5 
35A 66.5 66.5 0.366 82.3 30.1 
35B 63 66 0.363 103.0 37.4 
35C 55 55 0.471 69.5 37.8 
36A 76 77 0.2185 178.9 39.1 
62C 45 47 0.483 85.8 41.5 
63C 34 42 0.415 99.3 41.3 
64A 24 32 0.346 105.1 36.2 
65B 27 39 0.353 111.2 39.2 
70A 38 41 0.465 83.8 39.0 
Average resolved shear stress 38.0 
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Fig. 3—Stress-strain curves for magnesium-thallium 
alloys. 


slope corresponding very closely to the tensile 
modulus of magnesium, 4.5 x 10‘ dynes per sq cm 
(6.5 x 10° psi). 

3) In general, the resolved shear stress for the 
beginning of gross plastic flow increased with in- 
creasing solute concentration. 

4) A yield point was observed in about one third 
of the crystals tested. The effect was not as sharp 
as the classical yield point observed in body- 
centered-cubic materials. 


N 
MAGNESIUM 

MAGNE S!UM-INDIUM (D0Ww)" 
MAGNES!UM- ZINC (DOW) 
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Fig. 4—Effect of solute concentration on resolved shear 
stress to produce gross plastic flow. 
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5) Shortly after the beginning of gross yielding, the 
rate of strain hardening was very small. 

The resolved shear stresses for the beginning of 
gross plastic flow for all the crystals tested in this 
manner are presented in Table II. The results are 
plotted in Fig. 4 as a function of atomic percent of 
solute. The experimental values reported in Ref. 11 
are included for purposes of comparison. Again, 
there is a certain amount of scatter due to structural 
differences among individual crystals, but some 
general trends are clearly in evidence: 

1) The average value of resolved shear stress for 


Table II. Resolved Shear Stress to Produce Gross Plastic Flow 
of Single Crystals Extended at Constant Rate of Elongation 


Unalloyed Magnesium 


Crystal Number «<G per Sq Mm 
37B 43 
9S1A 42 
109B 39 
123A 43 
123C 42 
141A 44 
141C 43 
Magnesium-Indium Alloys 
Crystal Number At. Pct In « G per Sq Mm 
66B 0.087 39 
40B 0.102 38 
41C 0.197 36 
42A 0.208 48 
42B 0.208 39 
42D 0.208 42 
45B 0.394 50 
43C 0.403 50 
43A 0.413 50 
44B 0.954 87 
Magnesium-Cadmium Alloys 
Crystal Number At. Pct Cd « G per Sq Mm 
118A 0.115 44 
81B 0.219 50 
118C 0.408 59 
115A 0.442 59 
74C 0.744 84 
Magnesium-Thallium Alloys 
Crystal Number At. Pct Th «G per Sq Mm 
120B 0.060 52 
120C 0.0995 50 
121A 0.0995 55 
121C 0.240 63 
128A 0.329 72 
129A 0.571 88 
129C 0.623 95 
Magnesium-Aluminum Alloys 
Crystal Number At. Pct Al «G per Sq Mm 
48C 0.121 60 
46B 0.153 66 
47A 0.350 107 
47C 0.350 106 
Magnesium-Zinc Alloys 
Crystal Number At. Pct Zn <G per Sq Mm 
48B 0.112 80 
48A 0.127 85 
48C 0.134 80 
49B 0.236 139 
49A 0.284 124 
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the beginning of gross plastic flow for unalloyed 
magnesium was 42 g per sq mn, compared to 38 g 
per sq mm obtained in the constant load-rate tests. 

2) The strengthening effects of zinc, aluminum, 
and thallium were essentially in direct proportion to 
their concentration in the range studied. 

3) The strengthening effects of cadmium and 
indium were also linear with concentration at con- 
centrations greater than 0.1 at. pct, but departed 
from linearity at low concentrations. 

4) The increase in yield strength as a function of 
solute concentration, or the rate of strengthening, 
was greatest for the addition of zinc. Aluminum 
exhibited the next highest, and thallium, cadmium, 
and indium produced approximately equivalent rates 
of strengthening. 


ANALYSIS AND DISCUSSION OF RESULTS 


The interpretation of the specific strengthening 
effect of a solute usually involves reference to a 
measure of the compatibility of the solute atoms with 
the parent lattice. The two most common measures 
of compatibility are the effect of the solute on the 
lattice parameter and the valence difference between 
solute and solvent. An excellent example of this type 
of approach is the work of Dorn, Pietrokowsky, and 
Tietz,’ who correlated the strength of dilute solid 
solutions of polycrystalline aluminum with an 
empirically derived function containing the change 
in lattice paranteter, the valence difference between 
solute and solvent, and the product of these two 
factors. 

It is generally accepted that a random distribution 
of solute atoms will offer very little resistance to the 
passage of a dislocation. Consequently, most of the 
theories of solid-solution strengthening consider that 
a Clustering or segregation of solute atoms takes 
place. For example, the Cottrell” and Suzuki”® yield 
points are the result of a segregation of solute atoms 
to dislocations. Fisher’s*’ theory is based on the 
short-range ordering of solute atoms, another devia- 
tion from randomness. 

Since a departure from a random solid solution 
seems to be necessary to produce strengthening, it 
is apparent that using lattice-parameter changes as 
a measure of lattice distortion can lead to certain 
difficulties. The lattice parameters of solid-solution 
alloys, as determined by X-ray diffraction methods, 
represent a statistical average of the local lattice 
parameters. Consequently, the change in lattice 
parameter resulting from the addition of solute 
atoms does not give a direct indication of the 
character of the crystal lattice in regions of high 
solute concentration. It does, however, give a rough 
indication of the degree of local distortion. For in- 
stance, it can safely be said that an aluminum atom 
is less compatible with a magnesium lattice than 
is a cadmium atom. 

The present data were analyzed on the above 
basis by plotting the rate of strengthening of the 
individual solutes as a function of the rate of change 
of the a) lattice parameter on a logarithmic scale, 
using lattice parameter data reported by Busk.” A 
plot of Busk’s data is shown in Fig. 5, and the plot 
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derived from this is presented in Fig. 6. It will be 
noted that the points fall in two distinct regions. At 
values of 1/a da/dc greater than 8 X10 at. pct™’, 
the strengthening rate varies according to a rela- 
tionship of the form 


dt 1 da\” 

=k 
where n = 2.7. At lower values of 1/a da/dc, the 
strengthening rate is small and approximately con- 
stant. 

Linde and Edwardson,” in an investigation of 
copper-alloy single crystals, obtained a similar re- 
lationship, with n 2. As Garstone and Honeycombe”® 
have pointed out, when Linde’s results are plotted 
logarithmically, the points fall into two regions in 
much the same manner as above. Thus the solutes 
nickel and silicon, which produce only very small 
changes in lattice parameter when alloyed with 
copper, produced approximately equivalent in- 
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Fig. 6—Rate of strengthening as a function of rate of 
change in lattice parameter. 
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creases in yield strength, and these values did not 
fit Eq. [1]. 

On the basis of the measurements made by Linde 
and Edwardson and those of the present investiga- 
tion, it could be concluded that solute elements 
which are only slightly incompatible with the lattice 
produce a limited amount of strengthening. Further- 
more, the rate of strengthening does not increase 
significantly until a critical degree of incompatibility 
is reached. Above this value, the rate of strengthen- 
ing increases in a manner given by Eq. [1]. 

A more refined treatment of solid-solution 
strengthening, as mentioned previously, must take 
into account the fact that solute atoms are not 
randomly distrubuted in the lattice. No structural 
observations on a scale fine enough to show the 
actual existence of solute segregation were made in 
this investigation, and consequently, no definite con- 
clusions can be drawn concerning its effects. How- 
ever, the mechanism of strengthening by substitu- 
tional atoms proposed by Parker,’ based on ob- 
servations on binary copper-alloy single crystals, 
may also apply to the materials studied in the 
present investigation. The general features of the 
stress-strain curves summarized in the fore- 
going lend support to this influence. 

The model proposed by Parker, namely, that 
solute atoms accumulate in subboundary walls, 
was based on the observation that gross yielding 
was preceded by a region of plastic deformation in 
which the rate of strain hardening was very high. 


t»,RESOLVED SHEAR STRESS 
/ FOR BEGINNING OF GROSS 
/ PLASTIC FLOW 
/ 
/ 


4. cRossHEAD STOPPED AT THIS POINT 


STRESS 


TIME 
Fig. 7—Behavior of single crystal during interrupted 
loading. 
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The addition of solute atoms had no effect on the 
elastic limit or on the rate of strain hardening in 
the low-strain region. This led to the conclusion 
that solute atoms are not effective in pinning dis- 
location sources, nor are they effective in impeding 
dislocation motion in the low-strain region. The 
stress level for gross yielding, however, was 
strongly affected by solute concentration, and this 
was considered to correspond to dislocations 
breaking through subboundary walls which had been 
strengthened by a concentration of solute atoms. 

In the present investigation, the slopes of the 
stress-strain curves prior to gross yielding were 
at least an order of magnitude smaller than values 
of shear modulus determined by sonic techniques. 
In spite of the relative insensitivity of tensile test- 
ing machines in measuring elastic moduli, the 
large magnitude of the discrepancy between the 
tensile values and sonically determined values sug- 
gests that plastic deformation prior to gross 
yielding may also take place in magnesium alloys. 
A further indication of the existence of ‘‘preyield’’ 
plastic flow was the observation that when a 
crystal was loaded up to a certain point slightly 
below the beginning of gross yielding and the 
crosshead was then stopped, the load decreased 
slightly with time, as shown in Fig. 7. This be- 
havior is a possible indication that plastic flow 
had occurred in the preyield region. 

Although the absence of a well-defined two-stage 
elastic plus preyield region in these tests prevents 
concluding definitely that preyield plastic flow takes 
place, the above observations provide some evi- 
dence of its existence. As indicated previously, 
the slopes of the preyield portions were independent 
of solute concentration, while the stress correspond- 
ing to gross yielding increased with increasing 
solute concentration. These two observations offer 
further support for the model proposed by Parker. 

Once the stress on the dislocations held up at 
subboundary barriers is sufficient to cause them to 
burst through, there are no stronger barriers to 
hinder their further movement other than long- 
range stress fields from dislocations on parallel 
planes. As is noted above, in many cases an actual 
yield point was observed. The outstanding feature 
of the observed yield points was their lack of 
sharpness. 

No quantitative measurements were made con- 
cerning the effect of solute atoms at large strains. 
Such an investigation would be difficult with the 
type of specimen used in this study, due to the 
extreme inhomogeneity of deformation. A few 
specimens were extended to fracture in order to 
observe qualitative features of the deformation 
process. In general, very little strain hardening 
was observed up to elongations of about 100 pct, 
at which time the basal slip system had rotated un- 
til it was almost parallel to the tensile axis. At 
greater strains, deformation was characterized by 
visible and audible evidences of twinning, with 
sharp increases in the rate of strain hardening, 
until fracture finally occurred. The fractures ap- 
peared to be crystallographic in nature, but were 
difficult to interpret because fracture was always 
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associated with a fairly large amount of deforma- 
tion, even for crystals in which the basal slip 
system was originally restricted, and for which 
much higher strain rates were used. 


CONCLUSIONS 


1) Preliminary data illustrated the orientation 
dependence of the tensile stress required for the 
beginning of gross plastic flow, and a strengthening 
effect due to the addition of indium. 

2) Tensile tests at a constant rate of cross-head 
separation indicated that, in general, the resolved 
shear stress for the beginning of gross plastic flow 
increased directly with solute concentration in the 
range studied. Indium and cadmium appeared to 
deviate from this behavior at low concentration. 

3) Solutes studied were in the following order of 
decreasing strengthening ability: zinc, aluminum, 
thallium, cadmium, indium. 

4) A comparison of the rate of strengthening with 
the rate of change of the lattice parameter a, indi- 
cated that a certain degree of incompatibility 
between solute and solvent atoms is necessary to 


produce significant strengthening. If this condi- 
tion is fulfilled, the rate of strengthening increases 
with the degree of incompatibility according to 
at ae)" ,where = 2.7 in these experiments. 
dc a dc 

5) Indirect evidence was obtained in support of 
Parker’s suggestion that substitutional solid-solu- 
tion strengthening is due to the strengthening of 
subboundaries by solute atoms. 

6) Rates of strain hardening are very small be- 
yond gross yielding. Yield points were observed in 
about one third of the crystals tested. 
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Transmission Quantitative Metallography 


The number of particles per unit volume, the volume frac- 
tion, and the surface to volume ratio of a second phase are re- 
lated to quantities obtained in the examination of micrographic 
specimens by transmission. For convex particles of any shape 
the relations hold true for slice thicknesses which vary from 


infinitesimally thin to such thickness where overlap of particles 


John W. Cahn 


on the projected plane becomes important. A first-order cor- 


rection for overlap is also developed. 


Jack Nutting 


Wrru the development of thin film techniques for 
the direct examination of metals in the electron 
microscope some new problems in quantitative 
metallography have become apparent. In order to 


obtain certain contrast effects in the electron op- 
tical image when examining thin films from alloys 
containing dispersed phases, it is essential to use 
films of a thickness at least two or three times 
greater than that of the mean particle diameter of 
the dispersed phase. From micrographs of such 
specimens it may be desired to obtain the volume 
fraction of the dispersed phase and the number of 
particles of the phase in a unit volume of the matrix. 
Under these conditions the particles sectioned by 
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the upper and lower boundary surfaces of the speci- 
men have to be considered together with those par- 
ticles lying completely between the bounding sur- 
faces. We shall find that the observed quantities 
can be expressed as a sum. The first term is de- 
rived from what one would measure on a single 
plane of polish and is independent of the specimen 
thickness. The second term is proportional to 
thickness and is a measure of certain volumetric 
parameters of the sample. The possibility of over- 
lapping of the projected images of the particles will 
also be taken into account. The following analyses 
show how various parameters may be obtained from 
direct measurements made on micrographs. 
Throughout we shall assume that the film was taken 
at random from a specimen and that no internal 
structural changes occurred after the film was 
prepared. 


A) DETERMINATION OF THE VOLUME FRAC- 
TION FROM OBSERVED PROJECTED AREA 
FRACTION 


Consider a slice of thickness ¢ taken from a ran- 
dom distribution of spherical particles of diameter 
d in a matrix. On the upper surface the particles 
will be of two types: those with their centers lying 
above the plane of section, and those with their 
centers lying below, and the expected number of 
both types will be equal. The projected area frac- 
tion of the particles intersected by the upper sur- 
face will be f, (where f,= volume fraction), Thus 
the particles on the upper surface having their 
centers above the plane of section will contribute 
Y f, to the total projected area fraction. Similarly 
those particles intersected by the lower surface and 
having their centers below the plane of section will 
contribute 7/2f, to the total projected area fraction. 

Now consider those particles whose centers lie 
within the slice of thickness ¢. Each particle con- 
tributes a projected area equal to 1d*/4 which is 
equal to 7/, of its surface area. If we neglect losses 
in projected particle area due to particles lying one 
above the other, then in unit area of a slice thick- 
ness ¢ the total projected area fraction (f° y ) will be 


given by 


where Nis the number of spheres whose centers 
lie in a unit volume. However, (1/4) d’ N,t is ’/, of 
the total surface area of the particles intercepted 
by the slice. Thus we may also write 


=f, + ASt [1] 


where S is the total surface area of particles ina 
unit volume of matrix. We will show that Eq. [1] 
holds true in general for convex particles. Because 
we have neglected overlap, it should hold true only 
under conditions when /‘ A is small. 

For spheres of uniform diameter d 


Sf, 
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So that Eq. [1] becomes 


f= +35) 


Generalization for Convex Particles of Any Shape— 
Consider the elements of surface in the interior of 
the slice. On the average they will be so inclined 
that their projected area is half of the actual area.’ 
The surface created by the intersection of the par- 
ticles with the planes of section will be so oriented 
that they contribute their full area (unless the slice 
is inclined), If the particles are convex and if 
overlap is neglected every element of projected 
area results from two surfaces in the specimen, 
Thus Eq. [1] holds generally for this case. 

First Order Correction for Overlap—Usually when 
we are dealing with particles that are not convex, or 
if the particles overlap, more than two surfaces in 
the specimen account for a single projected area. 
What follows is a first correction to Eq. [1]. Con- 
sider the slice with the particles removed. Let us 
add the particles at random one at a time. 

When /, is small we may neglect the correction 
resulting from the volume occupied by the previ- 
ously added particles being unavailable for newly 
added particles. Then the probable fraction of the 
projected area from a given particle which will not 
add to the total projected area because it is already 
covered by another particle will be equal to the true 
projected area fraction (f Vy at that stage. Thus, for 
this particle 


When f = 0, f, = f; = f,, and therefore upon inte- 
gration one obtains 


f,=1-(1- exp - [3] 


In deriving Eq. [3] we placed the particles into 
the film at random. In many samples this is not a 
valid approximation. For instance for precipitate 
particles one might expect for various reasons 
that the particles lie no nearer than some fixed 
distance from one another. Unless ¢ is greater 
than this distance no overlap would ever occur, and 
Eq. [3] would be a slight overcorrection for overlap 
for all values of ¢. 

Eq. [3] should hold true when f is small for all 
values of f ‘Ar O85 under conditions where the film 
thickness is large compared with the mean particle 
diameter. 


B) CALCULATION OF NUMBER OF PARTICLES 
PER UNIT VOLUME FROM OBSERVED NUM- 
BER PER UNIT AREA OF A THIN FOIL 


In a foil of thickness ¢ containing spheres the num- 
ber of particles per unit area having their centers 
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_ within the foil will be given by 
N,t 


where N, = number of particles per unit volume, 
On the upper bounding surface of the foil the num- 
ber of particles per unit area intercepted will be 


given by 

N,d 

where d is the average particle diameter of the 

spheres (not the average diameter on the projection). 
But half of the particles intercepted will have 

their centers below the upper bounding surface and 

will already be included and similar arguments will 

apply to the lower bounding surface. Therefore, the 


actual number of particles in unit area of the speci- 
men (N,) will be given by 


N,=N,t+N,d [4] 
Therefore, 
N,=N,/(t+d@) [5] 


Eq. [4] holds for convex particles generally if one 
substitutes for Nd the number of particles observed 
in a unit area of one of the planes of section. 

Correction for Overlap—The effect of overlapping 
in determining the number of particles in unit vol- 
ume of matrix depends upon the ability to resolve 
two partially overlapping particles. This resolution 
depends upon the particle shape, the range of par- 
ticle sizes, and the resolving power of the instru- 
ment used for the observations. Thus two overlap- 
ping spheres of equal size might be resolved if their 
centers do not exactly coincide, while in the case of 
irregular particles it would be necessary to have 


clear separation of the projected areas in order to 
resolve the individual particles. 

Furthermore with increasing thickness, particles 
clearly separated on thinner specimens, may be 
joined together by new particles which overlap both, 
until eventually the whole field appears as a single 
particle. 

It is possible however to obtain a first approxi- 
mation for intermediate thicknesses, ¢, and for 
spheres of uniform diameter, d, if we assume that 
to resolve the particles their centers must be sep- 
arated on the projected image plane by a distance p, 
and neglect entirely the case where two resolved 
particles become unresolved by additional particles 
which overlap both. If we again add the particles at 
random one at a time to the matrix and neglect the 
correction arising from the volume occupied by the 
particles being unavailable for newly added particles 
then 


Nap 2 
aN, =1l- Nip 1p 
1 (1 7p? N,d) 
[6] 
where 
N, = Apparent or measured number of spheres per 


unit area of projected image. 
N, = Actual number of particles in unit area of 
projected image. 
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Anomalous Kinetics of the Bainitic Transformation 


Just Above the Martensitic Range 


M. F. Smith, G. R. Speich, and Morris Cohen 


BeEtLow the nose of the bainitic C curves in 
isothermal transformation diagrams, the rate of 

the austenite-to-bainite transformation usually de- 
creases with decreasing temperature. However, in 
some steels and iron-carbon alloys, there is a 
noticeable acceleration in the initial reaction rate at 
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temperatures just above M;. Such speeding-up of the 
bainitic transformation would be understandable at 
temperatures just below M, because of the catalytic 
effect of the martensite formed,’ but the reversal in 
isothermal kinetics just above M, seems quite 
anomalous. 

This behavior was observed by Howard and Cohen’ 
in a 1.35 pct C steel and, on the basis of metallo- 
graphic examination, it was attributed to the forma- 
tion of a thin plate-like product not belonging in the 
bainitic sequence. More recently, Schaaber“ found 
two-stage reactions occurring in the vicinity of M, 
in a number of steels, and suggested that the first 
stage might be the isothermal formation of marten- 
site, preceding the isothermal formation of bainite 
in the second stage. A decrease in the bainitic incu- 
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bation time with decreasing temperature near M; has 
been reported by Radcliffe and Rollason® for high- 
purity iron-carbon alloys. Radcliffe and Rollason 
proposed that the bainitic reaction may be preceded 
by the formation of another constituent in this tem- 
perature range. 

In the present work, the nature of this phenomenon 
was Studied in a high-purity Fe-1.16 pct C alloy, 
after austenitizing at 1060°C for 1/2 hr. The isother- 
mail transformation diagram for this alloy (as deter- 
mined by conventional metallography on hot-quenched 
specimens) is given in Fig. 1. The upper part of the 
diagram had been determined by Lister,* and addi- 
tional data were then obtained to extend the curves to 
temperatures near M;. The reversal in kinetics of 
the isothermal reaction between 200°C and the M, 
temperature of 175°C is evident in the 1 and 25 pct 
transformation curves, but it was difficult to decide 
whether the product responsible for this behavior 
was bainite or martensite, 

Accordingly, direct observations on the transfor- 
mation product in this range were obtained with a 
hot-stage microscope which had been designed for 
measuring the growth rate of bainitic plates.° Speci- 
mens were first metallographically polished and then 
austenitized on the hot-stage for 1/2 hr at 1060°C in 
vacuum; this was followed by quenching to the re- 
action temperature with a blast of helium.* The 


*It was determined by metallographic examination that this austeni- 
tizing treatment together with prior thermal treatments rendered the 
alloy homogeneous. That no surface decarburization occurred during the 
final austenitizing and isothermal transformation on the hot stage was 
evident from the fact that the surface M, was the same as the volume 
M,. Moreover, metallographic sections perpendicular to the free surface 
showed that the reaction rate there was the same as within the volume 
of the material. 
course of the isothermal transformation could be 
traced by the surface upheavals, from which it was 
relatively easy to distinguish between martensite and 
bainite at a magnification of X250.. The bainitic 
plates were found to grow progressively at a linear 
rate which decreased with decreasing temperature, 
whereas the martensitic plates snapped into view 
suddenly with no further growth. 


In the temperature range of the anomalous be- 
havior, the first transformation product observed in 
the hot-stage runs was martensite. At 188°C, the 
martensite began to form in about 1300 sec, while at 
181°C, the first evidence of martensite was detected 
in 900 sec. Both of these runs were definitely above 
the M, temperature of 175°C, yet martensitic plates 
continued to form isothermally on holding. Very 
little bainite appeared in these specimens during the 
early part of the transformation, but when bainite 
was found, the plates grew at a characteristic rate, 
depending on the temperature. The isothermal for- 
mation of martensite was detected on the hot-stage 
at times appreciably shorter than those indicated 
by the 1 pct transformation curve in Fig. 1, and 
hence martensite must have been the product present 
when the 1 pct transformation was estimated in the 
conventional metallographic technique. 

It is important to inquire whether this isothermai 
martensite arose from the well-established isother- 
mal mode of the martensite reaction that has been 
studied in detail at subzero temperatures.° Of course, 
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Fig. 1—Isothermal transformation diagram for an Fe-1.16 
pet C alloy. 


since martensite can form cataclysmically without 
thermal activation at the M, temperature and below, 
it is reasonable to suppose that martensite could be 
thermally activated as a function of time at tempera- 
tures just above the M,. However, this hypothesis 
cannot account for the present findings because in 
the temperature range being studied, the rate of 
isothermal martensite nucleation should decrease 

by several orders of magnitude between 181°C and 
188°C,’ whereas a factor of less than 2 is found. 

It is probable that the isothermal martensite in 
these experiments is initiated by the very inception 
of bainite formation. At temperatures very slightly 
above M,, the local stresses set up by nucleation of 
bainite may trigger off the nucleation of martensite 
before the bainite can grow to a visible size. At 
somewhat higher reaction temperatures, the 
martensite formation is less sensitive to stress be- 
cause the driving force is smaller, and the bainite 
has to reach a larger size before the martensitic 
phase is nucleated (although the bainite may still be 
invisible at the available magnification of X250). At 
still higher temperatures, the martensitic reaction 
is so difficult to nucleate, even in the presence of 
stress, that the bainite can then continue to grow to 
a visible size without being ‘‘intercepted.’’ The 
normal bainite kinetics are then observed. 

Thus, the anomaly under consideration is attribu- 
table to ‘‘stress-induced’’ martensite which is 
generated isothermally by the onset of bainite for- 
mation. Although the martensite forms as a func- 
tion of time and displays isothermal characteris- 
tics, it should not be confused with the thermally 
activated processes that occur in other isothermal 
martensitic transformations .° 

To test the above explanation, a specimen was 
austenitized on the hot-stage at 1060°C, quenched to 
218°C for 300 sec, and then further quenched to 
185°C for the isothermal reaction. In view of the 
known growth rate of bainite at the higher tempera- 
ture, small but indetectable plates should have 
formed in 300 sec at this temperature. It would 
then be expected that martensite could be nucle- 
ated at the lower temperature in substantially 
less time than if the austenitized specimens were 
quenched directly to the lower temperature in the 
first place. This was found to be the case; mar- 
tensite was found within 270 sec at the lower tem- 
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perature as a result of the double quench, which 
was about one-fourth of the time that would be re- 
quired at this temperature with a direct quench. 
If thermal activation alone were responsible for 
the isothermal martensitic nucleation, this effect 
would not have been observed. 


SUMMARY 


In summary, the acceleration of the isothermal 
transformation just above the M, temperature seems 
to stem from the formation of martensite which is 
activated or stress-induced by the very start of the 
bainitic transformation. The rapid propagation of 
the martensitic plates then supersedes the further 
growth of the bainite involved. This causes a trans- 
formation product (which more or less resembles 
bainite after tempering at the transformation tem- 
perature) to appear in the microstructure con- 
siderably sooner than would be possible from the 
growth of bainite itself. On the other hand, in the 


later stages of transformation at these temperatures, 
it becomes progressively more difficult for the 
martensite to nucleate in view of the partitioning of 
the structure, and the normal bainitic reaction be- 
comes evident. This may explain why the transfor- 
mation curves corresponding to more than about 

25 pct transformation show relatively little sign of 
the anomalous kinetics. 
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Quantitative Deformation Textures of Aluminum, 
Copper, Silver, and Iron Wires 


Quantitative measurements were made of the skin texture of 
aluminum and of the inside textures of aluminum, copper, silver, 
and iron by a new diffractometer method. Double <111l> + <100> 
textures were observed for the three face-centered-cubic metals, 
and a single <110> texture for iyon. The results on copper show 


that the starting texture can control the deformation texture, and 
that a strong <100> texture can be obtained by starting with a 


texture having a strong <100> component. 


Ir is well known that deformation by cold drawing 
or swaging produces a kind of preferred orientation 
called fiber texture in metal wires. Such textures 
have been extensively studied by means of X-ray 
diffraction, chiefly by techniques in which the dif- 
fracted X-rays are recorded photographically. This 
paper describes some results obtained with a new 
method, involving the use of a diffractometer. 


X-RAY METHOD 


Since the pole figure of a material having a fiber 
texture is symmetrical about the fiber axis, there 
is no need to present the entire pole figure. Instead, 
texture data can be summarized by means of a curve 
showing the variation of pole density along any me- 
ridian of the pole figure, if the north-south axis of 
the latter is made parallel to the fiber axis. The 
position of a pole on the meridian is specified by 
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the angle ¢ between the pole and the fiber axis 
(wire axis). 

The X-ray method’ used here to measure pole 
density as a function of ¢ actually consists of two 
methods, referred to as A and B. In method a, 
X-rays are reflected from the wire surface. Pole 
densities can be measured by this method from 
¢ = 90 deg down to a limiting value which is de- 
pendent on the Bragg angle @ and is typically of the 
order of 30 to 40 deg. 

Method B involves diffraction from the wire 
cross section and covers a range of @ values from 
0 up to an angle sufficient to overlap the measure- 
ments made by method A, 

By a combination of the two methods, a complete 
pole-density curve can be obtained. However, 
method A alone, which requires no specimen prep- 
aration other than etching, can often reveal enough 
of the pole-density curve to provide complete in- 
formation about texture components. 

Both methods require that the measured dif- 
fracted intensities be corrected for changes in 
absorption and diffracting volume with changes 
in ¢. All intensities / reported in this paper are 
corrected diffracted intensities; they are propor- 
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tional to pole densities. 
PROCEDURE AND RESULTS 


Aluminum—The starting material had a purity 
better than 99.99 pct Al; the only impurities re- 
ported were 0.001 pct Fe, 0.001 pct Si, and 0.003 pct 
Zn. The as-received rod was machined from 0.5 to 
Q.3 in. in diam, cold-swaged to 0.130 in., and cold- 
drawn to 0.064 in. The total cold-reduction of area 
was therefore 95 pct and the reduction by drawing 
alone was 76 pct. The drawn wire was etched to 
0.051 in. to remove the surface layer. 

Fig. 1 shows the variation of corrected diffracted 
intensity J with ¢ for the 222 reflection with CrKa 
radiation. The maxima at 0 and 70 deg are due to 
the strong <111> component of the texture and the 
maximum at 55 deg to a weak <100> component. 
The relative proportions of these components can 
be obtained by constructing the J sin ¢ curve shown 
as a dashed line in Fig. 1 and measuring the areas 
under the various peaks. (The / sin ¢ curve is not 
drawn through zero at ¢ = 0 for reasons previously 
discussed.* Its exact position in this region is un- 
certain.) These areas, when weighted with the 
proper multiplicities, are proportional to the vol- 
ume of material making up each texture compo- 
nent.** It has also been shown’ that it is unneces- 
sary to consider any peak at ¢ = 0 in computing the 
relative amounts of texture components. Accord- 
ingly, all results in this paper are based on a con- 
sideration of the high-¢ peaks only. Thus, any 
inaccuracy in the 7 sin ¢ curve near ¢ = 0 has no 
effect on the accuracy of the amounts reported for 
various texture components. 

If a pole-density curve is determined over the 
whole range of ¢, then the results can be put on an 
‘‘absolute’’ basis, since it has been shown” that 
the diffracted intensity which would be produced by 
a specimen containing randomly oriented crystals 
can be obtained simply by multiplying the average 
ordinate of the J sin ¢ curve by 7/2. It was in this 
way that the right-hand ordinate of Fig. 1 was 
constructed. 

Measurements were also made of the 200 reflec- 
tion with CrKa radiation. Relative amounts of tex- 
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Fig. 1—Variation of / (full curve) and / sin ¢ (dashed 
curve) with for cold-worked aluminum wire, 222 reflec- 
tion, CrKa@ radiation. The full curve also shows the 111 
pole density (right-hand scale) as a function of ¢. 


ture components were computed from both the 111 
and 100 pole-density curves; averaging both sets of 
measurements showed that the texture of the wire 
was 80 +5 pct <111> and 20 +5 pct <100>. 

Schmid and Wasserman,‘ using a combination of 
photographic film and a microphotometer to meas- 
ure diffracted intensities, reported the texture to 
be 100 pct <111>. Hibbard,° by visual inspection 
of the diffraction pattern, found a very strong <111> 
component and a weak <100> component in 
99.994 pct pure Al cold drawn to a 99.96 pct re- 
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duction in area. 

As Schmid and Wasserman‘ and a number of later 
investigators have shown, the texture of the surface 
of cold-worked wire differs from that of the inte- 
rior. How this difference is reflected in pole-den- 
sity curves was shown by examining the wire in 
three conditions: a) as cold-worked to 0.064 in., 

b) after etching to 0.057 in., and c) after further 
etching to 0.051 in. In each case the wire was ex- 
amined by method A only, over a range of ¢ values 
from 90 to 30 deg. The partial pole-density curves 
so obtained are shown in Fig. 2, which graphically 
illustrates the change in texture from skin to core. 
This change clearly consists in 1) an increase in the 
amount of the <111> component at the expense of 
the <100> component, and 2) a decrease in the 
amount of scatter of each component about its ideal 
orientation. (It should be noted that method A is the 
only diffractometer method yet devised which is ca- 
pable of measuring skin textures. It is thus of value 
in the study of any wire whose surface texture has 
an important effect on some chemical, physical, or 
mechanical property of the wire.) 

To determine whether there was any difference 
in the textures produced by drawing and by swaging, 
an identical wire was processed in the same way as 
the first except that the total reduction in area of 
95 pct was accomplished entirely by swaging. It had 
the same pole-density curve as the wire swaged and 
drawn to the same total reduction. Therefore all 
subsequent cold- working in this investigation was 
performed by swaging, inasmuch as swaging was 
easier than drawing with the equipment available. 

Copper—Material of two different purities was 
investigated: a) high-purity copper, containing more 
than 99.999 pct Cu, and b) commercial tough-pitch 
copper, containing 99.962 pct Cu, 0.003 pct Fe, 
0.025 pct O, and 0.0021 pct S. 

Because an unusual texture, described below, was 
found in the high-purity copper after heavy cold 
working, it was decided to investigate the texture 
of the as-received material. This copper had been 
made, by the American Smelting and Refining Co., 
by continuously casting a ¥,-in.-diam rod. It was 
then cold drawn to ’/,-in. diam, a reduction in area 
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Fig. 3—Partial 100 pole-density curves for high-purity 
copper: (a) as-received, 56 pct reduction in area, (5) cold 
swaged to 98.4 pct reduction in area. 400 reflection, CuKa 
radiation. 
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Fig. 4—Partial 100 pole-density curves for tough-pitch 
copper: (a) as-received, (b) cold-swaged to 92 pct reduc- 
tion in area. 400 reflection, CuKa radiation. 


of 56 pct, by the manufacturer. 

The texture of this partially cold- worked mate- 
rial was examined by removing a specimen 0.085 in. 
in diam from the center of the '/,-in. rod by machin- 
ing and etching. Measurements of the 400 reflection 
with CuKa radiation led to the partial 100 pole-den- 
sity curve shown in Fig. 3(a). Because of the broad 
peak centered at ¢ = 90 deg, the texture can be de- 
scribed as 100 pct <100> with a great deal of 
scatter about the wire axis. In fact, the degree of 
scatter is so large that some of the grains have 
<111> parallel to the wire axis, since there is ap- 
preciable pole density at ¢ = 55 deg. Nevertheless, 
these grains cannot reasonably be said to constitute 
a separate <111> ‘‘component,’’ inasmuch as there 
are no irregularities in the curve near ¢ = 55 deg, 
such as might be expected if the observed curve 
were the sum of two peaks, one at 55 and one at 
90 deg. 

To determine the effect of heavy deformation the 
’/,-in. as-received rod was cold-swaged to 0.095 in., 
i.e., to a total reduction of area of 93 pct, and then 
etched to 0.047 in. Complete 100 and 111 pole- 
density curves were constructed from measure- 
ments of the 400 and 222 reflections with CuKa 
radiation. Analysis of these curves disclosed a 
double texture, composed of 90 pct <100> and 
10 pet <111>. Another portion of the as-received 
rod was swaged to 0.048 in. (98.4 pct total reduc- 
tion in area) and etched to 0.035 in. Partial 100 
and 111 pole-density curves were obtained for 
this specimen. The former is shown in Fig. 3(b). 
There are now two well-resolved maxima, and 
the texture components are in the proportions of 
95 pet <100> and 5 pct <111>. 

The tough-pitch copper was also examined in 
both the as-received and cold-worked conditions. 
The as-received rod was '/, in. in diam. When 
machined and etched to 0.050 in., it produced the 
partial 100 pole-density curve shown in Fig. 4(a). 
The texture is 65 pct <111> and 35 pct <100>. 
When cold-swaged to 0.071 in. (92 pet reduction in 
area) and etched to 0.049 in., its pole-density curve 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


‘ve 


( arbitrary units ) 


I 


30 50 70 90 
(degrees) 
(b) 


Fig. 5—Partial 100 pole-density curves for silver: (2) as- 
received, (+) cold-swaged to 96 pct reduction in area. 
400 reflection, CuKa radiation. 
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changes to that shown in Fig. 4(b). The texture is 
now 55 pet <111> and 45 pct <100>. 

The deformation texture of copper wire has been 
studied by a number of investigators. Schmid and 
Wassermann’ reported it to be 60 pct <111> and 
40 pct <100>. Bastien and Pokorny,’ who also used 
a film-microphotometer technique, found that 73 pct 
reduction in area produced a texture composed of 
50 pet <111>, 25 pct <100>, and 25 pct random; 
however, this reduction in area of 73 pct was ef- 
fected with intermediate anneals, and the amount of 
reduction after the last anneal was not stated. In 
material reduced 98 pct in area, they found a ‘‘more 
pronounced’’ double texture, but did not report the 
relative proportions of the components. Of those 
investigators basing their results on visual inspec- 
tion of diffraction photographs, Hibbard, 
Backofen,°® and Darling’ observed a double tex- 
ture, with <111> stronger than <100>; Hibbard® 
also observed that the <111> component increased 
at the expense of the <100> component with in- 
creasing deformation. 

Texture components may also be estimated from 
measurements of Young’s modulus. The calculation 
is based on the known values of this property in 
the <111> and <100> directions of a single crystal 
and on the assumption that only these texture com- 
ponents are present. In this way Kuczynski”™ ar- 
rived at 88 pct <111> and Barrett’’ at 73 pct <111> 
in the double texture of cold-drawn wire. 

Silver—This material was received in the form of 
/-in.-diam rod of 99.9+ pct purity. The inside tex- 
ture of this material is shown in Fig. 5(a) in the 
form of a partial 100 pole-density curve; it is com- 
posed of 45 pct <111> and 55 pct <100>. 

One specimen was then cold swaged and cold 
drawn to 0.072 in. (92 pct reduction in area) and 
etched to 0.050 in. Complete 111 and 100 pole- 
density curves were obtained. Another specimen 
was cold swaged to 0.048 in. (96 pct reduction in 
area) and etched to 0.035 in. Partial 111 and 100 
pole-density curves were obtained; the latter ap- 
pears in Fig. 5(b). Analysis of these curves showed 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


that the texture of both specimens was 80 pct <111> 
and 20 pct <100>. 

Schmid and Wassermann* found the fiber texture 
of silver to be 25 pct <111> and 75 pct <100>. 
Hibbard® observed a strong <111> component to- 
gether with randomly oriented grains. 

Iron—Armco iron, containing impurities in the 
following percentages, 0.022 C, 0.019 S, 0.04 Mn, 
0.006 P, 0.006 Si, 0.098 Cu, and 0.014 Sn, was cold 
swaged from 0.250 to 0.049 in. diam (96 pct reduc- 
tion in area) and etched to 0.035 in. Complete 100 
and 110 pole-density curves were obtained. The 
former is shown in Fig. 6; the maxima at ¢ = 45 
and 90 deg are evidence for a single <110> texture. 

Probably the earliest X-ray investigation of pre- 
ferred orientation ever made’* disclosed a simple 
<110> fiber texture for iron, and this has been 
verified by many later studies.** Swalin and 
Geisler*® have recently published a 110 pole-density 
curve, obtained by neutron diffraction and confirm- 
ing the earlier photographic results. 


DISCUSSION 


Any consideration of the results of this investiga- 
tion, which are summarized in Table I, in relation 
to those of other investigators must involve the 
question of relative precision of measurement. 
Visual examination of a diffraction photograph can 
at best yield only rough estimates of the amounts 
of texture components. When the extent of film 
blackening is measured with a microphotometer, 
accuracy of course improves. But in neither of 
the investigations*” involving microphotometer 
measurements is there any evidence that a cor- 
rection was made for variable absorption in the 
specimen, In the usual transmission method, rays 
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Fig. 6—100 pole-density curve for iron, cold-swaged to 96 
pet reduction in area. 200 reflection, CrKa radiation. 
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Table |. Texture Components of Cold-Worked Wire 


Percent 
Reduction Percent Texture Components 
Metal Treatment in Area <11D> <100> <110> 


Aluminum Cold-worked 95 80 20 0 
Copper As-received 56 0 100 0 
(high- 
purity) Cold-worked 93 10 90 0 
Cold-worked 98.4 5 95 0 
Copper As-received ~ 65 35 0 
(tough- 
pitch) Cold-worked 92 55 45 0 
Silver As-received - 45 55 0 
Cold-worked 92 80 20 0 
Cold-worked 96 80 20 0 
Iron Cold-worked 96 0 0 100 


reflected to different parts of a Debye ring make 
different angles with the wire axis and undergo 
different amounts of absorption in the specimen. 
Stated alternately, the effective diffracting volume 
differs for rays reflected to different portions of 
the same Debye ring, and the intensity around a 
Debye ring cannot be expected to be entirely uni- 
form even if the specimen is composed of randomly 
oriented crystals. Therefore, only qualitative sig- 
nificance can be attached to the amounts of texture 
components reported in these investigations.*»” In 
the present work corrections were made for vari- 
ations in the effective diffracting volume, and the 
limits of error are estimated to be +5 pct. 

A double <111> + <100> texture was observed 
for the three face-centered-cubic metals studied 
(aluminum, copper, and silver), for reductions in 
area of 92 pct or more. The most interesting re- 
sults were obtained on high-purity copper. The 
<100> texture of the as-received rod can be ex- 
plained on the basis of the methods used to make 
it. In a continuously cast rod of small diameter, 
the direction of freezing can be expected to be 
predominantly axial and, in fact, microscopic ex- 
amination of an as-cast specimen showed that it 
was composed of large, columnar grains, whose 
axes were parallel to the rod axis. It is also well 
known* that the columnar zone of cast cubic metals 
has a <100> fiber texture, with the fiber axis 
parallel to the long axis of the columnar crystals. 

A strong <100> component in the deformation 
texture of copper has apparently never been ob- 
served before, but it was found here in the high- 
purity material. This copper had a texture con- 
taining 95 pct <100>, whereas the texture of the 
tough-pitch copper contained only 45 pct. It is very 
unlikely that this large difference is due to the dif- 
ference in purity, inasmuch as most investigators 
are agreed that 1 or 2 pct of a dissolved element, 
and sometimes much more, are necessary to pro- 
duce any substantial change in the deformation 
texture. Rather, the observed difference in texture 
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between these two coppers must be ascribed to a 
difference between their starting textures. The 
tough-pitch copper had a strong <111> component 
to begin with, and deformation produced little 
further change. The high-purity copper, on the 
other hand, had a single <100> texture with con- 
siderable scatter, as received. (It will be remem- 
bered that in this condition it had already been re- 
duced in area by 56 pct; its as-cast texture was 
presumably the same but with even more scatter.) 
Deformation of this material, to a total reduction in 
area of 98.4 pct, had the main result of sharpening 
the <100> component, without producing much fur- 
ther rotation of the few grains which had a <111> 
orientation, Fig. 3. (The observation by Schmid and 
Wassermann* of a major <100> component in silver 
can probably be explained in the same way, 7.é., 
their starting materiai, because of the particular 
conditions of time and temperature under which it 
was recrystallized, presumably had a strong <100> 
texture on which subsequent deformation had little 
effect.) 

These results are of interest, not only in them- 
selves, but also because of the bearing they have 
on the theory of deformation textures in wire. The 
two most recent theories are those of Hibbard and 
Yen’* and Calnan and Clews.’” The Hibbard and Yen 
theory, applied to face-centered-cubic metals, pre- 
dicts <111> as the most favorable stable end orien- 
tation, <100> ‘‘allowable,’’ and <110> unfavorable. 
Calnan and Clews predict a double <111> + <100> 
texture, and their line of argument suggests that 
<111> should be the stronger component. 

Hibbard® suggested that the double <111> + <100> 
texture is only an intermediate texture, not the final 
one, and that the <100> component would disappear 
if the deformation were severe enough. In an at- 
tempt to prove this contention, he subjected wires 
of several metals to a reduction in area of 99.96 pct 
and concluded that the resulting texture was ‘‘es- 
sentially’? <111>. However, his published diffrac- 
tion pattern of copper wire clearly shows evidence, 
on the 200 Debye ring, of a weak <100> component 
still remaining. (If he had removed the wire sur- 
face by etching, he might possibly have found this 
component absent from the texture of the core, 
inasmuch as the present investigation has shown 
that the inside texture of aluminum wire contains 
a smaller proportion of the <100> component than 
the skin texture.) 

The present results on copper do not agree with 
the suggestion that <111> is the stable end orienta- 
tion for all face-centered-cubic metals. They show, 
instead, that the <100> component can actually in- 
crease in amount at the expense of the <111> com- 
ponent during deformation, and it is difficult to 
believe that the direction of crystal rotation would 
reverse itself if the deformation were carried to 
still larger reductions of area. However, the ob- 
served changes in texture during deformation are 
small, which leads to the conclusion that both 
<100> and <111> are relatively stable in copper 
and that a strong <100> deformation texture, or a 
strong <111>, can be obtained by starting with a 


strong <100> texture, or a strong <111>, respectively. 
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In silver on the other hand, a large increase in 
the amount of the <111> component occurs during 
deformation. The same may be true of aluminum 
although the initial texture of this material was not 
examined in this work. 

The single <110> texture observed in iron, the 
only body-centered-cubic metal studied in the 
present work, is predicted theoretically by both 
Hibbard and Yen’ and Calnan and Clews.'® The 
only unexplained feature of the pole-density curve 
in Fig. 6 is the greater breadth, and the asymmetry, 
of the peak at 45 deg compared to that at 90 deg, If 
there were simply a scatter of <110> directions 
about the wire axis, then both peaks should be 
equally broad. But any minor texture components, 
including twins of the <110> texture, that might be 
postulated to explain the breadth of the 45-deg peak 
would also have poles in the low-density region 
around 60 to 65 deg. 

The results of the present investigation lead to 
the conclusion that the texture of a wire before 
deformation can have an important, and sometimes 
definitive, effect on its texture after deformation, 
notwithstanding the fact that a particular texture 
may be the most stable from a theoretical point of 
view. Differences in starting texture are thus sug- 
gested as the main cause of the large differences 
in texture sometimes reported by different in- 
vestigators for the same metal. The observation, 
here confined to copper, that certain textures are 
remarkably resistant to change by deformation 
points to the possibility of obtaining quite unusual 
textures, both after deformation and after subse- 
quent recrystallization, by proper control of the 
starting texture. 


SUMMARY 


Quantitative measurements have been made of the 
deformation textures of aluminum, copper, silver, 
and iron wires. A double <111> + <100> fiber tex- 
ture was observed in the three face-centered-cubic 


metals, and a single <110> texture in iron, 

The inside texture of aluminum contained 80 pct 
of the <111> component. The skin texture contained 
a lesser amount and showed more scatter. 

A single <100> texture with considerable scatter 
was found in pure copper rod made by continuous 
casting. The texture of this material still contained 
95 pct of this component after heavy deformation. 
Tough-pitch copper rod, made by the usual fabricat- 
ing processes, had <111> as its major texture com- 
ponent both before and after deformation. 

In silver, the <111> component increased from 
45 to 80 pct during deformation. 
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A Redetermination of the Lead-Lead Sulfide 
Equilibrium between 585° and 920°C 


The equilibrium between lead, lead sulfide, and circulating 
atmospheres of hydrogen and hydrogen sulfide has been meas- 
ured between 585° and 920°C. The equilibrium atmospheres 


were analyzed by an iodometric method. 


The data may be represented by a linear free-energy equa- 
tion, whose enthalpy and entropy terms have associated errors 
of +1 kcal and +1 e.u. Reasons are given for accepting the 
new data in preference to that which already exists. 
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Tue equilibrium between lead, lead sulfide (PbS), 
and atmospheres of H, and H,S has been determined 
previously by Jellinek and Deubel,* and Sudo.’ Bléem 
and Kroger*** used Jellinek’s data to calculate the 
sulfur dissociation pressures of PbS crystals (of 
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known nonstoichiometry) in equilibrium with Pb. 
However, the present authors observed that PbS 
was reduced to Pb at sulfur pressures and temper- 
atures where, according to Jellinek, the sulfide 
should have been thermodynamically stable. Bl6em 
and Kroger’s calculations, insofar as they are 
based on Jellinek’s data, must therefore be re- 
vised. Their results for the nonstoichiometry of 
PbS as a function of sulfur pressure will then be 
used in connection with self-diffusion studies 
planned for this material. 

Richardson and Jeffes,° in their review of sulfide 
equilibria, point out that thermal segregation ef- 
fects vitiate Jellinek’s data; appropriate corrections 
do not provide accurate equilibrium data. Sudo 
avoided thermal segregation in his experiments, but 
the scatter in his data leads to errors in the heat 
and entropy terms of his free-energy equation of 
+ 3 kcal and +3 e.u. respectively. 

Since an apparatus which could be used for meas- 
uring the equilibrium had been built, and a proven 
analytical technique was available for measuring 
H.S/H, ratios between 5 x 107° and 1 x 107’, it was 
decided to redetermine the equilibrium over as 
wide a temperature range as was experimentally 


convenient. 


EXPERIMENTAL 


1) Materials—99.999 pct purity lead (American 
Smelting and Refining Co.) and triply distilled 
flowers of sulfur were used to synthesize the lead 
0.10 pes 
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@,0,4,¥: DIFFERENT EQUILIBRIUM MIXTURES OF Pb AND PbS 
x POINTS AT WHICH Pb IS THERMODYNAMICALLY STABLE 


Fig. 1—The equilibrium Pb/Pbs—H,/H,S between 585° and 
920°C. 
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sulfide. Stoichiometric proportions of lead and sul- 
fur were sealed off in an evacuated quartz tube, 
which was heated to 1150°C in a vertical furnace. 
An extremely pure sulfide was obtained by placing 
the tube in a temperature gradient such that sul- 
fide vapor condensed at the upper end. 

The residual oxygen in the hydrogen was re- 
moved by passing the gas through 5 pct palladized 
asbestos at 400°C and drying with Anhydrone. 

2) Apparatus—The function of the apparatus was 
to provide a means of continuously circulating hy- 
drogen at atmospheric pressure over a mixture of 
lead and lead sulfide at a fixed temperature, until 
an equilibrium atmosphere of H, and H.S was es- 
tablished. Apart from the porcelain reaction tube, 
the whole system was constructed entirely of glass 
and was vacuum-tight. The essential components 
were a glass pump, based on the model of Leake,° 
a capillary flowmeter to ensure that sufficient 
flow-rate was maintained in order to avoid thermal 
segregation of the gases, a manometer in which the 
mercury was protected from the H,S in the system 
by a thin layer of n-butyl phthalate, and a gas sam- 
pling tube of about 150 ml capacity whose volume 
was accurately known. The furnace was wound with 
No. 16 Kanthal wire, and a hot zone of + 2°C ex- 
tended over 6 cm; this exceeded the length of the 
alumina boat containing the equilibrium mixture. 

A Celectray controller stabilized the temperature 
of the hot zone to +7/2°C. Temperatures were 
measured by a chromel-alumel couple placed at 
the center of the hot zone but outside the reaction 
tube. Before the experiments, this couple was 
calibrated against an N.B.S. Pt-Pt 10 pct Rh couple 
situated inside the reaction tube. When equilibrium 
points were being measured, the appropriate cor- 
rection was applied to the reading of the external 
couple. 

3) Procedure—About 8 g of sulfide and 4 g of lead 
were placed in a 5-cm-long alumina boat, which was 
pushed into the hot zone of the furnace along an alu- 
mina gutter against a stream of pure nitrogen. The 
system was sealed off, evacuated for about 20 min 
and refilled with H, slightly in excess of atmos- 
pheric pressure. When the gas had been circulated 
for about 4 hr, the contents of the sampling tube 
were analyzed. It was assumed that equilibrium 
had been reached if a second analysis 1 hr later 
gave the same result within the limits of experi- 
mental error. When the analyses differed, circula- 
tion continued until two consecutive results agreed. 

4) Analysis—An iodometric back-titration method 
was used. The contents of the sampling tube, at 
known pressure and temperature, were flushed by 
N, into a 5 pct solution of zinc acetate. A second 
identical solution was placed in series to trap any 
unabsorbed gas. The solution containing the pre- 
cipitated zinc sulfide was treated with excess N/10 
iodine solution and then 10 ml conc. HC1 before 
back-titration with an N/10 sodium thiosulphate 
solution, Starch solution was used as indicator. 
The iodine and thiosulphate, obtained as concen- 
trated solutions in ampoules, were standardized 
before and after the series of experiments against 
potassium iodate. Microburettes were used for all 
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analyses and could be read to 0.03 ml. Errors are 
discussed below. 

From the total volume of the gas sample and the 
analysis of its sulfur content, A; , /Py was calcu- 
lated, assuming ideal behavior of both gases under 
the conditions of this experiment. 


RESULTS 


The equilibrium measurements extend over the 
temperature range 585° to 920°C, as shown in Fig. 1. 
Below 600°C, the approach to equilibrium is very 
slow (see Footnote to Table I), and because the 
equilibrium H,S/H, ratios fall below 0.004, a more 
sensitive analytical procedure is required. Above 
950°C, the PbS vapor pressure is high (e.g. Pores 
at 1200°K = 14.5 mm Hg) and sulfide vapor in con- 
tinuously transported downstream by the circulating 
gases. Unless large quantities of sulfide are used, 
the Pb/PbS equilibrium mixture is impoverished 
so rapidly that it is difficult to establish and main- 
tain equilibrium atmospheres at these high tem- 
peratures. 

Four equilibrium mixtures containing different 
ratios of Pb to PbS were used to obtain these points 
and the results from all of them agree within the 
limits of experimental error. Equilibrium was ap- 
proached from both higher and lower H,S/H, ratios 
(the arrows in Fig. 1 indicate points obtained after 
a reduction of temperature) thus satisfying an im- 
portant criterion for true equilibrium measure- 
ments. Thermal segregation was avoided by circu- 
lating the gases at over 600 cc per min. Alcock’ 
has shown (by using the isotope S*° in the gas- 
stream) that about 300 cc per min suffices in an 
apparatus of this type. 

The data fit a linear free-energy equation over 
the temperature range of the experiments. 


Pb, + H,S = PbS, + H, [1] 
AF® = ~17,060 + 8.847 cal 
(858°-1193°K) 


The errors on the lowest H,S/H, ratios are about 
+ 5 pet and temperature measurements are accurate 
to +1'/.°C. This places errors of + 1 kcal and 
+ 1 e.u. in the heat and entropy terms of the free- 
energy equation given above. The experimental 
measurements are reproduced in Table I. 


DISCUSSION 


The previously accepted free-energy equation for 
the Pb-PbS equilibrium, which was calculated by 
Richardson and Jeffes from Sudo’s results, is: 


2Pb + Sx,) = 2PbS [2] 
AF® = ~75,160 + 38.257 cal 
(600° -1387°K) 


The equilibrium data for H,S are accurately 
known.° 
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= 2H,S 


(g) 
AF® = —43,160 + 23.61T cal 


(298°-1800°K) 
If Eqs. [3] and [1] are combined: 

+ Sz, = 2PbS, [4] 

AF® = -77,280 + 41.3T cal 

(858° -1193°K) 


The errors in the heat and entropy terms are 
about + 2 kcal and + 2 e.u. Comparison with Eq.[2] 
shows that both heat terms agree within the limits 
of experimental error, but the entropy change in the 
reaction according to [4] is greater by 3 e.u., which 
is beyond the calculated limits of error. 

Specific heat data for Pb,, Pb; , PbS, and Sx 
exist up to 900°K; the heat of fusion of lead is Biso 
known. Therefore it is possible to calculate the 


Table |. Equilibrium Data for the System Pb/PbS-H2/H2S 


1/T°K 
TC x 104 Log H2S/H2 Atm 
1st Lead-Lead Sulfide Mixture (57.1 Wt Pct PbS) 
643 10.92 0.0073 ~2.137 3.92 x 102° 
641 10.94 0.0074 ~2.131 3.83 x 10°29 
666 10.65 0.0090 ~2.046 1.067 x 10° 
666 10.65 0.0096 ~2.018 1.21 x10 
690 10.38 0.0117 ~1.932 3.20 x 10° 
690 10.38 0.0125 ~1.903 3.66 x 10? 
620 11.20 0.0061 —2.215 1.48 x 10°! 
619 11.21 0.0056 —2.252 1.25 x 10°! 
718 10.09 0.0153 ~1.815 1.04 x 10° 
718 10.09 0.0150 ~1.824 9.98 x 10? 
758 9.70 0.0206 -1.686 4.40 x 10° 
757 9.70 0.0212 ~1.674 4.65 x 10° 
795 9.36 0.0275 -1.561 1.63 x 107 
795 9.36 0.0266 ~1.575 1.52 x10’ 
794 9.37 0.0270 -1.569 1.57 x10” 
851 8.90 0.042 -1.377 1.04 x 10° 
851 8.90 0.0426 ~1.371 1.074 x 10°° 
2nd Lead-Lead Sulfide Mixture 
781 9.49 0.0237 -1.625 9.25 x 108 
920 8.38 0.0664 ~1.178 7.98 x 10° 
914 8.42 0.0642 -1.192 6.82 x 10° 
3rd Lead-Lead Sulfide Mixture 
680 10.49 0.0102 -1,991 1.92 x10? 
680 10.49 0.0098 ~2.009 1.77 x10? 
618 11.22 0.0055 —2.260 1.14 x 10°!° 
618 11.22 0.0055 —2.260 1.14 x 10°?° 
4th Lead-Lead Sulfide Mixture (59.5 Wt Pct PbS) 
882 8.66 0.0506 —1.296 2.52 x 10° 
882 8.66 0.0510 ~1.293 2.55 x 10° 
840 8.99 0.0388 -1.411 7.3 x10’ 
776 9.53 0.0233 ~1.633 7.94 x 10° 
697 10.31 0.0124 ~1.907 4.18 x10? 
586* 11.65 0.0039 ~2.409 2.30 x 10°!! 
586 11.65 0.00387 -2.412 2.27 x 10°! 


*Approach to equilibrium after reducing temperature from 697°C 
took 1 week. 
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entropy change in reaction [4] at 900°K. The neces- 
sary thermodynamic data were taken {rom 
Kubaschewski’s recent compilations.* The routine 
calculations are not included in this discussion but 
the values of Sooo°x for the participants in the re- 
action are given. 


Sy. = 63.62 + 0.2 e.u. 
Pby : = 24.98 0.28 e.u. 
PbS, : = 35.94 1.2 e.u. 
2Pby, + = 2PbS, 

ASooo°K = 71.88 — (49.96 + 63.62) e.u. 


= -41.7 3 e.u. 


This value agrees with that obtained from the 
equilibrium measurements (-—41.3 + 2 e.u.) whereas 
the entropy term in [2] barely lies within the wide 
error limits quoted. 

From emf measurements between 250° and 
427°C, Wagner and Kiukkola® derived the standard 
free-energy change AF° for the reaction 


Pb (s, 1) + S (1) = PbS(s) : AF = —21,540 cal 


Using the data of Kubaschewski?® 
for H,S , and S(s, 7), Wagner then calculates 
that for the ve. a 


Pb(Z) + = PbS(s) + 


0 
AFrog°K = -10, 831 cal 


By extrapolating | the gas equilibrium data (Eq. [1]) 
jown to 427°C, AF 9 = -10,872 cal. Agreement 
between the results aot two entirely different experi- 
mental methods is excellent, and the free energy 
equation for the Pb/PbS - H,/H,.S equilibrium is 
clearly linear down to the melting point of lead 
(327°C). 

The position of the equilibrium line was checked 
directly by heating two pieces of lead in circulating 
atmospheres of H.S — H, which provided a sulfur 
pressure just below the sulfur dissociation pressure 
of PbS in equilibrium with Pb. According to Sudo’s 
data, PbS should have been the stable phase, but in 


The Crystallographic Angles of Indium 


E. A. Cisney 


Tue formula for calculating the crystallographic 
angles of a tetragonal lattice is: 


a’ 
Hh + Kk + Ll = 
where @ is the angle between planes (HKL) and (hkl). 
The angles in Table I have been calculated for indium 


E. A. CISNEY is with the Metals Physics Consultant Staff, Metal- 
lurgy Division, U. S. Naval Research Laboratory, Washington 25, D.C. 
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the two experiments performed, the lead remained 
unattacked, see Fig. 1; this is further evidence in 
favor of the new data. 


CONCLUSIONS 


The free-energy equation for the formation of 
PbS between 585° and 920°C is: 


2Pb, = 2PbS, 
AF® = —77,280 + 41.37 cal 
(858°-1200°K) 


These data are to be preferred to Sudo’s for the 
following reasons: 

1) The experimental points show less scatter, 
and therefore the limits of error are smaller. 

2) The points were obtained from four different 
equilibrium mixtures of Pb-PbS, and equilibrium 
was approached from both higher and lower tem- 
peratures. 

3) The entropy change for PbS formation at 
900°K calculated from specific heat data agrees 
with the entropy change given by the linear free- 
energy equation. 

4) The data extrapolated to lower temperatures 
is in excellent agreement with emf measurements 
by Wagner | and Kiukkola of the standard free-energy 
change AF° for the reaction 


Pb(s, 7) + = PbS(s) 
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Table |. Angles between the Crystallographic Planes of Indium 


(Correct to the Nearest Min) 


001 100 90° 
101 56° 42’ 
110 90° 
111 65° 5° 
112 47° 6’ 
211 73° 38’ 
301 77° 39’ 
113 35° 40’ 
311 78° 16’ 
100 100 0° 90° 
101 33° 19’ 90° 
110 45° 
111 50° 7’ 
112 58° 45’ 
211 30° 54’ 64° 35’ 
301 12° 22’ 90° 
113 65° 39/ 
311 21° 44’ 71° 58’ 
101 101 0° 66° 35’ 72° 27° 
110 53° 
111 39° 53/ 72° 16’ 
112 36° 14’ 86° 36’ 
211 29° 18’ 55° 46’ 59° 7° 
301 20° 57’ 45° 39 83° 15’ 
113 37° 48’ 84° 10’ 
311 27° 17/ 48° 21’ 68° 15’ 
110 110 0° 90° 
111 24° 55’ 90° 
112 42° 54/ 90° 
211 24° 28° 72° 20’ 
301 46° 18/ 
113 54° 40° 90° 
311 28° 52’ 64° 2’ 
111 111 0° 48° 19/ 79° 46° 
112 17° 58’ 67° 49/ 73° 20 
211 19° 45° 2/ 68° 48’ 
301 44° 14/ 57° 34/ 
113 29° 26’ 69° 59’ 79° 15’ 
311 28° 22° 44° 53’ 
112 112 0° 62° 24/ 85° 47’ 
211 30° 50’ 61° 38’ 65° 32’ 
301 49° 20° 68° 52/ 
113 11° 27’ 56° 26’ 82° 46’ 
311 38° 44’ 59° 48’ 62° 40/ 
211 211 0° 32° 44/ 35° 41’ 
301 ws 2 38° 55/ 61° 21’ 
113 40° 34/ 66° 3/ 72 27° 
311 se 8’ 29° 14’ 43° 11’ 
301 301 0° 24° 42’ 87° 22’ 
113 54° 48/ 76° 46/ 
311 is 2’ 30° 15’ 69° 
113 113 0° 48° 42’ 71° 19’ 
311 47° 31’ 65° 8’ 69° 48’ 
311 311 0° 23° 28’ 36° 56’ 


78° 14’ 


81° 32’ 


81° 

71° 51’ 

88° 15’ 

79° 30‘ 

= ed 50° 49’ 61° 47° 85° 26’ 


87° 1° 


75° 


84° 50/ 
43° 29/ 51° 56’ 57° 44’ 87° 38/ 


using the body-centered tetragonal cell with 
a = 3.244A and c = 4.938A.’ Fig. 1 is the standard 
(100) projection. 

A great deal of work has been reported for indium 
on the basis of a face-centered tetragonal cell 
(a = 4.588A, c = 4.938A).* In the tetragonal system 
the face - and body-centered lattices differ only by a 
45-deg rotation about the C axis. Consequently the 
indices of the face-centered lattice are easily ob- 
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tained from the following relationships: 
hr + Rp Rr = hp — kp lr = 


where subscripts F and B refer to face-centered and 
body-centered cells respectively. 
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Effect of Prestrain on the Creep-Rupture Properties 
of High-Purity Aluminum and an Al-2 Pct Mg Alloy 


Specimens of high-purity aluminum and of an Al-2 pct Mg 
alloy were prestrained in creep at high temperatures (400° and 
600°F for the aluminum and 700°F for the alloy) to strains up 
to 25 pct elongation. The creep-rupture properties of these 
specimens were then compared to those of specimens which had 
not been prestrained. The creep tests were conducted at 500°F 
and 1800 psi for the pure aluminum and at 600°F and 3400 psi 
for the alloy. It was found for these conditions of prestrain and 


N. J. Grant 
A. R. Chaudhuri 


subsequent creep-rupture tests that prestraining had an effect 
on rupture life and creep rate which was less than a factor of 
2 compared to the annealed condition, and therefore within the 


normal limits of test reproducibility. 


Tue structural changes that result when a metal is 
‘cold worked’’ lead to higher values of yield and 
tensile strength on subsequent deformation at room 
temperature. Further it has been shown that the 
beneficial effects of cold work are, to some extent, 
maintained even at elevated temperatures. The 
strength improvements from prior cold work de- 
crease as the temperature is raised and are a func- 
tion of grain size, amount of cold work, and strain 
rate (or time of test). If recrystallization occurs 
during test, the cold-worked material may even show 
weaker stress-rupture properties than the annealed 
material. 

A question that arises is whether there is a sig- 
nificant effect on the subsequent creep behavior if 
the prior deformation is performed under creep con- 
ditions at high temperatures not too different than 
the test temperature, but at significantly different 
strain rates and for various amounts of strain. An 
answer to this question was sought in the work de- 
scribed in the present paper. 


PROCEDURE 


Two materials were used in this work, high-purity 
aluminum and a solid-solution Al 2 pct Mg alloy. The 
compositions are shown in Table I. The grain size 
in the two materials was 0.2 to 0.3 mm. The defor- 
mation for both the prestraining and for the creep 
tests was at constant stress. The procedure adopted 
was to prestrain a specimen to the desired elonga- 
tion, remove the load, and cool to room temperature 
rapidly by spraying: the test bar with cold water. The 
specimen was then placed in a creep machine, held at 
the test temperature for less than 5 min, and loaded. 
Less than 15 min was required to bring the specimen 
to temperature. The creep stress was based on the 
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diameter resulting from the prior strain, and values 
of elongation at fracture listed in the tables do not 
include the respective elongations resulting from the 
prestrain. 

The choice of the stresses for the prestrain and 
for the creep tests was made so that the tests could 
be completed in relatively short times to maximize 
any effect of prestrain. The specimens had a gage 
length of 1 in., the pure aluminum specimens having 
a diameter of 0.150 in. and the alloy specimens a 
diameter of 0.125 in. For pure aluminun, prestrain 
was at 400° and 600°F with testing at 500°F; for the 
alloy, prestraining was at 700°F and testing at 
600°F. 


RESULTS 


The prestrain conditions for the aluminum and the 
alloy specimens are shown in Tables II and IV. In 
addition to showing the time required to achieve the 
desired prestrain, the expected rupture lives are 
given which would have resulted had the creep pre- 
strain been continued to fracture. The prestrained 
and the annealed specimens were then tested in creep 
to fracture; the temperature and stress for the pure 
aliminum specimens being 500° F and 1800 psi and 
for the alloy, 600° F and 3400 psi. 

The creep curves for the prestrained and the 
annealed specimens of pure aluminum showed all 
three stages of creep; hence in addition to the effect 
of prestraining on the rupture life, it was also pos- 
sible to determine the effect of prestraining on the 
minimum creep rate, and on the time and elongation 
at the end of each of the three creep stages. The 
results are shown in Fig. 1 and Table III. 


Table |. Composition of Alloys, Wt Pct 


Cu Fe Si Ca Mg 


High-purity aluminum 0.003 0.001 0.002 0.001 0.001 


Al-2 pct Mg 0.002 0.003 0.002 - 1.92 
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Table Il. Prestrain Conditions for High-Purity Aluminum 


Pre- 
Strain Estimated Rup- 
Elonga- ture Life, Pre- 
Specimen Stress, Temper- tion, Time, strain Condi- 
No. Psi ature, °F Pct Min tions, Hr 
20 1500 400 25 52 400 
22 1500 400 5.5 542 400 
23 1500 400 6.7 680 400 
19 2000 400 23 4 100 
18 2000 400 4.6 18 100 
16 2000 400 tk 123 100 
10 700 600 3.5 11.5 50 
11 700 600 5.4 38 50 
27 700 600 8.2 133 50 
13 900 600 2.4 2 18 
12 900 600 5.4 16 18 
8 900 600 8.3 46 18 
30 not prestrained 
35 not prestrained 


The specimens of the Al 2 pct Mg alloy, both the 
annealed and the prestrained, exhibited an accele- 
rating rate of creep from the time of loading, hence 
the effect of prestraining could be assessed only on 


the rupture life and the elongation at fracture. 
These values are shown in Table IV. The effect of 
increasing amounts of prestrain on the rupture life 
in subsequent creep is shown in Fig. 2. 


DISCUSSION 


In order to determine the effect of a prestrain on 
the subsequent creep behavior, it is first necessary 
to know the reproducibility of creep data that can be 
expected. Published information on this subject is 
scant, especially for such pure metals, and it is very 
likely that the reproducibility will be markedly in- 
fluenced by the type of alloy, grain size, conditions 
of testing, and so forth. Guard and Prater’ suggest 
that rupture life is reproducible only to a factor of 
about 2, whereas more extensive data on many dif- 
ferent metals and alloy systems” show even poorer 
reproducibility. Previous rupture life data for the 
Al-2 pet Mg alloy at 600°F showed that for a stress 
of 3400 psi a rupture life of about 10 hr was to be 


expected. The values obtained for seven tests, see 
Table IV, were between 8.7, and 12.9 hr, somewhat 
better than a factor of 2. However, it is felt that a 
factor of no less than 2 as the value for reproduci- 


Prestrain 
Stress, psi Temp, °F 
1500 400 
2000 400 
A 700 600 
V 900 600 
@ No Prestrain 
A V A 
Fig. 1—Effect of prestrain on creep-rup- O Oo Oo O 
ture properties of pure aluminum at = 
500°F and 1800 psi. = AV O Own 
a O 
A A 
O av a 
lO 15 0.05 0.10 
Rupture Life (hrs) MCR (hr-!) 
Table Ill. Results of Creep-Rupture Tests on Prestrained Pure Aluminum. Tests Conducted at 500°F and 1800 Psi 
End of First Stage End of Second Stage 
Specimen Rupture Elong, 
No. Elong, Pct Time, Min Elong, Pct Time, Min MCR, Hr! Life, Hr Pct 
20 12.0 45 49.5 450 0.053 9.9 79 
22 11.0 75 47.5 565 0.045 14.1 96 
23 10.0 50 55.0 455 0.054 10.4 87 
19 12.0 60 54.5 550 0.052 11.3 81 
18 12.0 50 55.0 475 0.060 9.8 79 
16 13.7 125 48.0 670 0.037 13.9 77 
10 7.5 75 47.5 375 0.057 9.2 87 
11 22.0 150 59.0 500 0.053 11.8 99 
27 i775 90 55.0 470 0.067 8.0 69 
13 15.0 80 55.0 530 0.051 11.8 95 
12 75 90 55.0 470 0.055 12.1 104 
8 10.0 75 55.0 665 0.043 15.8 102 
30 18.5 25 45.0 200 0.099 a 88 
35 13.0 15 57.0 290 0.094 8.0 105 
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Table IV. Test Results on the Al-2 Pct Mg Alloys 


Stress-Rupture Tests at 


Prestrain at 700°F 600°F, 3400 Psi 

Specimen Estimated Elong, 
No. Stress, Psi Elong, Pct Time, Min Rupture Life, Hr Life, Hr Pct 
32A 840 1.9 108 100 12,7 161 
30A 840 3.7 194 100 10.6 112 
303 840 4.1 186 100 12.0 142 
34A 840 §.7 294 100 11.4 128 
45 840 8.0 351 100 12.0 135 
29B 840 8.2 378 100 11.8 118 
26A 840 10.0 452 100 9.4 109 
33A 840 12.6 617 100 8.7 94 
31A 840 18.0 915 100 9.0 86 
28B 840 25.5 1285 100 10.0 115 
39A 3160 2.8 2 1 11.7 123 
46 3160 ai 1.5 1 13.2 160 
37A 3160 5.9 3 1 10.1 119 
47 3160 6.4 3.2 1 10.7 116 
36A 3160 9.1 aS 1 11.9 141 
35A 3160 15.1 9.5 1 11.1 119 
48 3160 14.5 1 8.3 114 
5 not prestrained 9.8 135 
40 not prestrained 12.9 160 
41 not prestrained 8.7 114 
44 not prestrained 10.4 141 
49 not prestrained 10.4 152 
50 not prestrained 10.7 160 
51 not prestrained 10.1 135 


bility might generally be more realistic. 

The rupture lives of all of the prestrained Al-2 
pct Mg specimens, with the exception of one (speci- 
men 48, rupture life 8.3 hr), were within the limits 
of the values obtained for the annealed specimens. 
It would therefore be justifiable to conclude that the 
structural changes that occur on prestraining this 


25 A 
Prestrain at 7OO0°F 
O 840 psi 
A 3160 psi 
O 
A 
¢ 
a 
A 
® 
A A oO 
5 
AA 
Oo 
0 o—eege € 
5 10 15 


Rupture Life (hrs) 


Fig. 2—Effect of prestrain on creep-rupture properties of 
Al-2 pct Mg at 600°F and 3400 psi. 
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alloy do not affect significantly the subsequent 
creep-rupture behavior, provided that the conditions 
for both the prestraining and the creep testing are 
as given above. It will be noted that the total elonga- 
tions of the prestrained alloy specimens at fracture 
are not appreciably different from those of the 
annealed specimens, Table IV. 

The stress-rupture plot for this high-purity 
aluminum ® showed that a life of 7.6 hr was expected 
at 500°F and 1800 psi. If the results on the high- 
purity aluminum, Fig. 1, are assessed on the basis 
of the reproducibility obtained from the Al-2 pct Mg 
alloy, it will be seen that nearly all of the pre- 
strained specimens had rupture lives greater than 
those for the annealed specimens. However, the in- 
crease of life that is obtained after prestraining is 
quite small, and with one exception (specimen 8, 
rupture life 15.8 hr) is within the reproducibility 
limit of the factor of 2 compared to pure aluminum. 
Furthermore, there is no trend with prestrain tem- 
perature of amount of prior deformation. The change 
in the minimum creep rate that arises as a result of 
the prestraining also falls within the reproducibility 
factor of 2 and does not show an effect of the pre- 
strain temperature or amount of strain. Whatever 
effect of prestrain there is on the creep curve ap- 
peared to manifest itself more in the early stages 
of creep, but showed a smaller, inconclusive effect 
on the minimum creep rate, see Table III. 

A relatively high temperature of working results 
only in a very small amount of energy being stored 
in pure aluminum or a solid-solution alloy. The 
magnitude of the energy stored during deformation 
would be a measure of the subsequent creep proper- 
ties. The structural changes that occurred during 
hot prestraining consisted primarily in the forma- 
tion of subgrains, see Fig. 3(b), and migrated or 
serrated grain boundaries, see Figs. 3(c) and 4. The 
strongly serrated boundaries are associated with 
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(a)—Annealed structure. (The pitting in 


the grains was formed during the spec-__ strain at 700°F and 840 psi in 21.53 hr. 


imen preparation.) 


(6)—Specimen 28A after 25.1 pct prior (c)—Specimen 36B after 9.9 pct prior 


strain at 700°F and 3160 psi in 0.097 
hr. 


Fig. 3—Al-2 pct Mg specimens. X50. Reduced approximately 38 pct for reproduction. 


the high strain-rate tests. The energy stored would 
then be largely in the form of the surface energy of 
the subgrain and grain boundaries. 

An approximate idea of the subgrain size resulting 
from the prestraining can be obtained from Servi and 
Grant’s data on the subgrain size in deformed alumi- 
num as a function of the creep stress.* From this 
work subgrain sizes in the range 0.02 to 0.07 mm 
(corresponding to stresses of 3160 to 700 psi, re- 
spectively) would be expected to be present after 
prestraining. It is apparent from this and from Figs. 
3(b) and 4 that the subgrain sizes corresponding to the 
respective creep tests lie within the range of sizes 
formed on prestraining. Ample previous work has 
demonstrated that for both pure aluminum and the 
alloy, tested at the relatively high temperatures of 
500° and 600°F, the subgrain and the grain bound- 
aries have a high degree of mobility during creep. 
This being the case, the structures formed on pre- 
straining can change during the creep test so as to 
become essentially similar to the structures pro- 
duced in the annealed specimen. The readjustment 
of the prestrained structure, whether in terms of 
the subgrain size or the irregularity of the bound- 
aries, takes place readily and must be essentially 
complete early in the creep test in these materials. 

In the light of these data it is necessary to con- 
sider the results of a comparable test made by 
Wilms.° An aluminum specimen (of slightly lower 
purity than used in the present work) was prestrained 
6.7 pct at 250°C (482°F) at 700 psi, and was com- 
pared in its creep behavior to an annealed specimen, 
the creep conditions being 350°C (662°F) and 250 psi. 
The rupture lives of the annealed and the prestrained 
specimens were, respectively, 150 and 240 hr. Based 
on reproducibility considerations, the value for the 
prestrained specimens 1s well within the factor of 2 
limit of reproducibility thought to be valid in creep 
experiments, and does not constitute strengthening 
due to prior hot deformation. 

Progressively, as either the prestrain tempera- 
ture or the subsequent test temperature is lowered, 
the benefits of prior strain are known and expected 
to become more significant.° For strength improve- 
ments, the deformation temperature for these metals 
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should be less than 500°F, and more nearly 400°F, 
since it has been indicated that grain boundary slid- 
ing and migration become small at 400°F’ or lower. 

The generalization that is to be made regarding 
the.effects of prestraining on subsequent creep-rup- 
ture behavior is that prestrain does not invariably 
result in improving the creep-rupture properties, as 
has been implied.*® Instead, one would expect that 
prior deformation would affect creep behavior in 
proportion to the amount of energy stored in the pre- 
strained specimens at the start of creep, to the 
difference between the structure (for example, wavi- 
ness or serration of grain boundaries or subgrain 
size) of the prestrained specimen and the structure 
of the annealed specimen achieved during creep, and 
to restrictions on the rate of adjustment of the sub- 
grain structure. 
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Fig. 4— Al-2 pct 
Mg specimen no. 
11. Ruptured at 
700°F and 3160 psi 
in 0.98 hr. (Note 
that this specimen 
was not pre- 
strained.) X50. 
Reduced approxi- 
mately 19 pct for 
reproduction. 
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